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ABSTRACT

Aluminum (Al) possesses a plenitude of remarkable properties, such as strong corrosion
resistance, high thermal and electrical conductivity, and high specific strength. However, Al and
its alloys are still remarkably weaker than most high strength steels and susceptible to drastic
softening at high temperatures, preventing many applications where its low density would be
beneficial. Severe plastic deformation can yield ultra-fine grained Al alloys with similar strengths
as steels, although they are highly unstable even at room temperature. Nanotwinned (NT) metals
have demonstrated concomitant strength and ductility, enabled by twin boundaries which
simultaneously act to inhibit dislocation motion and generate partial dislocations that aid in
plasticity. In spite of having a high stacking fault energy, nanotwins have been introduced into Al
alloys using transition metal solutes during magnetron sputtering. This thesis aims to explore the
impact Zr has on the microstructure, deformation, and thermal stability of nanotwins in NT Al.

Our studies identify how Zirconium (Zr) aids in the formation of a significant volume
fraction of 9R phase and an abundance of finely spaced incoherent twin boundaries, leading to a
maximum hardness of 4.2GPa. They further uncover through in-situ micropillar compression that
NT Al-Zr alloys are highly deformable and reach a flow stress of ~1.1GPa. Constant strain rate
nanoindentation tests demonstrate the enhanced strain rate sensitivity in NT Al-Zr alloys. Zr is
also identified to be a remarkable thermal stabilizer when incorporated into NT Al-Co alloys, with
no apparent softening up to 450 °C (0.78 Tm). The influence of substrate texture on nanotwinned

Al-Zr alloys microstructure was also thoroughly explored.
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1. INTRODUCTION

1.1 Historical perspective of metallic materials and Aluminum alloys

Time periods throughout human history are often delineated by specific technological
innovations in materials processing. Humanity’s progression out of the Stone Age manifested
significant agricultural, engineering, and economic evolutions that forever altered society [1-3].
The smelting of copper (Cu) ores initiated the Bronze Age and led to the production of copper
alloyed with arsenic and tin, typically referred to as bronze, and can be traced back to the Iranian
plateau in the 5" millennium BC [2]. The Bronze Age saw the forging of bronze coins that shifted
economic transactions from bartering goods to exchanging these same goods for valuable coins
[4]. Progressing into the 1% millennium BC saw a transition into the Iron Age as more complex
furnaces enabled the combination of iron (Fe) ore with charcoal to produce Fe and steel. These
steel tools quickly replaced bronze due to their remarkable strength and toughness [5,6]. Further
furnace developments in the 18" and 19" centuries led to the explosion of the steel industry and
ultimately the recent industrial revolutions that have shaped our modern age [7]. Interestingly,
these early historical periods were dominated by discoveries related to metallurgy that became
associated with massive societal development.

The ability to extract the most abundant metallic element from earth’s crust (Aluminum, Al)
was not possible until thousands of years after the first bronze tools were forged, which led to
initial considerations of Al being a precious metal [7]. The invention of the Bayer and Hall-Héroult
Processes in the 1880’s facilitated the production of Al alloys on an industrial scale. The Bayer
process reacts bauxite ore (Al.03) with sodium hydroxide (NaOH) to produce sodium aluminate
(NaAlOz), which is then slowly cooled to produce aluminum hydroxide Al(OH)z [8]. The final
step takes the produced Al(OH)s, which is calcined at elevated temperatures to produce refined
alumina (Al2O3). The reactions driving the Bayer process are given as Equations 1-1 and 1-2 as
follows:

Al,0; + 2NaOH - 2NaAlO, + H,0 (160 — 170 °C) (1-1)
NaAlO, + 2H,0 — Al(OH); + NaOH (1-2)
The Hall-Héroult process utilizes molten cryolite (NazAlFs) to dissolve the resulting Al2Os,

lowering its melting point enabling electrolysis that extracts pure Al. Aluminum fluoride (AIFs3) is
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typically added to the electrolyte to further lower its melting point [9]. Coke provides a carbon
source that reduces the molten Al>Os into Al. Figure 1-1(a) shows a schematic depicting the Hall-
Héroult electrolytic cell setup implemented to produce Al [7]. The molten Al sinks to the bottom
of the steel shell due to its higher density than the electrolyte bath. Further refinement steps remove
excess impurities, such as oxides, and subsequent processing is then conducted to produce various
Al alloys. The basic reaction governing the Hall-Héroult process is provided below:

241,05 +3C - 2Al+ 3CO0, (1-3)

(@) (b)

[L l/ - U.S. Production of =0
=t ——=-3—Electric current ALUMINUM
|

_~— Carbon anode
I'rozen crust
of electrolyte
and alumina

- Steel shell

Production in Short Tons

—Cryolite bath

Molten alimimum

Figure 1-1. (a) Schematic illustrating the electrolytic cell used in the Hall-Héroult process to reduce bauxite ore into
pure Aluminum. (b) Progression of Aluminum production in short tons over the course of the 1900’s . [7]

The 20" century witnessed the explosion of the automobile and aerospace industries that
both hinged on the ability to produce Al alloys on the industrial scale enabled by the Hall-Héroult
process. Figure 1-1(b) captures this massive shift in Al production over the course of the 20™
century [7]. The light weight and corrosion resistance of Al alloys provided significant benefits
that were constantly employed in automobiles and aircraft as well as in storage applications, such
as the Al can [10-12]. Additionally, Al alloys possess high electrical and thermal conductivities,
making them attractive for power transmission lines and heat sinks in electronics, respectively.
The fabrication of Al alloys also benefits from the recyclability of the material, with remelted Al

retaining its original properties [13].

Al alloys can be grouped together into different 4 digit classifications based on processing

conditions and chemistry. The refined Al output from the Hall-Héroult process is remelt and cast
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with various alloying additions to meet the industrial specifications. In wrought Al alloys, the first
digit signifies the alloy group and the second modifies the original chemistry. The last two digits
identify the alloy or the Al purity. In cast alloys, the final digit clarifies the cast form, typically
either casting or ingot. The resulting alloys are organized further based on their subsequent
processing. Heat treatments and tempers are further designated using a hyphen to indicate the
necessary processing steps to reach the desired properties, and Table 1 details the various
chemistry classifications and indicate the primary alloying element in each class [7]. Table 2
provides an overview of Al alloy temper and heat treatments [7].

Table 1-1. Various Al alloy classifications indicating the primary alloying elements for both wrought and cast Al
alloys

Wrought Al alloy groups Cast Al alloy groups
1XXX | Min. 99.00% Al 1XX.X | min. 99% Al
Grouped by major alloying elements

2XXX Copper 2XX.X Copper

3XXX Manganese 3XX.X Silicon with Copper or
Magnesium

4XXX Silicon 4XX.X Silicon

5XXX Magnesium 5XX.X Magnesium

BXXX Magnesium and Silicon TXX.X Zinc

TXXX Zinc 8XX.X Tin

8XXX Other elements OXX.X Other elements
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Table 1-2. List of temper and hardening designations for Al alloys

Basic Temper Designations

F As fabricated

) Annealed and recrystallized

H Strain hardened

T Heat treated

Strain Hardened Subdivision (second digit indicates degree of strain hardening)
H1x Strain hardened only

H2x Strain hardened and partially annealed

H3x Strain hardened and stabilized

Heat Treated Subdivisions

w Solution treated

T Age hardened

Tl Cooled from fabrication temperature and naturally aged

T2 Cooled from fabrication temperature, cold worked and naturally aged
T3 Solution treated, cold worked and naturally aged

T4 Solution treated and naturally aged

T5 Cooled from fabrication temperature and artificially aged

T6 Solution treated and artificially aged

T7 Solution treated and stabilized by over-aging

T8 Solution treated, cold worked and artificially aged

T9 Solution treated, artificially aged and cold worked

T10 Cooled from fabrication temperature, cold worked and artificially aged

One persistent issue with casting and welding Al alloys is hot cracking. This phenomenon
is driven by solidification shrinkage and a narrow freezing range often leads large degrees of

chemical segregation and ultimately cracking that undermine the integrity of the alloy. This issue

can be either

showing microstructures of alloys that typically experience hot cracking [14]. Figure 2(b) contains

amicrograph of brittle intermetallic formation in Al-Fe alloys that severely degrades the toughness

and strengths

susceptible to hot cracking and immune to hot cracking, respectively [16,17]. Hot cracks, or

solidification

manufacturing ushers in a new era of metallurgy. Developing high strength, crack free Al alloys

mitigated or exacerbated through alloying element selecting, with Figure 2(a)

of the alloy [15]. Figures 2(c) and 2(d) contain phase diagrams for Al alloys

cracks, are highly relevant to the future of Al alloy fabrication as additive

is a vital goal for the future of additive manufacturing.
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Figure 1-2. (a) Hot cracking in an Al-7075 alloy processed using laser powder bed fusion (b) Intermetallics identified
in as-cast Al-Fe alloys (c) Phase diagram for Al-Mg alloys that have a narrow freezing range and are less suseptible

to hot cracking(d) Phase diagram for Al-Zn alloys that have a large freezing range and are prone to hot cracking. [14—
17]

The attractiveness of Al alloys due to their low density is often hindered due to their lower
strengths compared with steel and titanium counterparts. Extensive efforts have been undertaken
over the past century to further enhance the strength of Al alloys, however pushing the boundaries
of alloy strength is often detrimental to ductility which limits its toughness and processability.
Developing alloys that simultaneously boost strength and maintain ductility are highly sought after,
identified as pushing into the upper right quadrant of the classical “banana curve” used to describe
the strength ductility tradeoff. An example of this curve can be found in Figure 1 of [18] and this
phenomenon is discussed at length in this thesis.
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1.2 Strengthening mechanisms of metallic materials

The industrial revolutions of the 19" and 20" centuries provided a plethora of opportunities
for materials to be at the forefront of technological and scientific advances. With the development
of the steel and Al alloy industries came the need to understand where they derived their impressive
strengths and properties. The flow strength of crystalline materials is increased through the
restriction of dislocation motion. Providing obstacles to moving dislocations necessitates a higher
stress to continue plastic flow, thereby increasing the strength of a material. This section provides
a brief review of the major strengthening mechanisms governing deformation in metal systems

and provides background for the analysis performed in this thesis.

1.2.1 Strain hardening

Dislocations (distinct line defects within crystals) can serve as barriers to other dislocation
motion as their surrounding stress fields interact. Continuous plastic deformation of metallic
materials increases the dislocation density (pdis) providing more obstacles to a moving dislocation
[19,20]. This dislocation multiplication process induces “strain hardening” and the plot in Figure
1-3(a) depicts the 3 stages of strain hardening, which will be described here [21,22]. First, a crystal
begins with a low pgdis and very few slip systems operating, leading to the plateau in Stage I, which
ends with the activation of more slip systems. This is referred to as “easy glide” as dislocations are
able to freely traverse the crystal. Stage Il is characterized by “linear hardening” and a rapid
increase in pdis leads to a jump in critically resolved shear stress (tcrss). This pdis change is depicted
in Figures 1-3(b-e) in experiments from single crystal Cu [23,24]. Ultimately, Stage 11, which is
referred to as “dynamic recovery”, is initiated due to extensive dislocation climb leading to
dislocation annihilation and recovery. Stage Ill is highly dependent on loading rate and
temperature, as well as the materials stacking fault energy (SFE). The mechanisms governing these
stages all interact simultaneously, however different mechanisms are more dominant

corresponding to different stages (i.e., athermal hardening, dynamic recovery).
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Figure 1-3. (a) This plot depicts the evolution of critically resolved shear stress (tcrss) With strain (y) when loading a
single crystal with the 3 stages of work hardening labeled. (b-e) show evolving Cu single crystals deformed at various
stress levels, (b) 1.1 MPa, (c) 14 MPa, (d) 28 MPa and (e) 69 MPa. [21,23,24]

The origins of work hardening have long been debated and the dislocation mechanisms
governing the phenomenon have slowly been uncovered since the 1950°s [19,20,25]. The details
of these interactions will not be discussed at length here and are reviewed in [22]. Essentially, the
intersection of dislocations produces pinned immobile segments. These pinned regions produce
Frank-Read sources that lead to dislocation multiplication. Figure 1-4 shows the results from
molecular dynamics (MD) simulations and microscopy experiments of dislocation interactions in
Molybdenum (Mo) revealing dislocation interaction and multiplication [25]. These types of
multiplication reactions drive stage Il of strain hardening and lead to microstructures shown in
Figures 1-3(b-e). The accumulation of dislocations increases the stress barrier for dislocation
motion requiring a larger stress to continue plastic deformation, and the relationship between
dislocation density and flow stress can be described by:

T = aub@ (1-4),
where t is the flow stress, p is the shear modulus and b is the burgers vector [22]. The strain
hardening exponent (n) is a parameter that describes the ability of a material to accumulate
dislocations. A larger n indicates more rapid strain hardening. It has been identified that a metal’s
strain hardening response is dependent on intrinsic factors such as the grain size (d) [26-28], SFE
[22,29], and texture [30-32], as well as extrinsic properties like the loading conditions [33],
temperature [34-36], and strain rate [37,38]. Ultimately, theories that describe strain hardening

provide significant insight into the stress strain curve.
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Figure 1-4. (a) Results from molecular dynamics (MD) simulations in a Molybdenum (Mo) single crystal showing a
multi-junction forming from the interaction between dislocations (b-d) Transmission electron microscopy (TEM)
micrographs of deformed Mo single crystals confirming similar multi-junctions found in MD. [25]

Strain hardening is highly relevant to a multitude of machining and forming processes related
to metallic materials. Commonly referred to as “cold working”, a metal workpiece is plastically
deformed with the goal of permanently changing the shape of the alloy. Permanent shape changes
through various forming processes (cold rolling, drawing, forging etc.) lead to a corresponding
increase in pgis, and coupled with corresponding heat treatments, the final properties can be highly
tuned. Additionally, combining high temperatures with forming processes such as rolling allow
for significant thickness reduction to metal sheets while accelerating stage Il recovery
mechanisms. “Hot working” is frequently used to change the shape of a metal workpiece without
the adverse strengthening effects of strain hardening. In contrast to these processes, undesirable
work hardening can occur during machining process that leads to cracking and brittle failure of a

component.
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1.2.2 Hall-Petch strengthening

Planar defects within crystals (grain boundaries) also obstruct dislocation motion and their
spacing directly impacts a materials strength. The 1950s provided the first documentation by both
E.O. Hall [39] and N.J. Petch [40] of the inverse square root relationship between low carbon steels
yield strength (oy) and its grain size (d), and has properly been named the Hall-Petch relation:

oy = 0y + k,d /2 (1-5),
where g, is the friction stress and the Hall-Petch coefficient is given by k,. The degree of
strengthening imparted by restricting grain size is described by ky, which describes the
effectiveness of strengthening by grain boundaries. Grain boundaries disrupt slip plane continuity
due to crystallographic misorientation, which impedes a gliding dislocations motion and requires
a significantly high stress for dislocation transmission and continued deformation. Figure 1-5
illustrates the Hall-Petch strength dependence on grain size for multiple crystal structures [41].
These plots (and the review by Cordero et al. [41]) expand upon the initial findings for low carbon
steel by Hall and Petch, and identify the exact same inverse square root dependence across a range
of systems and crystal structures. This universal applicability makes tailoring grain size a popular

choice for controlling a materials strength.
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Figure 1-5. Plots of yield strength vs grain size identifying the classical Hall-Petch relationship for BCC (a) Ta and
(d) V, FCC (b) Ni and (e) Al, and HCP (c) Ti and (f) Mg. [41]
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The mechanisms governing Hall-Petch strengthening have been developed over the past
half century and are briefly discussed here [21,41]. Microscopic slip begins the deformation
process as certain favorably oriented grains yield and facilitate dislocation motion. Ultimately,
multiple dislocations “pileup” against a grain boundary separating the favorably oriented grain
from a non-yielded grain. This dislocation pileup produces macroscopic yielding by either (1)
transmitting dislocations across the grain boundary into the adjacent grain, or by (2) generating a
stress concentration significant enough to initiate yielding in adjacent grains. The physics
governing the stress concentration at the head of the pileup dictate that stress concentrations
produced from pileups is larger with a larger d, which indicates lower applied stresses are needed
to plastically deform a material with large d. Debate between mechanism (1) and (2) has been
extensive as the theory of dislocation pileups fits the results from experiments, however, there
have been few instances of dislocation pileup being identified [41]. Additionally, the pileup model
is insufficient in describing the influence of different types of boundaries, discussed more at length
in the following subsection. The Li model expands upon (1) and proposes Hall-Petch strengthening
is governed by dislocation emission from grain boundaries. Unfortunately, there is also limited
evidence supporting this theory as well. Ashby provided an additional model based on
geometrically necessary dislocations (GNDs) and many subsequent models have been based on
his idea. Basically, deformation initiates similar to the pileup model in isolated, favorably oriented
grains, however neighboring grains with different crystal orientations become geometrically
incompatible. To reconcile this, GNDs are generated to accommodate plastic strain and reconcile
the geometric incompatibility. Ashby arrived at the original inverse square root relationship by
relating boundary hardening through Taylor hardening induced by these GNDs. The review
conducted by Cordero et al. succinctly discusses the debate between these models and relates the
scatter in data seen in Figure 1-5 back to other strengthening mechanism unaccounted for in the
Hall-Petch model [41]. Figure 1-6 presents microstructure and corresponding Hall-Petch plot for
pure Cu [42].
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Figure 1-6. (a-b) SEM micrographs revealing microstructure of Pure Cu specimens after different annealing
treatments (c) Hall-Petch plot revealing the dependence of yield strengths on grain size (d) for pure Cu from (a-b) and
a Cu-7Ag alloy [42]

Continued grain refinement into the nanoscale in theory should continue to restrict
dislocation motion and produce materials pushing the strengthening limits, however recent studies
have found a critical grain size upon which softening actually begins. This phenomenon has been
termed the “Inverse Hall Petch” effect and has been theorized to correspond with the activation of
grain boundary mediated deformation mechanisms [43-45]. Chokshi et al. were the first to identify

this phenomenon in 1989 and their results are presented in Figure 1-7 [43].
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Figure 1-7. Results from Chokshi et al. revealing (a) conventional Hall-Petch relationship in coarse grained Cu and
(b) an inverse Hall-Petch relationship in nanocrystalline Cu and Pd [43]
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These diffusion-based mechanisms are activated since d is physically too small to
accommodate dislocation activity. Additionally, a significant fraction of a materials atoms are
residing within grain boundaries, leading to an alteration in strengthening mechanisms. Coble
creep was activated in the now large volume fraction of amorphous grain boundaries and required
a lower stress to become active than dislocation transmission from grain boundaries. Mohamed et.
al provided an example model where dislocation-accommodated boundary sliding was used to
carry plasticity in nanocrystalline metals and established this based on the activation energy and
volumes as well as the sliding rate [46]. This work also was able to predict the critical grain size
for Ni and Cu to be 13 and 25nm, respectively. There is still significant debate on the topic of this
deviation from the linear Hall-Petch trend, and continued work must be done through experiments

and simulations to fully understand the phenomenon [43-45,47-52].

1.2.3 Grain boundary engineering

Section 1.2.2 demonstrates the efficacy of introducing more grain boundaries as a strategy to
impart high strengths into materials. The inherent structure and character of the boundaries
themselves also impacts mechanical response and mechanical and thermal stability. Being able to
tailor different misorientation angles is referred to as “grain boundary engineering” (GBE) and has
been a hot topic of research since the 1980s [53]. This strategy hinges on the concept of introducing
a larger volume fraction of coincident site lattice (CSL) boundaries within the material [53-56].
As a result, grain boundaries would have fewer locations where embrittlement, cracking or
undesirable segregation could degrade the mechanical properties of a material. These boundaries
are characterized by having specific degrees of misorientation leading to a corresponding fraction
of lattice sites “coinciding” at the same location. These boundaries also possess different levels of
inherent grain boundary energy, leading to certain CSL boundaries being more stable and resistant
to deformation than others. Figure 1-8(a) plots the relationship between misorientation angle and

boundary energy [54].
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Figure 1-8. (a) Relative interfacial energy as a function of misorientation angle with corresponding CSL X value
labeled for reference. (b) Evolution of Ni boundary energy vs Al boundary energy showing a similar linear trend and

energy progression for similar types of boundaires. [54,55]

The most widely studied of these types of boundaries is the £3 twin boundary, which will
be discussed at length in Section 1-5. Figure 1-8(b) depicts the energy level of various types of
CSL boundaries in Ni and Al, with the lowest being the coherent twin boundary as well as other
>3 type boundaries [55]. Typically, these types of CSL boundaries are introduced into materials
through thermomechanical treatments, however the relevance to this thesis is the synthesis of

highly twinned Al alloys via one step (magnetron sputtering).

‘soeyns uadQ

Figure 1-9. (a) Grain boundary complexions simulated for grain boundaries in Cu. (b) Thick grain boundaries
generated in annealed Ni-Mo alloys. (c) Stacking fault (SF) induced plasticity from Co-rich grain boundaries

i

surrounding a brittle CoAl core. [57-60]
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In addition to controlling the character of specific boundaries within materials, the internal
structure of grain boundaries can also be tailored. Grain boundary complexions are an example of
this, and one instance is shown in Figure 1-9(a) in Cu using MD [57]. Complexions are typically
seen as an intermediate step on the transformation into different CSL boundaries and is highly
relevant to their development after high levels of plastic deformation. Additionally, examples of
unique “thick” grain boundaries that impart high strength and thermal stability into Ni-Mo alloys
are presented in Figure 1-9(b) [58,59]. Intermetallic compounds also can benefit from a unique
“core-shell” structure where crystalline Co-rich grain boundaries surround brittle CoAl

intermetallics, imparting significant strength and plasticity [60].

1.2.4 Solid solution strengthening

Solute elements can be added into a pure metal to produce various alloys, such as adding
carbon (C) into Fe to produce steel, or many of the examples of Al alloys from Table 1-1 [7].
Before casting these alloys, minor solute additions (often only a fraction of a percent) are added
into the melt to impart various properties, including higher strength via solid solution strengthening
or to promote precipitate formation (discussed in the following sub-section). A wide range of
alloys are used across many industries, including steels, Al alloys, Ni-based super alloys, Ti alloys
and Zircaloy, and understanding the interactions between solute additions and resulting properties
is crucial to their implementation, and to the work in this thesis. It is understood solute atoms
interact with mobile dislocations through multiple factors: elastic interactions, chemical
interactions and electronic interactions [21]. These factors all contribute to interactions with the
long range stress fields of dislocations gliding along slip planes and act as obstacles to their motion.

First, the elastic interactions encompass the size difference between the added solute atom and
the solvent lattice atom, and the differences in modulus between the solute and the solvent [61].
When a solute atom resides on a lattice site, it is termed a substitutional point defect and generates
spherical distortions to the surrounding lattice due to the size difference. Additionally, point
defects residing at interstitial sites (between lattice sites) generate shear components to the strain
filed surrounding the lattice site. The corresponding stress fields of edge dislocations (hydrostatic)
and screw dislocations (shear) interact heavily with substitutional and interstitial solute atoms,
respectively. Modulus mismatch also factors into the elastic contributions to solid solution

strengthening [21,61]. As a dislocation’s line energy is dependent on the materials modulus,
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adding solute with different moduli either “attracts” or “repels” dislocations. Solute atoms with
lower moduli inherently have lower energy and the dislocation prefers to reside at these sites,
leading to an “attraction”. In contrast, a larger modulus “repels” the dislocation because of the
unfavorable energetic conditions. Ironically, a “softer” solute atom actually strengthens a crystal
more than a “hard” one [21]. For most metallic alloys, these elastic contributions dominate solid
solution strengthening. This elastic contribution has become significantly more relevant as the
development of high entropy alloys has produced multi-principal elements and significant levels
of lattice distortion due to size mismatch [62—68]. Figure 1-10 highlights this phenomenon in
refractory high entropy alloys (HEAS) and presents an extreme case of solid solution strengthening

being enhanced with larger lattice strains [69].
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Figure 1-10. (a) STEM image of MoTaTi medium entropy BCC alloy. (b-d) EDS maps revealing majority solid
solution within the MoTaTi alloy. (€) STEM image of MoTaW medium entropy BCC alloy. (f-h) EDS maps revealing
majority solid solution within the MoTaW alloy. (i-I) Hardness evolution as a function of strain measured using (i,k)

Rietveld analysis and (j-1) the Williamson-Hall method. [69]
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Additionally, albeit less significantly, the chemical and electronic interactions contribute
to solid solution strengthening. Chemical interactions between solute atoms hinge on the impact
solute has on the local SFE surrounding a dislocation [21]. The core width of a dislocation directly
influences its mobility, ability to cross slip and its propensity for being obstructed by obstacles.
Dislocations in close packed metals (such as FCC) typically have wider cores than metals
composed of BCC microstructures. The core width is inversely proportional to the SFE, and wider
cores have more limited cross slip and easier glide along slip planes as a result. The electronic
contributions are extremely minor in metallic alloys but play a larger role in ionic crystalline solids.
Basically, this effect is related to the valence differences caused by how solute atoms locally alter
the electronic charge distribution.

Multiple models have attempted to fully capture the impact of solid solution strengthening,
and the two most famous models are the Fleischer [70—73] and Labusch [74] models. The former
builds upon the aforementioned ideas of elastic interactions to predict tcrss. Fleischer described
the increment to tcrss using:

At=a-G-e3? /2 (1-6),
where a is a factor dependent on material, G is the shear modulus and c is the solute concentration.

&s IS the interaction factor that relates the change in lattice parameter with G, and is given by:

1dG
Gdc 1 da

1+%_|1dG —3—— (1'7)-

a dc

& =
Gdc

Here, a represents the lattice parameter. In this thesis, an a of 0.0235 was used based on
experimental data for nanocrystalline Ni-W. The Fleischer model has its limitations (neglecting
chemical and electronic contributions); however, it is highly reliable for predicting the solid
solution strengthening of many alloys. Additionally, the Labusch model is similar to the
Fleischer model in predicting the increment in tcrss by incorporating solute atoms and focusing

on the elastic interactions, although it more reliably accounts for different types of obstacles:

= B2 4 15

G dc aay

Ar=p-G-[( SN (18)
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Figure 1-11. (a) Lattice constant evolution as a function of solute concentration for various binary Al alloys. (b)
Effective atomic radius change of Al-X binary alloys organized by period. (c) Generalized planar fault energy (GPFE)
curve detailing the energy change corresponding to various solute additions to pure Al. Shifting the curve up provides
a larger energy barrier to dislocation motion. [75-77]

Solid solution strengthening is a crucial factor of producing multiple Al alloys. Figure 1-
11(a-b) are plots detailing the evolution of the lattice parameter and atomic radius in Al depending
on added solute [75]. More recent efforts have focused on various simulation techniques to provide
a more detailed description of solid solution strengthening. Figure 1-11(c) provides an example of
a generalized planar fault energy curve [61,76-78] (GPFE) for various binary Al-X alloys [77].
Ultimately, this provides deeper insight into the elastic, chemical and electronic contributions to

solid solution alloys and better predictions for future alloy developments.
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1.2.5 Precipitation strengthening

Incorporating solute into an alloy can also generate precipitates, or second phase particles,
depending on the thermodynamic interactions between solute atoms and the principal solvent
element. Precipitates are even bigger obstacles for dislocation motion than isolated solute atoms
and can also help stabilize microstructures and provide creep resistance. Figure 1-12(a-c) shows
an example of L1, precipitation forming in Al-Zr-Sc alloys after an isothermal aging for 24 hours
at 400 °C [79]. As is clear in Figure 1-12(c), the introduction of these precipitates leads to a
corresponding jump in hardness. The hardness evolution in Figure 1-12(c) is representative of
precipitate aging, with over aging occurring after either (1) too long of a heat treatment or (2) aging
at too high of a temperature. The Kkinetics of precipitate formation governs the shape of this curve
and more can be learned here [80,81]. One of the most famous examples of precipitation hardening
is 2xxx series Al alloys where Cu precipitates impart high strengths. This was advantageous in the
early stages of developing aircraft engines as the Wright Brothers cast Al-8%Cu age hardened
alloys [80]. Figure 1-13(a) displays the progression of work hardening rate of Al-Cu alloys against
aging time, with the rest of Figure 1-13 providing examples of the 6 and 6’ precipitate evolution
in Al-Cu alloys during deformation [82].
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Figure 1-12. (a) Bright field (BF) TEM micrograph identifying the uniform distribution of Als(Sc, Zr) (L12)
precipitates after aging at 400 °C for 24 hours. (b) Corresponding atom probe tomography (APT) collected for the
aged alloy in (a). (c) Evolution of Vickers microhardness and electrical conductivity with aging temperature for 3
different alloy compositions. [79]
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Figure 1-13. (a) Work hardening rate evolution with aging time highlighting the increase in precipitate density until
reaching a plateau upon over aging. (b-c) Examples of 6 and 6’ precipitates in an Al-4Cu alloy from TEM
micrographs. (d) Post-deformation TEM micrographs revealing various kinking deformation mechanisms with
corresponding schematics provided in (e). [21,82]

Dislocations interact with precipitates through two main mechanisms, either (1) precipitate
cutting/shearing or (2) dislocation bowing, and multiple factors dictate which mechanism operates
[21]. The nature of the interface between precipitate and matrix is often the key factor in
determining whether a precipitate will shear, or dislocations will bow around it. Coherent
interfaces are most common from small precipitates characteristic of the early stages of aging. Due
to differences in interatomic spacings, lattice distortion occurs in the matrix to maintain this
coherent interface, leading to stress fields that behave similar to the aforementioned solid solution
strengthening. As aging continues, precipitates grow in size and coherency is often lost, removing
the source of lattice strain [80,83,84]. Ultimately, the strain energy necessary to maintain an
ordered interface becomes thermodynamically unfavorable. Figure 1-14 depicts these types of
interphase boundaries schematically [21]. Interface nature directly influence the operating
deformation mechanism, as smaller coherent precipitates (Figure 1-14(a)) typically result in
dislocations “cutting” through the precipitate, while larger precipitates with disordered interfaces

(Figure 1-14(b)) forces dislocations to bow between precipitates.
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Figure 1-14. Schematics depicting (a) ordered (coherent) interface structure, (b) disordered (incoherent) interface
structure and (c) semi-ordered interface structure between 2 different phases, o & B. [21]

Additionally, the cutting and bowing shear stresses can be calculated in order to predict
dislocation/precipitate interaction mechanism [21]. If the cutting shear stress (tc) is lower than the

bowing shear stress (tv) the dislocation will cut through the precipitate:

D

(1-9),

™ = 1 2n
where G is the shear modulus of the matrix, L is the dislocation separation distance and r is the
precipitate diameter. Precipitate strengthening reaches a maximum (peak of the hardness vs aging
temperature plot in Figure 1-12(c)) when tc=1. Precipitate cutting imparts significant levels of
strengthening through multiple factors, including stress fields generated from maintaining a
coherent interface, variations in shear modulus across precipitate/matrix interface leading to a
dislocation line energy change, and more minor contributions from stacking fault energy difference
and maintenance of an ordered structure in precipitate compounds [80,81]. In contrast, bowing
dominates in overaged, disordered large precipitates leading to larger levels of dislocation
multiplication and work hardening than direct strengthening. Industries are often able to tailor
precipitate size and distribution through varying heat treatments [80,83-85]. This provides a

powerful tool to control a metal’s mechanical properties.
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1.3 Strain rate sensitivity

Understanding plastic flow at different strain rates is pertinent to various forming,
machining and safety applications. As there are a multitude of deformation processes exhibiting
different loading conditions and differing levels of strain rate, it is necessary to assess a materials
sensitivity to changing strain rate (¢). From a more fundamental perspective, mechanisms
controlling plasticity are known to change at low strain rates (dislocation creep) versus high strain
rate (dislocation glide). The competing rate controlling mechanisms governing plasticity are
considered to be thermally activated, and strain rate sensitivity (SRS) is intimately linked with the
activation volume of these mechanisms. This also accounts for the temperature dependence of
metallic mechanical behavior, such as the ductile-to-brittle transition temperature (DBTT) seen in
ferritic steels. Certain materials can also exhibit superplasticity (100-1000% plastic strain) when
subjected to elevated temperatures and strain rates. Additionally, fracture mechanics is strain-rate
dependent, with high rates initiating brittle fracture in ductile materials. Table 1-3 provides an
overview of different mechanical tests and the corresponding &, with the work from this thesis

falling under the static tension / compression regime [86].

Table 1-3. Strain rate ranges corresponding to different types of mechanical testing, with the shaded row
corresponding to the tests conducted within this thesis. [86]

Strain rate (s?) Test type
108 -10° Creep test
10°-10* Static tension / compression
101 -10? Dynamic tension / compression
102 - 104 High speed with impact bars
10% - 108 Hyper velocity using projectiles

SRS describes a change in a materials mechanical response with changing strain rates, and
is characterized by the SRS exponent, m. Conventionally, static tension tests conducted at various

strain rates with a constant temperature are used to measure SRS and m can then be determined:

_ dlno _ lOg(az/Ul) _
m= (6lné) " 1og(%/, ) (1-10).

The m value for most metallic materials ranges from 0.02-0.3, and this value is highly

dependent on temperature. It is well established that increasing the strain rate induces an increase
in flow stress and a corresponding drop in ductility. Figure 1-15(a) captures this trend as increasing
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the shear strain rate (y) from 5 x 10 to 8.5 x 107 sees a jump in shear stress in commercially
pure Al 1100 [87]. The linear portion of the plot in Figure 1-15(b) demonstrates a similar increase
in shear stress with increasing strain rate. Both plots in Figure 1-15 demonstrate the significant
deviation in commercially pure Al 1100 when the strain rate is above ~10* where significant
increases in shear stress are identified from Kolsky bar shock tests. Clifton associated this sharp
change in hardening rate with an increased rate of formation of dislocation tangles due to the

dramatic change in Kinetics governing plasticity at such high strain rates [87].
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Figure 1-15. (a) Dynamic stress-strain curves for 1100 commercially pure Al revealing changes in hardening rate and
yield stress with varied strain rates. (b) Shear stress as a function of shear strain rate for 1100 commercially pure Al
tested at constant strain rates. [87]

Figure 1-16(a) provides an additional example of the SRS probed by tension tests exhibited
by nanocrystalline Ni with a jump in flow stress realized at higher strain rates [88]. Static tension
tests are the most conventional method for systematically assessing the SRS of a bulk material,
however many nanocrystalline materials often have sample dimension limitations preventing such
tests. The advent of nanoindentation enabled measurements of loads and displacements on the
micro and nanoscale, respectively. This technique provided a convenient and reliable tool to
measure hardness and modulus of thin films that was previously impossible [89,90]. The precise
control of the loading conditions of the indenter tip into the material spawned constant strain rate
tests, facilitating the measurement of creep and SRS. Simply holding the indenter tip at a reduced
applied load allows for reliable measurements of a materials creep resistance [91,92]. Lucas and

Oliver demonstrated constant strain rate nanoindentation for the first time to probe the SRS of In
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single crystals [93]. This technique provided consistent results with literature at moderate and
higher strain rates, however exhibited significant deviations in m when tested at low strain rates
[94,95]. This inconsistency was attributed to thermal drift significantly impacting low strain rates
due to the extended duration of the experiments. Strain rate jump tests were also adapted from
tensile strain rate jump tests providing a different means to quickly measure a range of strain rates.
One limitation of this methodology is indentation depths can approach ~500nm, which is often too
deep for 1-2 um thin films. Figure 1-16(b) compares m from conventional constant strain rate
nanoindentation and strain rate jump tests for nanocrystalline Ni, highlighting the boost in
reliability from strain rate jump nanoindentation tests [88,96]. Since nanoindentation hardness and
modulus measurements hinge on reliable determination of the contact depth and area, a novel
method was developed by Liu et al that combines the moderate strain rate measurement with low
strain rate to remove thermal drift and not require the indentation depth of jump tests [95]. This
methodology is implemented in Chapter 4 of this thesis where the details are discussed at length.
Finally, another strain rate jump technique has been adapted since the development of micropillar
compression in the mid-2000s. Figure 1-16(c) provides an example of these tests for yttria-
stabilized zirconia (YSZ) performed at different temperatures to probe the underlying deformation
mechanisms [97]. Cho et al. attributed the improvement of plasticity to the accommodation of

dislocation climb by oxygen vacancy migration at elevated strain rates and temperatures.
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Figure 1-16. Results from strain rate sensitivity experiments revealing higher flow stresses at higher strain rates in (a)
conventional tension testing of nanocrystalline Ni, (b) strain rate jump tests of nanocrystalline Ni performed using
nanoindentation and (c) strain rate jump tests performed using in-situ micropillar compression tests of flash sintered
yttria-stabilized zirconia. [88,96,97]

Improving m for metals is a major goal in metallurgy as it heightens the metals resistance
to necking, improving its ductility. Strategies focused on enhancing dislocation activity promote
higher SRS, such as precipitates in a 5A06 Al alloy promoting cross slip and the formation of
dislocation forests. This enhanced strain hardening combats strain softening, which in turn
suppresses necking and produces a larger m value [98]. Another thrust focuses on restricting grain
size into the ultra-fine grained and nanocrystalline regimes, and severe plastic deformation (SPD)
is a popular methodology to achieve these unique microstructures [99-101]. Smaller grains prevent

full dislocation activities from operating, leading to the activation of grain boundary and diffusion
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based mechanisms as the strain rate is increased. Wei et al. developed a descriptive model that

describes the influence of grain size on the SRS exponent for FCC metals:

mok 1
~ &b x(aubpa)+pVad’

where k is Boltzmann’s constant, b is the Burgers vector, p is shear modulus, & is distance swept

(1-11),

by a glide dislocation, and a, B, and y are proportional factors [102,103]. This model clearly
captures the expected trends seen in Figure 1-17 for both ultra-fine grained (UFG) and NT
materials. Figure 1-17(a) demonstrates the efficacy of twin boundaries for improving both the
strength and ductility of Cu [104].The generation and mobility of partial dislocations from kinks
in coherent twin boundaries carries additional plasticity, preventing necking and improving m.
Additionally, the reduction in activation volume (&) also increases m. Figure 1-17(b) is a
micrograph depicting the high levels of dislocation activity surrounding the nanotwinned Cu
microstructure [104]. UFG Al exhibits a similar trend as its SRS far outperforms the coarse grained
(CG) counterpart, with Figure 1-17(c) demonstrating this trend, and Figure 1-17(d) contains a
TEM micrograph showing the equiaxed, UFG microstructure [105]. Tailoring microstructure and
defect structure within nanocrystalline materials provides an avenue for fabricating high strength

materials with improved resistance to necking and fracture.
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Figure 1-17. (a) Change in hardness as a function of loading rate with the corresponding strain rate sensitivity (m) for
nanotwinned and ultra-fine grained Cu. (b) Micrograph of post deformed nanotwinned Cu with extensive dislocation
activity leading to improved m. (c) Progression of m with increasing temperature for ultra-fine grained and coarse
grained pure Al. (d) As heat treated microstructure of severely deformed pure Al revealing ultra-fine grains (below
1um) [104,105]
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Figure 1-18. (a) True stress — true strain (b) True stress — true strain curves from kolsky bar tests at high strain rates
revealing higher strain rates and ductility at extremely high strain rates. (c) Microstructure of Ta processed by Equal
Channel Angular Extrusion (ECAE) revealing a microstructure of elongated ultra-fine grained. (d) Comparison of the
flow stress evolution with strain rate between unprocessed and ECAE processed Ta [106]

Extremely high strain rates (10 — 10* s) have generated interest in applications requiring
high strength materials subjected to rapid strain (i.e., armor, high speed machining), and Kolsky
bars enable dynamic tension tests at these strain rates. Deforming a metal this rapidly alters the
plasticity mechanisms from conventional thermally activated mechanisms to thermal-phonon
resisted motion of dislocations [87]. Materials often see simultaneous boosts in flow strength and
ductility in this strain rate regime. Wei et al. compared static tension tests of Ta, presented in Figure
1-18(a) to dynamic Kolsky bar tension test in Figure 1-18(b) and identified a notable difference in
the stress-strain curves [106]. The UFG Ta was produced using ECAE and is composed of
elongated grains (~200 nm) and the microstructure is presented in Figure 1-18(c). This material
presents a traditional response to increased strain rate in static tension tests (Figure 1-18(a)) with
minor increments in flow stress with increasing strain rate. The flow stress continues to increase
with increasing strain rate in the Kolsky bar tests, however interestingly the elongation to failure
also increases. This presents another example of the importance of understanding the response of
materials to different strain rates and the significant differences in mechanisms operating in

different strain rate regimes.
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1.4 Thermal stability of metallic materials

The ability of a material to maintain its structural integrity and properties during operation
at elevated temperatures is especially relevant to metals with low melting temperatures (Tm), such
as Al (Tm ~660 °C), with well documented poor thermal stabilities [91,107-109]. Since
recrystallization occurs at temperatures at ~0.3-0.5 T, the operation range for Al alloys is severely
limited above ~200 °C. Heating above this range leads to solute redistribution and segregation as
well as the coarsening of both grains and precipitates, compromising strength. Figure 1-19(a)
shows the progression of ultimate tensile strength for a precipitation strengthened Al6061-T6 alloy
when tested at temperatures ranging from cryogenic to 400 °C [110]. This highlights the poor
thermal stability exhibited by a majority of Al alloys as softening is induced even after annealing
at 200 °C for 0.5h, and drastic softening occurs after annealing at 150 °C for any extended period
of time. Figures 1-19(b-d) details the microstructural evolution of an ultra-fine grained (UFG)
Al2024 alloy prepared by equal-channel angular pressing (ECAP), with significant
recrystallization identified after annealing at 200 °C for 1h [109]. In comparison, oxide disperse
strengthened (ODS) steels can often operate above 700 °C with minimal recrystallization or

microstructural change, which is depicted in Figure 1-20 [111].
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Figure 1-19. (a) Progression of AI6061-T6 ultimate tensile strength (curs) when tested at increasing temperatures. (b-
d) Significant recrystallization and grain coarsening in an ultra-fine grained Al 2024 alloy prepared using Equal-
channel angular pressing (ECAP). Micrographs taken after annealing at (b) 100 °C, (c) 200 °C and (d) 300 °C for 1
hour. [109,110]
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9Cr-ODS steel

Figure 1-20. Microstructural evolution depicted using scanning transmission electron microscopy (STEM) of a 9Cr-
ODS steel revealing relatively no change in precipitate/oxide size or distribution after annealing at 700 °C for (a) Oh,
(b) 100h, (c) 5,000h and (d) 10,000h. [111]

The continued development of nanocrystalline materials is impeded by one significant
deficiency in spite of their impressive as-processed properties: structural stability. Far-from-
equilibrium processing, such as severe plastic deformation (SPD) [112,113], magnetron sputtering
[114] and high energy ball milling [115-117], is often needed to trap high energy nanostructures.
Multiple studies have documented grain coarsening occurring in nanocrystalline metals at ambient
temperatures and when exposed to low external stresses [107,118,119]. This mechanical and
thermal instability is more sensitive for nanocrystalline Al alloys with already poor inherent
thermal stability. Developing materials composed of thermally stable nanograins is a mammoth
task due to large inherent grain boundary energies promoting significant instability. Multiple
approaches have emerged that successfully stabilize these nanostructures and overcome the
massive driving force for grain coarsening. These can be categorized by either (1) classical
approaches to kinetically pin grain boundaries using small particles as obstacles to boundary
migration (Zener pinning), or (2) thermodynamically stabilizing the boundaries themselves
through solute segregation or grain boundary engineering.

First, Zener pinning is a long used strategy utilizing both solute atoms and second phase
particles to kinetically obstruct the motion of grain boundaries. Titanium diboride (TiB:) has been
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extensively used in as an inoculant in a variety of Al alloys [120,121]. These particles introduce a
“drag force” to grain boundary motion during solidification that slows down their motion and
prevents grain coarsening. Figure 1-21(a-e) contain micrographs and resulting grain size
measurements demonstrating the potent grain refining effect of TiB2 on an Al-Zn-Mg-Cu alloy as
even a fraction of a percent drastically changes the grain size [122]. This idea can easily be
extrapolated to stabilizing nanocrystalline metals as both solute and nanoprecipitates can prevent
grain growth. Figure 1-21(f-i) provides an example of a ball-milled nanocrystalline Fe-Cr alloy
that is stabilized by Hf solute additions [123]. Precipitation and solute segregation kinetically pin

the nanograins up to 1000 °C, which is remarkable in an alloy with such fine grains (~50nm).
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Figure 1-21. (a-d) Optical micrographs of an ethched, cast Al-Zn-Mg-Cu alloy revealing the grain morphologies with
additions of (a) 0.2%, (b) 0.4%, (c) 0.8% and (d) 1.2% AI-5Ti-1B. (e) Plot of the resulting grain sizes from (a-e) as a
function of amount of Al-5Ti-1B refiner. (f-h) FIB channeling contrast images revealing the microstructure of ball-
milled Fe-14Cr-4Hf alloys after 1 hour annealing at (f) 900 °C, (g) 1000 °C and (h) 1100 °C. (i) Grain size evolution
as a function of annealing temperature for various Fe-14Cr-xHf alloys. [122,123]
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Second, more recent attempts have focused on tailoring the inherent grain boundary energy
through solute segregation and grain boundary engineering. These strategies focus on minimizing
the inherent driving force for grain coarsening instead of simply blocking grain boundary motion.
Weissmiller presented a thermodynamic concept that alloys with large heat of segregations would
exhibit solute segregation with the potential of reducing grain boundary energy [124]. Further
research built upon it with multiple thermodynamic models, simulations, and experiments
underscoring the effectiveness of this strategy [125-132]. Essentially, solute decorates grain
boundaries within nanocrystalline materials and lowers the excess energy, producing a more stable
nanostructure. Figure 1-22(a) provides a “stability map” to solute selection in tungsten-based
binary alloys where solutes with high enthalpy of segregation and low enthalpy of mixing promote
stable nanocrystalline alloys [133]. This map is based on thermodynamic criterion and specific
solutes are able to reduce the system energy enough to produce thermally stable nanocrystalline
materials, specifically W-Ti alloys [133]. Additional examples are presented in Figures 1-22(b-d)
where specific solute selection significantly enhances thermal stability [126,131]. Similarly,
engineering grain boundaries with lower inherent energies can also provide similar levels of

thermal stability in nanocrystalline alloys [134-136].
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Figure 1-22. (a) Nanostructure stability map for binary W-based alloys determined on the basis of varied enthalpy
parameters. (b) Grain size measurements for various Fe based binary alloys as a function of annealing temperatures
identifying which systems are the most thermally stable. (c) Calculated GB energies for Fe based alloys with Ni, Cr,
Ta, Zr and Y solute additions revealing which minimize boundary energy. (d) Corresponding grain size map for (c)
identifitying Ta and Zr solute provides the most significant microstructure stabilization. [126,131,133]

Since recrystallization and grain coarsening (Ostwald ripening) are both diffusion-based
processes, an in depth assessment of elemental diffusivities in Al provides a strong launching off
point for predicting thermal stability of Al alloys. This also provides a direction for improving the
thermal stability of the nanotwinned Al alloys studied in this thesis as well as a roadmap for future
exploration. The data organized in the review by Czerwinski aided in the development of this
collection and provides more in depth analysis of the thermal stability of various Al alloy systems
[110]. Diffusion is accommodated through the thermally activated movement of atoms and
vacancies throughout the lattice, and as a result solute atoms with different atomic radii and
activation energies will diffuse at different rates. Typically, atoms with lower solubilities in Al
will have lower diffusivities in Al leading to the formation of undesirable second phases and
segregation [137]. However, a tradeoff exists as these elements also promote improved thermal
stabilities because of their low diffusivities and strategies to incorporate them in future Al alloys
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(such as the super saturated solid solutions presented in this thesis) are desirable. Figures 1-22(a-
b) present the compiled diffusion data organized in the review by Czerwinski, with the Table 1-4
presenting the data plotted in Figure 1-23 and adapted from [110]. Notably, transition metal solutes
such as Mo, Nb, V, Ti and Zr have significantly reduced diffusivities in Al compared with other
solutes (such as Si and Mg which have higher diffusivities in Al than Al self-diffusion). This aligns
well with previous studies on nanotwinned Al ternary alloys as both report significant boosts in
thermal stability with the incorporation of Ti (Al-Fe-Ti and Al-Ni-Ti) [138,139]. These findings
raise questions on other solutes similar to Ti: will they facilitate the formation of twins while also
improving thermal stability? This provides the motivation for the exploration of Zr solute in
nanotwinned Al alloys and is addressed at length in this thesis.
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Figure 1-23. (a) Diffusion coefficient (D) data for a range of solute elements within Al as a function of temperature.
(b) D plotted for various solute elements all compared for diffusion in Al at 500 °C. [110]
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Table 1-4. Collection of diffusion coefficient data for various solute elements in Al

Element Diffusion coefficient Activation Temperature References
(at 500 °C) energy (kJ/mol) range (°C)

Al (self-diffusion) 5.7X104 124 227-527 [140]
Li 1.11X1013 126.1 150-240 [141]
Si 1.3X1073 136 480-620 [142]
Mg 1.05X10°13 115 - [143]

Transition metals
Ti 2.38X1019 261.5 - [144]
Zr 3.2X10°18 242 531-640 [110]
\4 5.18X10% 241 Calculated [144]
Nb 4.61X10Y 82.22 350-480 [145]
Cr 2.24X1018 199.7 Calculated [146]
Mo 1.79X102%° 250 - [110]
Mn 5.73X10Y 211 460-660 [147]
Fe 8.95X10°16 190 - [148]
Co 8.57X104 168 - [110]
Ni 6.83X1014 144.7 - [148]
Cu 9.06X1013 113.8 Calculated [144]
Ag 1.61X1013 116.4 Calculated [149]
Zn 1.80%X1013 120.7 - [150]
Rare earth metals
Sc 9.2X1016 176 400-450 [151]
La 3X10-18 113 - [152]
Ce 5.69)X10-18 111.3 450-630 [152]
Pr 6.35X1018 99.9 520-630 [152]
Nd 3.85X1018 105 450-630 [152]
Sm 1.18X10Y 95.7 - [152]

Twin boundaries are a specific type of ordered grain boundary characterized by its mirror
symmetry. These boundaries are highly coherent as there is little to no atomic misfit, and as a result
possess the lowest inherent grain boundary energy among various CSL boundaries. Twins are
highly sought after due to both their strengthening benefits and the lack of tradeoff between
strength and ductility, conductivity and thermal stability. As a result, significant attention has been

given to twin boundaries, especially nanostructures composed of twins (nanotwinned materials),

1.5 Twin boundaries in metals

over the past few decades.
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1.5.1 Types of twins

Twin boundaries (TBs) are often categorized by their formation mechanism: (1) Annealing
twins, (2) Deformation twins, and (3) Growth twins. Although formed through different methods,
the atomic structure is consistent across all three mechanisms. In terms of crystallography, there
are two further designations that can be made depending on the specific crystallographic plane the
twin is aligned with. TBs with a {111} habit plane are considered X3 coherent twin boundaries
(CTBs) and they separate two perfect crystals with mirror symmetry. Figure 1-24(a) provides an
example of a CTB and 1-24(b) depicts the atomistic coherency of this structure in an
electrodeposited nanotwinned (NT) Cu sample using HRTEM [153]. In comparison, TBs that form
along a habit plane of {112} are considered X3 incoherent twin boundaries (ITBs) and Figure 1-
24(c) contains an example of an ITB replicating from a low SFE Ag layer into a high SFE Al layer
enabled by epitaxial growth in Ag/Al multilayers [154]. ITBs are fundamentally different than
CTBs in that they are composed of an array of partial dislocations instead of a coherent, perfect
lattice with mirror symmetry. Figure 1-24(d) presents this stacking fault array schematically based
on simulations and HRTEM evidence [155]. Each example from Figure 1-24 represents types of
growth twins. The atomic structure of the ITB has been debated and the accepted model is that
ITBs are composed of a periodic array of 3 Shockley partial dislocations with a b2:bi:bs
arrangement involving 3 adjacent {111} planes [155-159]. The b2 and bs Shockley partials are
relatively immobile mixed dislocations with 1/6 [211] and 1/6[121] Burgers vectors, respectively.
The b1 Shockley partial is a pure edge dislocation with a Burgers vector of 1/6[112]. bs is able to
glide due to a smaller Peierls barrier, leading to diffuse ITBs, or 9R phase [155].
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Figure 1-24. (a) BF-TEM micrograph of NT Cu revealing an abundance of finely spaced CTBs within randomly
oriented polycrystalline grains, with (b) providing an atomistic view through HRTEM analysis of CTBs. (¢) HRTEM
image of an ITB replicating from a low SFE Ag layer into a high SFE Al layer. (d) Atomistic simulations and
dichromatic pattern identifying the partial dislocation array composing 1TBs. [153-155]
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Annealing twins are the result of recrystallization processes occurring in metals with a low
SFE. These defects were first identified in sluiced gold as early as 1897 and have since been
identified in multiple FCC metals [160]. The density of annealing twins is related to the metals
stacking fault energy, grain size, plastic strain and annealing temperature and has a direct impact
on mechanical properties. When metals are plastically deformed, they accumulate strain energy,
and annealing at elevated temperatures provides the energy to drive recrystallization and facilitate
energy minimization. This has been widely accepted as the driving force behind the formation of
annealing twins as they inherently have lower boundary energy than conventional high angle grain
boundaries. The formation mechanism however is still debated, with three main competing
theories. The first theory can be described as the “Grain Encounter” model as it suggests grain
boundary migration leads to the intersection of two grains that happen to have twin orientation.
The boundary then reorients itself, becoming a CTB. The second theory hinges on the formation
of stacking fault packets during grain boundary migration, leading to their propagation and
formation of CTBs within grain interiors. Although these theories can explain portions of the
annealing twin phenomenon, they both lack significant experimental evidence to support the
claims. The third theory proposes grain boundary ledges form as a result of “growth accidents”
which provides sites for the generation and propagation of partial dislocations/stacking faults [161].
This model does not require the need for grain boundary migration similar to the first two theories
and has plenty of supporting evidence [161-165]. Mahajan et al. provided support for this by
demonstrating annealing twins can be introduced through the nucleation of partial dislocations on
adjacent {111} planes through growth accidents [163]. Figure 1-25(a) provides an example of
annealing twins forming in a deformed and annealed CrCoNi [166]. Figure 1-25(b) demonstrates
the grain size dependence of annealing twin density with more annealing twins forming in finer
grained materials, which supports the theory of “growth accidents” facilitating twin formation
[167]. Figure 1-25(c) demonstrates a similar grain size trend in addition to increasing annealing

twin density at higher levels of cold work [167].
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Figure 1-25. (a) Annealing twins identified using EBSD in a CrCoNi high entropy alloy as a function of starting grain

size. Annealing twin density as a function of (b) grain size and (c) percent cold work in Cu and Ni, respectively.
[166,167]
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Deformation twinning is a mode of plastic deformation that accommodates additional
plasticity when dislocation slip is insufficient, such as when few slip systems are active, when
deformed at high strain rates, or when tested at low temperatures. As a result, deformation twins
are heterogeneously distributed throughout the material and often nucleate from locations of high
stress, such as crack tips, dislocation pileups, or grain boundaries. Deformation twins are more
common in body centered cubic (BCC) metals, hexagonal close packed (HCP) metals, and various
ordered compounds, but have also been identified in FCC metals albeit with lower frequency. HCP
metals and ordered compounds exhibit twinning as a major carrier of plasticity and their complex
crystallography facilitates more modes of twinning, however this will not be discussed at length
here. Twinning induced plasticity (TWIP) steels are a famous example of deformation twins
enabling simultaneous high strengths and plasticity in low SFE FCC metals. This brief overview
focuses on FCC deformation twinning due to the relevance to this thesis. Deformation twinning is
less well understood than conventional dislocation slip, and different twinning modes are still
being investigated. Twinning follows a multi-step procedure including twin nucleation,
propagation and thickening. In FCC metals, full dislocation glide is carried through the emission
and propagation of Shockley partial dislocation pairs, and the spacing between these partials (w)
influences their deformation mode. Reducing w leads to full dislocation slip instead of twinning.
A key parameter governing this spacing is the intrinsic SFE, depicted as y1 in the generalized
planar fault energy (GPFE) curve in Figure 1-26(a). Metals with lower y1 are more likely to deform
through twinning as less work is needed to separate the leading and trailing partial dislocations.
Metals with a low ratio of y1/yu are expected to have a higher ability to deform by twinning.
Deformation twin nucleation is initiated from dislocation dissociation reactions that form twin

dislocations, which are also Shockley partial dislocation on {111} twin planes (Burger’s vector of
%(112)). These dislocations can initiate from various defects but are most commonly seen from

slip dislocations or grain boundaries. Deformation twins then grow from the collective shear of
twin dislocations through the parent lattice and are typically quite thin. Figures 1-26(b-d) highlight
the benefit of deformation twinning in TWIP steels.
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Figure 1-26. (a) Generalized planar fault energy (GPFE) curve for the {111} surface with the unstable stacking fault
energy (yu) and intrinsic stacking fault energy (y1) labeled. This plot illustrates the energy barrier for Shockley partial
motion along {111} planes. (b) Stress-strain curve comparing TWIP and interstitial free steels identifying the
significant boost in strength and plasticity in TWIP steels. (c) TEM micrograph revealing multiple deformation twins
in a TWIP steel after tension testing, with (d) corresponding HR-TEM imaging of the twin atomic structure. [168]

!ql”

i
d

Figure 1-27. (a) TEM micrograph of finely spaced nanotwins dispersed among randomly oriented polycrystalline
grains in electrodeposited Cu. (b) Finely spaced parallel CTBs in sputtered Ag. (c) Unique twin structure composed
of both CTBs and ITBs in electrodeposited Ni. [169-171]

Growth twins are the result of far-from-equilibrium processes that thermodynamically trap

a larger density of typically unstable TBs. Electrodeposition and magnetron sputtering are the
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major workhorses of fabricating materials with a large density of growth twins. Similar to
deformation twinning, the motion of Shockley partial dislocations during film growth leads to the
formation of faults in the FCC stacking sequence, leading to twin formation. Increasing deposition
rate leads to a corresponding jump in twin density as the frequency of {111} fault formation
increases. This trend is exhibited in both electrodeposited (Figure 1-27(a, c)) and sputtered (Figure
1-27(c)) coatings with unique microstructures capable of forming TBs [169-171]. The large
increase in twin density facilitates boosts in strength and thermal stability, which are typically
mutually exclusive. Growth twin formation in sputtered coatings has been modeled
thermodynamically and twin propensity is dependent on critical radius nucleation energy. Perfect

(Tperfect) and twin (r,,;,) nucleus radii can be calculated with the following:

r;erfect = (k_’]"ln[]y—Zn\/TkT]) (1-12)
Q Ps
Tewin = G VZZM]_%) (1-13)
Ps

where v is the surface energy, k is Boltzmann’s constant, T is temperature during deposition, Q is
the atomic volume, J is deposition flux, m is the atomic mass of the deposited element, Ps is the
vapor pressure at the film surface, y: is the twin boundary energy, and h is the twin nucleus height.
These equations illustrate the dependence of propensity for twin formation on deposition rate (J)
and the substrate temperature (T). Additionally, the SFE (yt) is an important parameter dictating
twin formation. Equation 1-13 clearly demonstrates how a higher SFE leads to larger critical

nuclei, meaning twinned nuclei are less likely to form.

1.5.2 Nanotwinned metals: high strength and ductility

Regardless of formation mechanism, TBs can obstruct the motion of slip dislocations
leading to increased hardening. Similar to Hall-Petch strengthening, refining twin spacing is a
simple method to further enhance mechanical properties. This section will focus on understanding
the mechanical response of growth twins in FCC metals as they are the most relevant to the work
conducted in this thesis. As mentioned previously, electrodeposition and magnetron sputtering are
highly efficient at introducing an abundance of nanotwins into metals with low SFE. Anderoglu et
al. demonstrate extremely fine CTBs oriented perpendicular to the growth direction, surrounded

by high angle columnar grain boundaries (Figure 1-28(b)) [172]. The twin spacing averages ~10

64



nm and leads to high hardness as dislocation motion is extremely limited, depicted in the Hall-
Petch plot in Figure 1-28(a) [172]. This study also identified improved electrical resistivity and
thermal stability due the coherency of CTBs, far outperforming NC Cu counterparts. Additionally,
twin spacing (dwin) in electrodeposited Cu can be tailored by controlling the deposition rate. Figure
1-28(d) shows the microstructure NT electrodeposited Cu with a diwin 0f ~100nm [173]. A network
of finely CTBs dispersed among randomly oriented polycrystalline grains induces hardening with
decreasing dwin until a critical dwin is reached, upon which high levels of plasticity and softening
are observed. This softening can be clearly seen in the true stress — true strain curves in Figure 1-
28(c) and is attributed to an increase in partial dislocation density in coatings with finer dwin. These
partial dislocations originate from steps formed during deposition along CTBs, and finer twin
spacing produces a larger fraction of partials that carry high levels of plasticity and induce
softening. The resulting stacking faults are shown in the HRTEM image in Figure 1-28(e) [173].
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Figure 1-28. (a) Hall-Petch plot demonstrating the improvement of NT Cu deposited using magnetron sputtering over
electrodeposition and other NC Cu materials. (b) BF-TEM micrograph revealing the fine, parallel NT microstructure
in sputtered Cu. (c) True stress — true strain curves for NT Cu fabricated by electrodeposition. Samples are classified
by their twin spacing, X (nt-X) and demonstrate the improved strength and ductility until the critical twin thickness at
X=15nm, upon which softening and significant plasticity are initiated. (d) As-deposited microstructure of
electrodeposited NT-Cu with finely spaced CTBs dispersed among randomly oriented polycrystalline grains. (e) Post-
deformed microstructure revealing extensive partial dislocation activity and stacking faults in the nt-15 sample from
(d). [173-175]
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The mechanisms governing hardening in NT metals have been probed using in-situ TEM
nanoindentation experiments [156,157,174-177] as well as MD simulations [159,178-180]. Twin
boundaries behave similar to grain boundaries at obstructing dislocation motion; however, twins
are more effective at preventing dislocation transmission into neighboring grains. Additionally,
dislocation—CTB interactions have been modeled and uncover the role CTBs play in hardening
and plasticity. Figure 1-29(a-b) contain snapshots from MD simulations of a screw dislocation
interacting with a CTB in (a) pure Al and (b) pure Cu [179,180]. In the Al case, an applied shear
stress constricts and recombines the leading and trailing partial at the CTB interface (t = 0.5ps),
and then the screw dislocation dissociates along the CTB plane (t = 1.3ps). A resolved shear stress
of ~100MPa is needed in order to recombine the partials. In comparison, Figure 1-29(b) depicts
the screw dislocation cutting through the CTB in Cu and propagating into the twinned lattice. The
difference in behavior can be attributed to the materials SFEs, specifically the aforementioned 1
and ywin from Figure 1-26(a) [181]. In Al, ywin > y1, meaning the screw dislocation will
spontaneously dissociate at the CTB, as demonstrated in the MD simulations in Figure 1-29(a)
[179]. This is not the case in Cu or Ni, enabling the screw dislocation to dissociate into partials
after cutting through the CTB. These phenomena all operate at relatively high critically resolved
shear stresses (100-400MPa) underscoring the efficacy of CTBs for obstructing dislocation motion
[179]. These mechanisms also demonstrate the ability of CTBs to facilitate plasticity in addition
to imparting high strengths. Zhang et al demonstrated similar behavior using MD in stainless steel
with a resolved shear stress of 1.77GPa required for dislocation transmission, shown in Figure 1-
29(c) [178]. These simulations were performed at OK, which leads to an inflated resolved shear
stress, however the behavior still indicates CTBs are highly effective boundaries for strengthening.
Further simulations have characterized the interaction of non-screw dislocations with CTBs, and

the complexity expands due to the possibility of cross slip onto more paths [180].
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Figure 1-29. Molecular dynamics (MD) simulation snapshots identifying the interaction mechanisms between screw
dislocations and CTBs in (a) Al and (b) Cu. MD simulation snapshots revealing the impressive barrier strength of
perpendicularly oriented CTBs to dislocation propagation in stainless steel. [179,180]

Twin orientation is another factor influencing resulting mechanical properties as
nanotwinned metals behave anisotropically. The electrodeposited NT Cu and Ni presented in
Figures 1-27 and 1-28 are randomly oriented and do not exhibit anisotropic mechanical response
as a result. Figure 1-30(a) contains schematics detailing CTB and grain boundary orientations in
Cu simulated using MD, with the 90° case resembling sputtered NT Cu (Figure 1-28(b)) [80,182].
Depending on the orientation of the CTBs (0°, 90°, or 45°), plasticity is carried from different
types of dislocations. All angles are given in relationship to the vertical axis (growth direction).
For example, Figure 1-30(b-c) reveal the 90° case operates in the “hard” mode for dislocation
motion since the slip planes are inclined to the horizontal CTBs. The CTBs completely obstruct
dislocations from transmitting across the boundary except under large-applied stresses. This leads
to the high strengths captured from finite element modeling (FEM) and MD. The 0° case leads to
hairpin dislocations bowing out between the vertically oriented CTBs. The “soft” mode occurs in
the 45° case as junctions between the inclined CTBs and the GBs act as nucleation sites for
dislocations. The slip planes are now oriented parallel to the CTBs, so they are free to glide
throughout the lattice, resulting in the low stresses seen in Figure 1-30(b-c) [182]. One
characteristic of MD is the extremely high strain rates due to the short simulation times, which
could influence the plasticity mechanisms seen in this study [182]. Li et al were able to

experimentally probe the anisotropic behavior using micromechanical testing of NT Al-Fe alloys
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with a thin spacing of 22nm [183]. Figure 1-30(d) contains SEM images and schematics detailing
the test directions and micromechanical setup [183]. The difference in flow/fracture stress is
obvious from Figure 1-30(e) as when tested in the out-of-plane orientation (parallel to the ITBs),
higher strengths are achieved than the in-plane orientation (orthogonal to the ITBs). Additionally,
expanded levels of plasticity are identified in the out-of-plane samples as dislocations and
Shockley partials are able to carry plasticity. Shear banding is identified in the in-plane
compression sample, with the in-plane tension sample failing catastrophically. The capability of
fabricating ductile NT Al is still under question as neither tension test demonstrated the same levels

of plasticity as the compression samples, and future work is needed to achieve this goal.
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Figure 1-30. (a) Schematics detailing the corresponding twin orientations for 0°, 90° and 45° orientations. (b-c) Stress
strain curves revealing the mechanical response of the differently oriented twin microstructures in (a) simulated using
(b) finite element modeling (FEM) and (c) MD. (d) Schematic and DF-TEM micrograph detailing the columnar
nanotwinned microstructure in NT Al-Fe and the corresponding micromechanical test setups for in-plane and out-of-
plane tension/compression. (e) Plot comparing the strengths from the micromechanical tests in (d) with various
literature Al alloys as a function of microstructural scale. [183,184]
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1.5.3 Twinsin Al: A rare phenomenon

A metal’s stacking fault energy (SFE) represents the energy barrier for twin formation and
metals with a lower SFE have a higher propensity for twin formation. TBs are incredibly rare in
Al under equilibrium conditions mainly due to its relatively high SFE (~160 mJ/m?). There are
additional factors that influence the stabilization of TBs in Al, and a key factor is depicted in the
generalized planar fault energy (GPFE) curve in Figure 1-31(a) [78]. This curve represents the
energy penalty required to shift a (111) plane along the <112> direction, and yusre in Figure 1-
31(a) represents the energy required to produce a leading partial dislocation. The second hump
represents the energy penalty required to form a twin boundary and this large energy penalty
effectively blocks twin formation under equilibrium conditions [78]. Although incorporating a
large % of solute into solution can lower these energy penalties, equilibrium processing only
supports a fraction of a % meaning Al alloys also behave in this manner. Extreme conditions, such
as in nanocrystalline Al (Figure 1-31(b)), at large stress regions ahead of crack tips (Figure 1-
31(c)), or under shock loading (Figures 1-31(d-g)) are typically needed to stabilize even small
twins in Al [185-187]. The MD simulations in Figure 1-31(f-g) confirm the stabilization of
stacking faults in Al exposed to a shock wave, confirming the finding from high velocity projectile
impact experiments [187]. Figure 1-31(e) shows a high density of localized stacking faults in Al

after these impact experiments [187].
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Figure 1-31. (a) Generalized planar fault energy (GPFE) curves for pure Al identifying the barriers to stacking fault
and twin formation and stabilization. (b-c) HRTEM micrographs revealing deformation twins forming under extreme
conditions in Al, including (b) nanocrystalline Al and (c) at a crack tip in Al. (d) Schematic detailing the high-velocity
projectile impact experiments with silica microspheres impacting nanocrystalline Al. (e) HRTEM micrograph
revealing the formation of a high density of stacking faults, Frank partial dislocations and 9R phase in Al after exposure
to high velocity projectile impact testing. (f-g) MD simulations identifying the difference in 9R phase stability after
the exposure of (f) 3 ITBs and (g) 11 GBs to a shock wave in Al. [78,187,188]

Recently, magnetron sputtering has provided another far-from-equilibrium processing
method for stabilizing twin boundaries in Al. Early strategies revolved around replicating twin
structures from a low SFE seed layer into a high SFE coating. A low SFE seed layer and minimal
lattice mismatch was needed between the seed layer and the deposited coating, and Ag met both
criteria for Al. As demonstrated in Figures 1-32(a-f), multiple mechanisms were identified where
Ag acted as a template layer for twin replication into high SFE Al [154]. Figure 1-32(a, d)
demonstrate an ITB being replicated in the Al layer due to the coherency of the Ag and Al layers.
Minimizing lattice mismatch enables epitaxial growth and the continuation of the ITB. Figure 1-
32(b, e) identifies a second mechanism for lateral replication of a CTB into an Al layer due to the

waviness of the layer interface [154]. CTB replication is more energetically favorable than
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terminating the defect with an ITB, enabling the CTB to continue into the Al layer. Mechanism 3
is shown in Figure 1-32(c, f) and reveals the formation of stacking faults in Ag can lead to the
nucleation of ITBs in Al [154]. Mechanisms 1 and 3 lead to the formation of a large density of
ITBs in Al grown on Ag, with a low density of CTBs documented [154]. Xue et al. demonstrated
the stabilization of twins in thin Al coatings without the assistance of a template layer. The
thermodynamic model discussed previously with Egs. (1-12,1-13) provided the basis for the
formation mechanism presented in Figure 1-32(g) [189]. During the nucleation phase of film
deposition, twinned nuclei can form based on the aforementioned thermodynamic model and
continue to grow. Additionally, competition between different oriented nuclei occurs during film
growth and two nuclei that are oriented with a twin relationship can impinge and share a twin
boundary. Xue et al. identified a maximum twin density at a critical film thickness of 80nm and
attributed this to the energy penalty becoming too large as the twin grows longer into the film.
Eventually, terminating CTBs becomes energetically favorable, leading to a drop in twin density
above 80nm [189]. Xue et al. also probed twin formation in different textured Al coatings and
identified the following: (1) Al(110) formed a relatively low twin density; (2) Al(111) formed a
high density of ITBs and no CTBs; and (3) Al(112) formed the highest twin density and formed a
mixture of ITBs and CTBs. The grain boundary misorientation distributions are presented in
Figure 1-33(d), and the specific twin formation mechanisms are shown schematically in Figures
1-33(a-c) [190]. Further, the incorporation of various coherent interfaces into Al nanolayer films
lead to additional formation mechanisms of twins in Al as nucleation and growth Kkinetics are
altered [158,191-194]. Examples of these mechanisms are presented in Figure 1-34 as coherent

Mg interfaces facilitate ITB and 9R phase formation.
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twin boundaries from low SFE Ag template layer into a high SFE Al coating. (g) Schematics detailing the formation

mechanism of twins in Pure Al coatings spanning from nucleation through film growth [154,189]
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Figure 1-34. (a) HRTEM image detailing the mechanisms for 9R phase formation in Al layers separated by epitaxial
thin Mg layers with corresponding schematic shown in (d). (b) HRTEM image depicting the role of the coherent Mg
layer in forming CTBs in Al through stacking fault formation in Mg, with the corresponding schematic in (e). (c)
HRTEM image depicting a second mechanisms for CTB formation where the coherent Mg layer applies a shear stress
leading to the migration of Shockley partials within 9R phase. Corresponding schematic in (f). [191]

Building upon these previous findings, co-sputtering Al with various transition metal solutes
enabled the stabilization of an abundance of vertically oriented ITBs in thicker coatings
[138,139,159,195-199]. Solute additions combined with strong (111) texture increase the twin
propensity in binary and ternary Al sputtered films. Al deposited with 10at% Mg solute stabilized
a large fraction of nanotwins, shown in Figure 1-35(b) [198], and 5.9at% Fe solute induces a flow
stress of ~1.5GPa (Figure 1-35(f)) [159]. The influence of specific solutes on binding energies and
SFEs was probed by Gong et al. using density functional theory (DFT) providing insight into solute
selection for promoting NT microstructures [200]. In good agreement with previous studies, Fe,
Co and Ni solute were found to significantly increase the binding energy corresponding with potent
grain refiners [159,196,197,200]. Similarly, Zr was identified as an element expected to promote
nanotwin and 9R phase formation, and the role of Zr on twin formation and the mechanical

response of twinned Al-Zr alloys is discussed at length in this thesis.
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Figure 1-35. (a-b) BF-TEM images identifying the highly textured (111) oriented Al-Mg films forming an abundance
of vertically oriented ITBs. (c) Schematic depicting the columnar NT microstructure characteristic of NT Al alloys,
similar to the microstructure shown in Al-Mg in (b). (d) Extra binding energy calculated using density functional
theory (DFT) calculations identifying Fe, Co and Ni to be highly effective grain refiners. (e) Unstable stacking fault
energy (USFE) — intrinsic stacking fault energy (ISFE) for various solutes in Al calculated using DFT, identifying Ti,
Zr, Fe, Co, Ni and Ru as effective solutes for forming NT microstructures. (f) Stress strain curves identifying high
strength (~1.5GPa) and maintained deformability in NT Al-Fe alloys. [159,198,200]
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1.6 Research scope and goals

The scope of this thesis encompasses the synthesis of nanotwinned Al-Zr alloys through
the use of magnetron sputtering and the subsequent analysis of their microstructure and mechanical
properties. Extensive analysis using transmission electron microscopy enabled the detailed study
of these alloys’ twin structure and chemical distribution, as well as their post-deformed
microstructure. In-situ micropillar compression combined with nanoindentation provide the means
for a detailed analysis of NT Al-Zr mechanical properties and deformation mechanisms. The work
in this thesis was conducted with the following goals: (1) probe the influence of specific solutes
(Zr) on the formation of incoherent twin boundaries (ITBs) and 9R phase; (2) explore the
deformation mechanisms of nanotwinned Al alloys; and (3) study the thermal stability of this
unique nanotwinned microstructure.

First, a simple exploration of the as-deposited microstructure of NT Al-Zr alloys was
conducted revealing a super-saturated solution of Zr solute within Al. This enhanced solid solution
coupled with strong texture promoted high flow strengths (above 1GPa) due to the abundance of
nanotwins and 9R phase. This study was followed up with an analysis of the strain rate sensitivity
of NT Al-Zr alloys. Nanoindentation enabled the probing of the mechanical response at a range of
strain rates and demonstrated an enhanced strain rate sensitivity in Al-Zr alloys composed of a
large volume fraction of 9R phase and ITBs. The following study probed a similar microstructure
in NT Al-Co alloys with minor Zr additions which provided a means to isolate and study the role
of Zr solute on thermal stability of these NT alloys. This yielded notable results as the combination
of Co-Zr solute pairs with more stable twin boundaries yielded a nanostructured alloy that was
thermally stable up to 0.78Tm! Next, the texture dependence was studied by growing epitaxially
textured Al-Zr alloys on varied textured silicon substrates, which provided insight on both the
texture and the role of Zr solute on twin formation.

Overall, this thesis contains systematic analysis of the NT Al-Zr alloy system and provides
multiple relevant findings to the nanotwinned and Al alloy communities. This thesis accomplished
each of the 3 goals outlined at the outset of the project and sets up the possibility of future work

digging deeper into the deformation mechanisms of these NT Al alloys.
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2. EXPERIMENTAL

2.1 Magnetron sputtering

Magnetron sputtering is a physical vapor deposition (PVD) process that is popular for the
deposition of high quality thin films and coatings for a range of applications. Most notably,
magnetron sputtering is used by the semiconductor industry to deposit various materials to
fabricate integrated circuits and computer chips. Sputtering involves the ejection of atoms from a
source material (referred to as the target) onto a substrate to grow a resulting film. Achieving ultra-
high vacuum in the deposition chamber is a necessary precursor to ensure high film quality and an
efficient deposition process. This is accomplished through a combination of mechanical roughing
pumps, turbomolecular pumps and cryogenic pumps. In a diode magnetron sputtering system, the
target is referred to as the cathode, and the substrate the anode. After flooding the deposition
chamber with a process gas (typically Ar), a large voltage is applied to the cathode using either a
direct current (DC), radio frequency (RF) or pulsed DC power supply. Free electrons ionize the
process gas (Ar) generating a plasma, and the Ar ions are then pulled towards the target surface
which “sputters” the target atoms onto the substrate. The substrate is attached to a rotary stage in
order to ensure film uniformity. Stochiometric compounds can also be deposited by further
introducing a reactive gas into the chamber during deposition (i.e., nitrogen or oxygen). The color
associated with sputter plasmas (depicted in Figure 2-1) occurs due to the recombination of free
electrons in the plasma with sputtered ions. Magnets behind the target material enhance the Ar
ionization near the target surface and aid in maintaining a stable plasma in addition to bolstering
the deposition rate. Targets must be produced to be flat and significant levels of cooling are
necessary due to excessive heating induced by the large voltage applied to the cathode during
deposition. Each of these factors are crucial to maintaining a stable deposition process. Figure 2-1
contains a schematic depicting the magnetron sputtering process [201].
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Figure 2-1. Schematic depicting the basic principles of magnetron sputtering with (a) a single target and (b) co-
sputtering multiple targets [201]

The Al-Zr alloy films studied in this thesis were deposited using DC magnetron sputtering.
The chamber was evacuated to pressures ranging from 6 x 10° — 4 x 10 and an Ar gas pressure
of 3.5 mTorr was used across all depositions. Al (99.999%) and Zr (99.95%) targets were used
during sputtering. Samples were deposited onto single crystal silicon (Si) substrates with (100),
(110), (111) and (112) crystallographic orientations, as well as amorphous silicon dioxide (SiO2).
Textured Si substates were etched for 30 seconds using hydrofluoric acid (HF) to remove any
formed surface oxides. No substrate bias or substrate heating was applied during deposition. A
quartz crystal monitor was used in-situ in order to determine deposition rates to ensure reliable
film chemistries. Chemistries were then tuned by varying the DC power applied to each target
materials cathode. The two magnetron sputtering systems used for these studies are shown in
Figure 2-2. A mixture of both systems was used throughout these studies and care was used to

maintain constant film chemistry.
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Figure 2-2. (a) Magnetron sputtering system with 4 sputter guns and 2 DC power supplies. (b) AJA ATC-2200-UHV
magnetron sputtering system with 8 sputter guns, 5 DC power supplies, and 2 RF spupplies. This system also possesses
a quartz crystal deposition rate monitor and substrate heating and biasing capabilites.

2.2 X-ray diffraction

The fundamental structural information of a crystalline material can be determined using
x-ray diffraction (XRD). A significant understanding of the molecular arrangement of solids has
come from XRD experiments. It can also provide information related to a sample’s grain/crystal
size, residual stress, overall texture and the atomic scale differences between materials [202].
Diffraction is a wave phenomenon that results from the interaction between an incoming wave (x-
rays) and periodically spaced objects that can scatter a wave (atoms composing a crystalline solid).
The atomic spacing between atoms is on the order of the wavelength of x-rays. This is why x-ray
diffraction has been so influential in fields like materials science where crystallography is highly
relevant to a myriad of properties. A schematic illustrating an XRD is provided in Figure 2-3

depicting an incoming x-ray diffracting through a crystalline lattice [203].
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Figure 2-3. Vector schematic depicting x-rays diffracting through lattices where (a) A =B and (b) A # B [203]
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Bragg’s law describes the relationship depicted in Figure 2-3 between the wavelength of the
incoming x-ray (1), the interplanar spacing of the crystalline solid (dn«) and the angle at which
diffraction occurs. This relationship is given in Equation 2-1. Constructive phase interference is
also needed to observe a diffracted wave, which is why only specific angles/crystallographic
orientations produce diffraction with specific crystal structures [203]. The geometry behind this
constructive interference is calculated through a relationship between atomic scattering factors (f)
and structure factors (Fni), and this is given in Equation 2-2:
nA = 2dp; sin 6 (2-1)
Friw = 2n=0 frexp2mi(hxy, + ky, + 12,) (2-2),

where h, k, and | are the miller indices corresponding to specific crystallographic planes.

Figure 2-4. The Panalytical Empyrean X'Pert PRO MRD used in this thesis with the Cu source on the left and the
detector on the right.

The diffractometer used for the out-of-plane 6-20, and pole figure experiments performed
in this thesis was a Panalytical Empyrean X’Pert PRO MRD and is shown in Figure 2-4. All
experiments were operated using a Cu Kal with a wavelength of 0.154nm with the source operated
at 40kV. A tube-in-line focus, a capillary X-ray lens and a parallel plate collimator were all used

in order to perform the pole figure experiments.
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2.3 Nanoindentation

The development of integrated circuits provided a challenge related to assessing the
mechanical properties of thin films and coatings that conventional, destructive mechanical testing
could not address. Additionally, indentation hardness techniques often provided too large of loads
and relied on imaging of the residual indent surface to determine the hardness. With thin coatings,
indentation depths necessary to prevent incorporating the influence of the substrate leads to indents
too small to image for subsequent hardness calculations. The development of nanoindentation
provided a means of non-destructive mechanical testing for thin films that hinged on the ability to
reliably monitor the indentation depth [89,90,204]. Hardness and modulus can be calculated based
on the data from one loading and unloading cycle from nanoindentation. As the films deposited in
this study are all 2um or thinner, nanoindentation was crucial to analyzing the mechanical response
of varying solute and twin density. Every hardness test performed in this thesis were done using a
Bruker T1 Premiere equipped with a diamond Berkovich indenter, shown in Figure 2-5(a) with a
basic schematic in Figure 2-5(b) [89].

Loading Coil

Suspending
Springs
Capacitance
Displacement
Gage

Diamond Indenter

initial surface

Load, P

unloaded

loaded

Displacement, h

Figure 2-5. (a) Hysitron T1 Premiere used for all nanoindentation tests in this study. (b) Schematic depicting the
various components within a nanoindentation system. (c) Typical load-displacement curve collected from a
nanoindentation test resulting in the (d) deformation zone with a residual indent. [204]
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Figure 2-5(c) presents a common load-displacement curve from a nanoindentation test
from which the hardness (H) and reduced modulus (Er) can be calculated using the following
method [90]. From the curve in Figure 2-5(c), the maximum load (Pmax), Stiffness (S) and the
maximum indentation depth (hmax) can be determined. The experimentally measured stiffness is

determined from the slope of the upper portion of the unloading curve, and is expressed as:

__dap

S_dh

(2-3).
In order to find the geometry of the of the residual contact area, the contact depth (hc) must be
calculated from hmax based on the schematic shown in Figure 2-5(d). Equation 2-4 removes the

“sink-in” depth and provides hc:

Pmax
he = hpax — ¢ S (2'4),

with & being a constant that is dependent on the indenter geometry (& = 0.75 for this thesis since
all tests were conducted with a Berkovich indenter geometry). Having a reliable area function is
necessary to proceed further with the hardness calculation and will be briefly reviewed here [205].
Determining the contact area between the indenter tip and the thin film sample is crucial for reliable
hardness and modulus measurements and calibrating the area function is a necessary step for
operating any nanoindentation equipment. A standard sample (typically Fused Quartz due to its
isotropic properties) is indented to different depths in order to establish a relationship between the
projected contact area (Ap) and hc, which is a polynomial:

Ap = Coh2 + Cyhl + C,hY + - (2-5),
where Co is 24.5 for a Berkovich indenter geometry. One common issue that evolves with extended
use of an indenter tip is the geometry becoming blunted, so the area function calibration is crucial
for reliable results. Based on Equations (2-4) and (2-5), Ap can be calculated and then can be used
to determine both H and E;:

Pmax
H = e (2-6)
_ Vo S

Since the displacement data collected from nanoindentation still includes the deflection of the stiff

diamond indenter tip, the film modulus (E) can be extracted using:

1—v}

E =

1 Uiz—l (2-8)
E_r+ E;
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One factor influencing nanoindentation that has been well documented is the indentation
size effect (ISE) [206]. A metal’s mechanical behavior is dependent on both its extrinsic and
intrinsic length scales. Shrinking the dimension associated with plastic deformation leads to a
divergence from bulk mechanical behavior. The size effects produce a “smaller is stronger” effect,
which is highly relevant to nanoindentation as the hardness increases rapidly at small indentation
depths. As characterizing materials on the micro and nanoscale has become more technologically
relevant, the influence of size effects is greatly enhanced as materials scientists strive to explain
phenomena on these length scales. The ISE has been attributed to strain gradient plasticity and the
generation of GNDs leading to the explosion in hardness at small length scales [206]. Because of
this, care must be taken to indent deep enough to collect reliable data (typically above 50nm). At
the other extreme, it is also crucial to maintain an indentation depth that is below 15% of the film
thickness as the substrate can influence the resulting load-displacement curve.

2.4 Transmission electron microscopy

Transmission electron microscopy (TEM) provides the unique capability of collecting a
range of information from a single sample, including microstructural imaging, atomic resolution
imaging, crystallographic orientation and texture, and chemical distributions. As described by the
name, electrons are required to transmit through a sample and as a result samples must be thinner
than ~100nm. The wavelength () of the incident radiation used in a microscope determines its
resolution, and this can be described by the de Broglie equation, which can be approximated as:

1=-2 (2-9).
Based on Equation 2-9, a TEM with an accelerating voltage of 100 kV would produce electrons
with a A ~ 4pm, leading to an ideal resolution on the order of 10’s of pm [207]. However, this is
physically impossible due to imperfections related to the electrostatic lenses directing the electrons
down the column. A resolution on the order of Angstroms is more realistic, and still enables the
study of the atomic structure of materials. A schematic of a TEM is shown in Figure 2-6(a) and an

image of the TALOS 200x TEM used in this study is shown in Figure 2-6(b) [207].
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Figure 2-6. (a) Schematic detailing different components and aspects of a typical TEM. (b) Snapshot of a TALOS
200x TEM, used in all the work in this thesis. [207]

After passing through the TEM column, electrons interact with the specimen and various
forms of scattering and diffraction occur. This enables the collection of a wide range of information
from an individual sample. Different types of detectors and cameras are required to collect this
range of information, leading to a very complicated system. Of the multitude of analytical
techniques capable of a TEM, this thesis employs a select few which will be reviewed here briefly.

Figure 2-7, adapted from [208], provides examples of a few utilized in this thesis.
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Figure 2-7. Examples of different types of imaging techniques used in a TEM for graphene. (2) TEM, (b) diffraction,
and (c) STEM. [208]

Bright field TEM (BF-TEM) is the most common form of imaging in the TEM, and it
utilizes the transmitted beam to generate an image of the materials microstructure. Hi-resolution
TEM (HRTEM) is a variation of BF-TEM where the user can image the atomic structure or nano-
scale defects, such as the lattice shown in Figure 2-7(a). Dark-field TEM (DF-TEM) information
is similar to BF-TEM imaging; however, the image is produced from a diffracted beam after tilting
to a specific zone axis. This can highlight certain crystallographic orientations or crystalline
defects. Selected area diffraction (SAD) takes advantage of the wave properties of an electron and
can produce a transmitted diffraction pattern, such as the example in Figure 2-7(b), that provides
crystal structure and orientation information. Scanning transmission electron microscopy (STEM),
depicted using graphene in Figure 2-7(c), is often used to characterize nanoscale or atomic defects
due to the focusing of the electron beam to a fine probe. Additionally, operating the TALOS 200x
in STEM mode enables the collection of chemistry information through energy dispersive
spectroscopy (EDS). The TALOS 200x a high-angle annular dark field (HAADF) detector and
super X electron-dispersive X-ray (EDS or EDX) detector equipped to perform this analysis.
Additionally, the TALOS 200x is equipped with a NanoMegas ASTAR system that utilizes
precession electron diffraction to characterize crystallographic orientation and texture over a wide
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area of a sample [209]. This can produce inverse pole figure maps, grain boundary maps, kernel
average misorientation maps, and phase mapping. All of these techniques were combined within

this thesis, and examples of each are shown throughout this work.

2.5 In-situ micropillar compression

The development of micropillar compression testing in the mid 2000’s revealed similar
“smaller-is-stronger” size dependent plasticity in samples uninfluenced by strain gradients [210—
212]. This mechanical testing method utilizes a truncated Berkovich or conical diamond flat punch
tip in a nanoindentation system to compress micropillars prepared using a focused ion beam (FIB).
Energetic ions (typically Ga®) sputter away material from the surface of a bulk sample, generating
a pillar that is subsequently compressed. Uchic [211] developed two FIB pillar fabrication methods,
(1) the annular method and (2) the ion lathe method, depicted in Figure 2-8. For the annular
method, the ion beam is oriented perpendicular to the sample surface, and a cavity is milled using
annular milling patterns around the area of interest. This cavity serves to ensure the indenter does
not interact with surrounding bulk material, as well as allowing for in-situ SEM imaging during
compression. To finish this method, the beam is kept at this angle to mill the final pillar shape. A
consequence of this process is a small taper angle that influences analysis. The ion lathe method
remedies this, as the surface is tilted to slightly off the FIB column during the final polishing step
and the ion beam is used similar to a lathe, removing taper [211]. The annular method is more
common since it takes significantly less time to fabricate a sample, reducing ion beam exposure
time. Electroplating is another technique that is less commonly used to fabricate micropillars.

Figure 2-9 shows two single crystal pillars fabricated by Uchic [211] using the ion lathe technique.
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Figure 2-8. Schematic illustrating the FIB process (using a duel beam FIB-SEM) for machining micropillars. (a) the
first step of each method that continues in (b)annular method and (c)ion lathe method. A key characteristic of the
annular step is the slight taper on the final micropillar in (b). The “lathe” method tilted to 28° from the FIB column
serves to eliminate this taper, but takes a significant amount of time, so can be foregone if the taper is minimized
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Figure 2-9. (a) SEM image of a 43 um diameter Ni3Al micropillar prepared by Uchic et al using the FIB ion lathe
method, with a gage length of 90 um. (b) A Ni superalloy micropillar with a diameter of 2.3 um diameter and a gage
length of 4.6 um. The Ni3Al precipitates are visible on the surface of the pillar. [211]
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Micropillar compression allows for testing at the length scale of most dislocation activity.
In addition, specific orientations can be fabricated from within a bulk sample, or local
heterogeneities can be isolated in nanostructured materials. Single crystal micropillars were
initially studied as they allowed direct comparison to widely tested bulk single crystals. Uchic [210]
identified the “smaller-is-stronger” size effect in Ni micropillars without the influence of strain
gradients. In addition, these samples experienced large periods of stochastic plastic flow
intermittently followed by elastic loading. These phenomena were demonstrated in a wide range
of FCC metals, including Ni [210], Au [212], Al [213] and Cu [214], with the results from

microcompression of Au [212] shown in Figure 2-10.
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Figure 2-10. (a) Resulting stress-strain curves from micropillar compression testing of Au with pillar size ranging
from 7450nm — 400nm illustrating the smaller is stronger trend. (b-d) SEM images of (b) undeformed, (c) deformed,
and (d) severely deformed Au micropillar. [212]

New theories that described this unusual compressive behavior include a source limited
model explaining the strength size effect, and a dislocation starvation model capturing intermittent
plastic flow. Both of these theories suggest that dislocation nucleation drives plasticity in samples
at this scale. Parthasarathy [215] suggested that the proximity of the free surface generates single-
arm Frank-Read sources, decreasing the source length. A higher stress is required to operate these
sources, leading to smaller pillars being stronger. Building upon this, a weakest-link model
suggested the strength is controlled by the weakest surface dislocation source [216]. In dislocation
starvation, the annihilation (or “mechanical annealing” [217]) of pre-existing dislocations at the
free surface effectively creates a dislocation free sample [212,218,219]. Dislocations are not able
to multiply in FCC metals due to the lack of cross slip, and instead annihilate at the free surface
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[220]. This requires dislocation nucleation to continue plastic flow, which is dependent on the
initial dislocation structure. The variability in initial dislocation structure leads to the stochastic
nature of plasticity in single crystal micropillars.

Due to the complicated FIB pillar fabrication technique and the limited sample volume,
micropillar compression faces many challenges pertaining to interpreting results. Minor alterations
to pillar geometry can generate artifacts in the data that misrepresent the true mechanical behavior
[221]. For example, pillar taper produces a non-uniform stress field, leading to a stress
concentration at the pillar top. Zhang et. al [222] highlight that pillar taper can generate spurious
work hardening and the experimental results from nanocrystalline Ni shown in [223] corroborate
the numerical simulations. The Ni pillars from this study are nanocrystalline, where no work
hardening is expected, however the stress-strain curves show clear work hardening [223]. Taper
generates strain gradients, producing a higher density of GND’s, which is a possible explanation
for the spurious hardening [224].

Outside of geometrical constraints, other factors must be considered. The elastic deflection
of the substrate/bulk material below the pillar influences the accuracy of modulus measurements
[221]. This issue has been corrected analytically by Greer [212] by subtracting out the Sneddon

compliance (Eq. 3) [225], from the inverse of the measured stiffness (Equation 2-10).

Vr(1-v?)
Csneddon = ZE;Toly—XV\/E (2'10)

1

pillar (1/Smeas)_CSneddon ( )

Further issues with measuring modulus and the yield point hinge on the ability to establish
good alignment between the indenter and the pillar. Unloading segments during compression can
be done to establish that good alignment is made. If the unloading is linear, it verifies that the
unloading is purely elastic, and that the indenter is well aligned. Building upon this, Uchic[221]
noted that the base material restricts the pillar aiding in preventing plastic deformation in the bulk.
Furthermore, the constraint of the pillar and friction between the platen and the pillar top helps
prevent plastic instabilities, such as buckling [222]. Both Zhang using FEM [222] and Uchic using
electron backscatter diffraction (EBSD) [221] evaluated the influence of this friction. Although it
prevents buckling, as shown in Figures 2-11(a) and 2-11(c), it does impact the uniformity of the

internal stress field. Similar to pillar taper, this leads to inaccuracies in flow stress and incorrect
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representation of strain hardening behavior [222]. Understanding the friction state within

micropillar compression experiments aids in interpreting the resulting stress strain curve.
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Figure 2-11. (a) Results of numerical model demonstrating buckling in samples without considering friction (left)
versus no buckling with friction (right). (b) Resulting stress-strain curves from numerical model that detail the drop-
off in stress due to buckling in no-friction (NF) samples with a>2. (c) Experimental results detailing similar trend with
differences in resulting stress-strain curves for the low-stiffness/high-stiffness platens. EBSD of the compressed pillars
reveal alterations in the stress field. [221,222]
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Figure 2-12. (a) Flow stress vs pillar diameter demonstrating comparable stress levels and slopes for the FIB (black
squares) and electroplated pillars (white diamonds). (b) DF TEM image of Ni pillar before mechanical treatments
(shown in plot below TEM image). Force is applied, demonstrating “mechanical annealing” with a pristine, dislocation

free pillar in (c). [217,218]
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Figure 2-12(a) shows similar size effects between FIB and electroplated Au samples,
demonstrating that Ga* damage is minimal. In comparison, it was identified that the longer milling
times characteristic of the lathe method did in fact influence the mechanical behavior [226].
Further exploring this, Shan, utilized mechanical pre-loading on Ni nanopillars to study the effect
of varying initial dislocation density [217]. Shan compared as prepared FIB samples, containing
pre-existing dislocations, with the “mechanical annealed” samples, which were relatively
dislocation free and found similar strengthening trends [217]. This further establishes that the
effect of FIB milling on the resulting mechanical properties is not significant and do not drastically
affect the results. Overall, many of these experimental issues have been accounted for and factored
into analysis, but it is still important to critically assess these factors test the validity of the results.
To extract accurate information from micropillar compression tests, assessing the extent of these
constraints is important.

For the work in this thesis, in-situ micropillar compression experiments were performed
using a Bruker/Hysitron Pl 88 nanoindenter inside a FEI Quanta 3D scanning electron microscope
to probe the deformability and compressive strength of these films. Pillars and TEM samples of
deformed pillars were fabricated using an equipped focused ion beam (FIB) inside an FEI Quanta
3D scanning electron microscope. The pillar height and diameter were ~1600 nm and 800 nm
respectively, with the taper minimized below ~2° during pillar fabrication. Pillars were
compressed using a Bruker/Hysitron Pl 88 nanoindenter to ~20% strain using displacement control,
with a strain rate at 5 x 1073, Pillars were compressed with numerous partial unloading segments
to assess the validity of the alignment during compression. To calculate the true stress and true
strain, first, the influence of any elastic deformation of the Si substrate underneath the films and
the diamond flat punch was estimated using the formulation by Sneddon [225] where he
considered the pressed elastic half-space of a cylinder. The equation for the modified displacement

is below:

_ _ 1-VGig (L) _1vg F i
U= Umea Egia \dit Eg; (db) (2 12)'

In Equation (2-12), vdia and Egdia represent the Poisson ratio and the modulus of diamond, 0.07
and 1140Gpa, respectively. F is the measured force with umea the measured displacement. Dit, do
represent the top and bottom diameter of pillars. Likewise, The Esi and vs; denote the elastic

modulus and Poisson ratio of the Si (111) substrates, and are 189 GPa and 0.26, respectively.
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Because of the pillar dilation commonly seen in micropillar compression, the deformation is
not homogonous meaning the classic model for converting engineering stress to true stress in not
applicable, specifically o, = a,(1 — €,). As a result, the true stress was calculated using dynamic
measurements of the instantaneous diameter of the pillar top to provide an accurate estimation of
the updated contact area throughout the experiment. The true strain was calculated using the

classical formulation, &, = In (1 + &,).
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3. MICROSTRUCTURAL & MECHANICAL PROPERTIES OF
NANOTWINNED AL-ZR WITH SIGNIFICANT 9R PHASE

The density functional theory (DFT) calculations had been completed by Dr. Dongyue Xie,
Dr. Mingyu Gong and Dr. Jian Wang from the University of Nebraska-Lincoln.

This chapter includes content reproduced with permission from “Microstructural evolution of
nanotwinned Al-Zr alloy with significant 9R phase” by N.A. Richter, Y.F. Zhang, D.Y. Xie, R.
Su, Q. Li, S. Xue, T.J. Niu, J. Wang, H. Wang and X. Zhang, Materials Research Letters 9(2)
(2020): 91-98 Copyright 2020 Taylor and Francis Group.

And from “Exploring the deformation behavior of nanotwinned Al-Zr alloy via in situ
compression” by N.A. Richter, M. Gong, Y .F. Zhang, T.J. Niu, B. Yang, J. Wang, H. Wang and
X. Zhang, Journal of Applied Physics 132 (2022): 065104 Copyright 2022 AIP Publishing.

3.1 Overview

Nanotwinned metals have demonstrated the capacity for concomitant high strength and
ductility. However, metals with high stacking fault energies, such as Aluminum (Al), have a low
propensity for twin formation. Here, we show the fabrication of supersaturated solid-solution Al-
Zr alloys with a high density of growth twins. Incoherent twin boundaries (ITBs) are strong barriers
to dislocation motion, while mobile partial dislocations promote plasticity. These deformable
nanotwinned Al-Zr alloys reach a flow stress of ~1 GPa, as demonstrated using in-situ micropillar
compression tests. Density functional theory calculations uncover the role Zr solute plays in the
formation and deformation of the nanotwinned microstructure. This study features a strategy for
incorporating ITBs and 9R phase into Al alloys for simultaneous benefits to strength and

deformability.

3.2 Introduction

Aluminum alloys are a mainstay for lightweight structural applications. However, like most
metallic materials, increasing their strength is typically accompanied by sacrificing ductility [227—
229]. Nanocrystalline (NC) metals have high strength due to a lack of dislocation pile-ups in
nanograins, but they often have poor ductility manifested by shear banding, as conventional
dislocation plasticity mechanisms are difficult to operate in nanograins [45,230-232]. Softening is

often observed in nanocrystalline metals below critical grain sizes due to the activation of grain
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boundary (GB) sliding and GB diffusion based deformation mechanisms [49,233]. A significant
amount of research aimed at mitigating strength-ductility trade-off has led to some profound
discoveries and innovations. A classic example is twinning induced plasticity (TWIP) steels, where
deformation twins offer simultaneous strength and plasticity [227,234-237]. High entropy alloys
(HEASs) are a newer family of metallic materials that have recently incorporated TWIP effects to
avoid sacrificing ductility [238,239]. Another avenue for simultaneous enhancement of strength
and deformability is through gradient microstructures [240-244]. The combination of fine grains
and coarse grains in these structurally graded metals helps to overcome the strength-ductility trade-
off.

The influences of twin boundaries on strength and ductility have been extensively
investigated in face-centered-cubic (FCC) metals with low stacking fault energy (SFE),
predominately Cu (45 mJ m) [169,245] and Ag (16 mJ m) [170,246]. When deposited using
electrodeposition or magnetron sputtering, these metals form abundant X3 (111) coherent twin
boundaries (CTBs) with nanoscale twin spacing, and CTBs strongly inhibit dislocation
transmission [51,172,173,247-252], as demonstrated using in-situ nanoindentation experiments
and molecular dynamics simulations [156,253-255]. 3 {112} Incoherent twin boundaries (ITBs)
and Shockley partial dislocations are also important for maintaining ductility and high strengths
[156,173,256,257]. Nanotwinned (NT) metals also possess a high strength-to-resistivity ratio
[169,172,258] and have remarkable thermal stability [135,136,259,260] compared with their
nanocrystalline counterparts as CTBs store much lower energy than high angle GBs, and electron
scattering coefficient at CTBs is one order of magnitude lower than high angle GBs [258]. TBs
are difficult to form in FCC metals with a high SFE due to the high ratio of the stable SFE to

unstable SFE (ysf /Vus f), which prevents the formation of stacking faults by limiting the distance

between leading and trailing partials [187,261]. Thus twins in high SFE metals can rarely form
except under extreme conditions, such as severe plastic deformation or at the high stress
concentration of crack tips [187,262,263]. Recent discoveries in high SFE metal films, such as Ni
(120 mJ m?) and Al (160 mJ m?), show the formation of a high density of growth twins
[154,171,189,192,193,200,243,264-267]. Xue et al. demonstrated a texture dependence on the
formation mechanisms of growth twins in Al [189,190] and Bufford et al. identified a template
method for replicating TB structures from a low SFE coherent seed layer into high SFE Al films
[154,158]. More recently, alloying sputtered Al films with various transition metal solutes has
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demonstrated the capability of forming NT microstructures in Al composed of abundant ITBs
[200]. These Al alloys possess extremely high strengths (up to ~2Gpa compressive flow stress
[139,183]) while maintaining impressive plasticity due to the presence of a high density of partial
dislocations making up the periodic 9R phase [159,177].

This work investigates the deformability of NT Al-Zr alloy films, with the aim of
demonstrating simultaneous improvements to strength and deformability. Literature suggests Zr is
a slow diffuser in Al and plays a critical role in stabilizing microstructures as a result [268,269].
These observations prompt us to investigate the impact of Zr solutes on mechanical stability of
GBs and TBs in NT Al alloys. In-situ microcompression tests explore this phenomenon, with a
multifaceted look into the role of Zr solute on the microstructure of these alloys using density
functional theory calculations and microscopy. This study underscores the role TBs on the strength
and work hardening ability of Al alloys.

3.3 Experimental

Magnetron sputtering was used to deposit 2 um thick Al-xZr (x = 0-10 at%) films with a
40nm Ag seed layer onto HF etched Si (111) substrates. Al (99.999%), Ag (99.999) and Zr
(99.995%) targets were used, and the chamber base pressure was below 4 x 10 torr before
deposition. Out-of-plane 6-26 X-ray diffraction (XRD) scans were completed using a Panalytical
Empyrean X’pert PRO MRD diffractometer operated at 40kV using Cu Kaa X-rays to explore the
texture and structure of the films. Transmission electron microscopy (TEM) samples were
prepared by mechanical grinding, dimpling, and low-energy ion milling, with care taken to avoid
sample heating. The microstructure and composition were examined using an FEI Talos 200X
analytical microscope operated at 200 kV with a Fischione high-angle annular dark field (HAADF)
detector and super X energy-dispersive X-ray spectroscopy (EDS) detector. Crystallographic
orientation mapping and GB misorientation measurements were made using Nanomegas
ASTAR™ with a camera length of 205mm, a precession angle of 0.6°, and a step size of 5 nm in
the same TEM. The hardness and moduli of these films were measured using a Hysitron TI
Premiere nanoindenter under displacement control. 75 indents at different depths were performed
on each sample to guarantee data reliability, and the indentation depth was less than 15% of the
film thickness to exclude any substrate effects. Micropillar compression was performed to probe

the deformability and compressive strength of these films. Pillars and TEM samples of deformed
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pillars were fabricated using an equipped focused ion beam (FIB) inside an FEI Quanta 3D
scanning electron microscope. The pillar height and diameter were ~800 and 1600nm respectively,
with the taper angle minimized to below 2° during pillar fabrication. Pillars were compressed using
a Hysitron P188 nanoindenter to ~20% strain using displacement control, with a strain rate at 5 x
1073, Pillars were compressed with numerous partial unloading segments to assess the validity of
the alignment during compression. To calculate the true stress and true strain, First, the influence
of any elastic deformation of the Si substrate underneath the films and the diamond flat punch was
estimated using the formulation by Sneddon [225] where he considered the pressed elastic half-
space of a cylinder. The equation for the modified displacement is below:

_ _ 1V (L) _ 1V o F _
U= Umea Egia \dit Eg; (db) (3 1)

In Equation 3-1, vgia and Edia represent the Poisson ratio and the modulus of diamond, 0.07
and 1140Gpa, respectively. F is the measured force with umea the measured displacement. Dit, dn
represent the top and bottom diameter of pillars. Likewise, The Esi and vsi denote the elastic
modulus and Poisson ratio of the Si (111) substrates, and are 189 Gpa and 0.26, respectively.
Because of the pillar dilation commonly seen in micropillar compression, the deformation is not
homogonous meaning the classic model for converting engineering stress to true stress in not
applicable, specifically o, = 0,(1 — €,). As a result, the true stress was calculated using dynamic
measurements of the instantaneous diameter of the pillar top to provide an accurate estimation of
the updated contact area throughout the experiment. The true strain was calculated using the

classical formulation, &, = In (1 + &,).

3.4 Results

The XRD patterns in Figure 3-1(a) reveal the strong (111) texture, with the Al(111) peak
intensity decreasing with increasing Zr content. The lack of additional peaks also confirms the
formation of a super-saturated solid solution across all compositions. The pole figure scans
presented in Figure 3-2 support these findings and further identify the presence of twin boundaries
in Al-Zr sputtered films. The bright field (BF) TEM image in Figure 3-1(b) shows Al-4.3Zr is
composed of low angle grain boundaries (LAGBSs), further characterized in the kernel average
misorientation (KAM) and grain boundary (GB) maps shown in Figure 3-4, and the corresponding
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selected area diffraction (SAD) pattern demonstrating “single-crystal like” texture. In comparison,
the inserted SAD pattern of Al-10Zr in Figure 3-1(c) reveals diffraction ring indicative of high
angle grain boundaries (HAGBS). The addition of Zr reduces the average grain size in Al from 98
nm (with primarily low-angle GBs) to 50 nm with dominant high-angle GBs. Figure 21 shows the
lattice parameter measured by Xx-ray diffraction follows Vegard’s law with Zr composition, which
further confirms the formation of a solid solution [270]. The inverse pole figure (IPF) maps
collected from ASTAR in Figure 3-3 show the texture progression from single-crystal like
(dominant singular texture oriented grains with low misorientation boundaries separating them)
{111} texture in for Al-4.3Zr to randomly oriented nanograins in Al-10Zr. Figure 3-4 reveals the
NT Al-10Zr sample is composed of a distribution of high angle and low angle grain boundaries as
well as X3 twin boundaries. The results from these IPF maps correspond well with the SAD

evolution and clearly show the strong grain refinement induced by Zr solutes.
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Figure 3-1. (a) XRD scans of the (111) textured NT Al-Zr films deposited on Si (111) substrates. (b) Plan-view BF-
TEM micrograph with corresponding selected area diffraction (SAD) insert of an Al-4.3Zr sample reflecting its single
crystal-like texture and numerous low angle grain boundaries (LAGB). (c) BF-TEM micrograph with corresponding
SAD insert of an Al-10Zr plan-view sample possessing fine polycrystalline nanograins with strong (111) out-of-plane
texture. (d) Grain-size statistics for each NT Al-Zr sample demonstrating clear structural refinement with increasing
Zr content. | Lattice parameter evolution with Zr content.
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Pure Al

A|-102rk

Figure 3-2. X-ray pole figures for Al-Zr alloys identifying the textural evolution with increasing Zr content. All
samples are {111} textured. However, it is evident the transition from single-crystal Al to nanotwinned Al-Zr. Al-
10Zr also demonstrates some in-plane rotation as indicated by the streaks between the 6 (220) spots on the (111) pole
figure.

Al-4.3Zr Al-6Zr Al-10Zr

Figure 3-3. (a) ASTAR IPF map demonstrating the single-crystal-like {111} out-of-plane texture in Al-4.3Zr. (b) IPF
of (111) textured Al-6Zr. (c) IPF of nanocrystalline Al-10Zr. All images were taken along the <111> zone axis.
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Cross-section TEM analysis was also conducted along the <110> zone axis to study the
microstructure in further detail. Comparing BF-TEM images for the Al-4.3Zr (Figure 3-5(a)) and
Al-10Zr (Figure 3-5(d)) samples, it is obvious the microstructures are both composed of an
abundance of vertically oriented columnar boundaries. The inserted SAD patterns in Figures 3-5(a,
d) confirm these samples are highly twinned. Additionally, the dark field (DF) TEM images
(Figure 3-6) taken with g = [200] also show the twin relationship across a columnar ITB, with
the matrix (M) and twin (T) variants labelled. The high-resolution TEM (HRTEM) image of Al-
4.3Zr in Figure 3-5(c) shows a sharp ITB taken from the location outlined by the box in Fig. 3-
5(a). The HRTEM image in Figure 3.5(f) taken from the box location in Fig. 3-5(d) of the Al-10Zr
sample shows the formation of diffuse ITBs, or 9R phase. ITBs are composed of a repeating array
of 3 Shockley partial dislocations (b2:b1:bs), where b1 is mobile and reduces the boundary energy
by gliding away from the sessile b2 and b3 [155,271]. This arrangement produces a “diffuse” ITB,
termed 9R phase due to the periodicity of the phase. This 9R phase stabilization leads to a larger
volume fraction of 9R phase at higher Zr content, which directly impacts the mechanical properties,

to be discussed later.
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Al-4.37r

Figure 3-4. Automated crystallographic orientation mapping conducted using a TEM highlighting low angle grain
boundaries (LAGB) in NT Al-4.3Zr using (a) kernel average misorientation (KAM) map and (b) image quality (1Q)
overlayed with a grain boundary (GB) map. Image quality (1Q) maps overlayed with grain boundary (GB) maps
revealing the boundary type information for (a) NT Al-6Zr and (b) NT Al-10Zr.
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Figure 3-5. (a) Cross-section TEM (XTEM) micrograph and corresponding SAD insert of Al-4.3Zr revealing an
abundance of columnar ITBs. 9R spots are also identified in the SAD pattern. (b,c) Hi-resolution TEM (HRTEM)
images of a sharp ITB in the Al-4.3Zr film. (d) XTEM micrograph and corresponding SAD insert of Al-10Zr revealing
a further refined columnar structure containing ITBs, confirmed by the SAD insert. 9R spots are also identified. (e-f)
HRTEM images showing a broad patch of 9R phase spanning 50 nm across an entire column in the Al-10Zr film,
representative of the overall microstructure seen in these films.
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Figure 3-7(a-c) contains in-situ SEM snapshots from micropillar compression tests
conducted on Pure Al, Al-4.3Zr and Al-10Zr. Looking at the real-time morphological evolution of
the pillars provides insight into the deformability of these alloys under compression. The Pure Al
(Figures 3-7(a)) micropillar displays evident shear band formation. In comparison, the Al-4.3Zr
micropillar exhibits pillar barreling indicative of significant plasticity. The Al-10Zr pillar is also
highly deformable, however the morphology transitions to limited dilation of the pillar top. The
true stress-strain curves in Figure 3-7(d) show Al reaches a maximum flow stress of ~150MPa
with a highly serrated flow curve, commonly seen due to shear banding. The NT Al-4.3Zr and Al-
10Zr samples reach significantly higher flow stress, ~600 MPa and 1.1 GPa, respectively.
Interestingly, they maintain significant compressive deformability at these high strengths.
Additionally, the work hardening response is noticeably improved from the Al-4.3Zr to the Al-
10Zr, highlighted in the work hardening rate plot in Figure 3-7i, which will be discussed in greater

detail later.

Al-4.3Zr Al-10Zr

Figure 3-6. Dark field (DF) TEM images reflecting the fine nanotwinned columnar structure in both the (a) Al-4.3Zr
and (b) Al-10Zr samples. Both images were taken along the g = [200] with the matrix and twin variants labeled across
vertical ITBs.
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Figure 3-7. In-situ snapshots of micropillar compression tests for (a) Pure Al, (b) Al-4.3Zr, and (c) Al-10Zr. These
snapshots identify clear shear banding in the Pure Al sample in (a), and more uniform deformation represented by
(b) barreling and (c) dilation of the pillar top. (d) True stress-strain curves for the 3 Al-Zr alloys demonstrating
increasing flow stress with Zr content. | The Al-10Zr sample has higher work hardening rate than the Al-4.3Zr and
Al samples.

Figure 3-8 contains the post-mortem TEM analysis of the deformed Al-4.3Zr micropillar.

Figure 3-8(a) shows a BF TEM image overview of the deformed pillar taken along the [011] zone

axis. Figure 3-8(b) shows a DF TEM image taken along the g = - [111], revealing the extent of

W

detwinning occurring throughout the top half of the pillar. The microstructure remains relatively
unchanged at the base of the pillar. Figures 3-8(c-e) show the SAD pattern evolution from the
pillar top (Figure 3-8(c)) down to the base (Figure 3.81), corresponding to the regions highlighted
by the yellow circles in Figure 3-8(a). The progression of the diffraction patterns shows the same
trend depicted in the dark field, with the pillar top experiencing almost complete detwinning and
significant grain rotation. The SAD pattern of the pillar base reflects little grain rotation and the
twin and 9R superlattice spots remain intact. Figures 3-8(f) and 3-8(g) contain HRTEM images
taken from the regions highlighted using the yellow squares in Figure 3-8(a). Figure 3-8(f) taken
from the top region of the deformed pillar confirms the extent of detwinning that takes place as

the entire region is composed of single-crystal FCC structure with no 9R phase. In comparison,
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HRTEM image taken from the pillar base in Figure 3-8(g) shows pristine 9R phase that remains

intact through deformation.
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Figure 3-8. (a) Low magnification BF-TEM image showing an overview of the deformed Al-4.3Zr micropillar, with
a (b) corresponding DF-TEM image, g = [111]. (c-e) SAD patterns corresponding to the regions circled in (a). (f, g)
HRTEM images taken from the (f) top (severely detwinned) and (g) base region (microstructurally stable) of the
deformed pillar.

The BF TEM image for the deformed Al-10Zr pillar in Figure 3-9(a) reveals a difference in
post-deformed microstructure with higher Zr content. The columnar ITB structure is continuous
throughout the pillar, unlike the Al-4.3Zr sample which experienced extensive detwinning. Figure
3-9(b) shows an EDS map, which exhibits no solute segregation after deformation. Figures 3-9(c-
e) show the SAD pattern evolution moving from the pillar top down to the base. Figure 3-9(c)

shows clear grain rotation near the pillar top. Both the twin and 9R spots are retained in each
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diffraction pattern throughout the pillar. HRTEM images were also collected at four representative
locations highlighted using yellow squares in Figure 3-9(a). Figure 3-9(f) taken at the top of the
deformed pillar shows 9R phase that is highly deformed due to interactions with dislocations.
Figure 3-9(g) reveals minor detwinning and discontinuous 9R phase in the middle of the pillar.
The pillar base shown in more detail in Figures 3.9(h-i) contains a significant fraction of 9R phase,

similar to the as-deposited Al-10Zr microstructure.

Figure 3-9. (a) Low magnification XTEM image showing an overview of the deformed Al-10Zr micropillar, with a
(b) corresponding EDS map. (c-e) SAD patterns corresponding to the regions circled in (a). (f, g) HRTEM images
taken from the (f) top and (g) middle portion of the deformed pillar showing distorted 9R phase. (h, i) HRTEM images
taken from the pillar base showing a relatively undeformed base.
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3.5 Discussion

To understand the difference in deformation response with evolving Zr content, it is first
necessary to extract the difference in microstructure in these alloys. As evident in the grain size
evolution (Figure 3-1(d)) and XTEM images (Figure 3-5), Zr addition is a significant factor in
both grain refinement and alteration of the ITB structure. Density functional theory (DFT)
calculations were performed to explain the influence of Zr solute on the formation of ITBs and 9R
phase during deposition. A schematic in Figure 3-10(a) illustrates the atomic configurations used
in the DFT calculations for determining the migration energies of trimers and heptamers.
Magnetron sputtering inherently possesses an extremely high quenching rate [272]. This far-from-
equilibrium process promotes an extension of solid solubility limits, a significant factor of the
microstructural evolution presented in this study [272,273]. As is evident in the XRD presented in
Figure 3-1, these Al-Zr films present no evidence of intermetallic phase formation and are
complete solid solutions even at 10at% Zr. Another aspect of this high degree of solubility relates
to the defect formation energies. Figure 3-10(b) contains a plot detailing the defect formation
energies corresponding to Zr solute residing at either interstitial (octahedral vs tetrahedral) or
substitutional sites. The DFT calculations reveal that Zr prefers to reside at substitutional sites in
the Al lattice. The slow diffusing Zr solute [274] obstructs Al self-diffusion, providing an increased
energy barrier for the correction of any stacking faults or twins formed during deposition.
Additionally, the migration energies of surface trimer (Figure 3-10(c)) and heptamer (Figure 3-
10(d)) clusters were calculated using DFT. Multiple pathways were calculated for the trimer case,
with the red symbols indicating a cluster shifting from a hollow site to residing over an HCP atom,
and black showing the reverse movements. Each of the conditions calculated in Figures 3-10(c-d)
results in an increase in migration energy for these surface clusters, with the heptamer migration
energy increasing by 0.19eV. These calculations suggest that Zr increases the energy barrier for
defaulting during film growth. In spite of the high SFE inherent to Al and its alloys, the DFT
presented here provides a compelling explanation for how Zr additions aid in stabilizing the unique
NT microstructure synthesized in this study.
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Figure 3-10. (a) Schematics detailing the methodology implemented for these calculations. (b) Formation energies
for various Zr defects in Al, demonstrating that Zr prefers to reside at substitutional sites on the Al lattice. (c)
Density functional theory (DFT) results for the migration energy of surface trimers during deposition. For the
calculations, the red symbols represent path ‘Trimer P1” with the atom shifted from a hollow site to over an HCP
atom, while the black symbols represent path “Trimer P2’ moving in the opposite direction. (d) DFT results for the
migration energy of surface heptamers during deposition.

The high strengths of these NT Al-Zr alloy films arise from several factors that are closely
tied to the unique microstructure of the films. These include solid solution strengthening (SSS),
ITB induced boundary strengthening, and 9R phase induced strengthening. First, although the
equilibrium solid solubility of Zr in Al is minimal, due to the high quenching rate in sputtering, a
high concentration of Zr atoms can be trapped in matrix, forming a supersaturated solid solution.
The Zr solute atoms induce lattice distortion and the consequent SSS in NT Al-Zr can be estimated
by using the Fleischer equation [38],
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Adgs = 0.0235 * Ggpppy * £5°/%c1/? (3-2)
where Acss represents the strength increment, Gsov is the shear modulus of Al, c is the solute

concentration. Es is defined as:

1 aG
it
Gg dc 1 da
ey = [T~ g e )
1+ Asoly  dc
2 GSOlU dc

where G is the shear modulus of the alloy, asoiv and a are the lattice parameter of Al and the alloy
respectively. For this calculation, it is assumed that both dG/dc and da/dc are linear with solute
concentration. These calculations demonstrate the minor hardening contribution from SSS, with
only a Aoss increase of 0.0283 GPa for 10at% Zr, after considering the Tabor (2.7) [39] and Taylor
(3.1) factors [40]. This calculation suggests that SSS alone cannot account for the high strength of
the NT Al-Zr alloys.

The Hall-Petch plot in Fig. 3-11(c) captures the impact of the TB induced strengthening
effects. Since the influence of SSS is minor, the large increase in Hall-Petch slope (ky) to ~9.29
GPa/nm*? (comparing with 4.7 GPa/nmY? NC Al) can be attributed to the presence of both sharp
ITBs and expanded 9R phase, similar to thin and thick GBs reported recently in Ni alloys [41].
Ding et al show that a thick GB leads to a high Hall-Petch slope compared with the same alloys
with thin GBs. MD simulations prove that the thick GB is more effective to strengthen
polycrystalline materials [41]. The ability of ITBs to provide strengthening by blocking
dislocations has been clearly supported by both in-situ nanoindentation and MD simulations,
demonstrating the ability of ITBs in Al films to resist dislocation pileups and induce substantial
work hardening [22]. In addition, MD simulations of compression tests of NT Al-Fe further
elucidate the extensive interactions between dislocations and 9R phase [30]. The high fraction of
9R phase in these NT Al-Zr alloys provides an opportunity to isolate 9R’s impact on Hall-Petch
strengthening. The presence of the 9R phase (Figure 3-5(f)) and the periodic SF structure means
that mobile dislocations will be obstructed by 9R phase, or diffuse ITBs, in addition to the narrow
(sharp) ITB columnar boundaries. 9R phase effectively block the transmission of mobile
dislocations, and adds a new component to the strengthening equation as follows:

0 =0y + Aogs + kgd ™% + kg L™Y/? (3-4)
where kor and L represent the 9R strengthening coefficient and spacing between 9R regions,
respectively. Since MD simulations have demonstrated the similarity between ITBs and high angle
GBs in preventing dislocation emission [42,43], a k value of ~4.7 GPa/nm?? [37] for NC Al (Fig

108



3-11i) was adopted for ki, and d represents the columnar grain size measured in this study, or
the spacing between narrow ITBs. L, the spacing between regions of 9R phase, was determined
based on a ratio between the average 9R width (der) and the volume fraction of 9R phase (for),
shown in Figure 3-11(a). Figure 3-11(b) illustrates the terms described here and relates them to the

microstructure. The equation for L is given by:

L == ?LR - ng (3'5)

9R

With L determined, Equation 3-5 was used to estimate kor, which was calculated to be 6.9
Gpa/nm*2, It is reasonable that kg is greater than kirs (4.7 Gpa/nm*?) as the diffuse ITB and
periodic SF structure provide additional obstacles to dislocation motion, as supported by MD
simulations [30]. This simple estimation demonstrates the substantial impact of 9R phase on the

mechanical properties of these NT Al alloys.
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Figure 3-11. (a) Statistics detailing the width of 9R patches (width of diffuse ITBs), spacing between 9R phase patches
and 9R phase fraction measured using HRTEM images. (b) Schematic demonstrating the microstructural features seen
in the NT Al-Zr films, with key terms used for the statistics in (a) labeled. (c) Hall-Petch plot comparing the results
from this study with other NT Al and NC Al samples from literature [195,275-277]. (d) Specific strength — specific
stiffness bubble plot demonstrating the high strength and light weight capability of NT Al-Zr alloys.
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Zr solute plays a further role on altering the plasticity exhibited by these alloys. The extent
of these changes is heavily tied into the relationship between Zr solute content and the fraction 9R
phase stabilized in the microstructure as a result. Figure 3-11(a) shows the overall phase fraction
of 9R phase (for) increases to 60% with 10at% Zr. Figure 3-11(b) illustrates the microstructural
characteristics of NT Al-Zr alloys with ITBs and 9R phase. The values shown in Figure 3-11(a)
were determined based on extensive HRTEM analysis, measuring the average column size (d) and
average 9R width (dor). The spacing between 9R phase (L), which was used to determine the
contribution of 9R to the increasing Hall-Petch slope in the previous study [271], was calculated
based on Equation 4. As shown in Figure 3-11(a), the width of 9R increases with Zr content until
~6at% Zr, beyond which it plateaus at ~30nm. L continues to drop since Zr further refines the
column size, reducing the matrix width between each patch of 9R phase. Thus, for increases with
the further addition of Zr solutes in the alloys.

The increase in the work hardening rate determined from micropillar compression testing
(Figure 3-11i) can be attributed to several possible sources tied into this microstructure evolution.
First, the increase in for leads to a larger percentage of the matrix composed of the complex
stacking fault array of diffuse ITBs. As a result, dislocations will have an increased rate of
interaction with defects, leading to the slight jump in work hardening response. These types of
dislocation-9R phase interactions were captured using molecular dynamics simulations carried out
in NT Al-Fe by Li et al [159]. Second, the reduction in grain size from 100nm (Al-4.3Zr) down to
50nm (AIl-10Zr) has further implications on the work hardening. Decreasing grain size has been
shown to play an important role in work hardening. The correlation between work hardening and

grain size can be expressed by [22]

(55455 ) =

where p is the dislocation density, M is the Taylor factor, b is the magnitude of the Burgers vector,
f is a constant, sensitive to the strain rate and temperature, d is the grain size, and ko and ki are
Hall-Petch constants related to the nature of the grain boundaries. Sun et al. utilized a modified
Kocks-Mecking model to explain the increase in work hardening seen in NC FeCrAl alloys
[278,279]. The work hardening increase in their UFG FeCrAl alloys was attributed to a higher
dislocation storage rate at finer grain sizes, which is reflected in Equation 3-6. This phenomenon
provides another supporting argument for the augmentation of work hardening in the NT Al-10Zr

with finer grains.
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Third, we examine the evolution of the ITB structures induced by mechanical loading and
its correlation to the work hardening. The post-mortem TEM of the deformed Al-4.3Zr pillar
(Figure 3-8(a, b)) shows the top half of the pillar experienced extensive detwinning (softening).
In contrast, the pillar base maintaining the as-deposited microstructure, leading to hardening. The
concomitant high strengths and large deformability demonstrated here can thus be linked to the
simultaneous strain hardening (explained earlier) and strain softening (detwinning) during
microcompression. However, Al-4.3Zr and Al-10Zr possess similar as-deposited microstructures
yet a noticeable difference in the work hardening response (Figure 3-7i). Such a difference lies in
the extent of detwinning occurred in the two alloys. In contrast, as shown in Figure 3-9, the twin
and 9R phase retain even at the top of the deformed pillar in Al-10Zr, which experiences the largest
stress state due to pillar taper inherent to the fabrication process [222]. The stress concentration
and rotational gradients present at the pillar top have also been attributed to test constraints, rather
than induced from taper alone [280]. The resulting reduction in strain softening in the Al-10Zr
alloy is because the higher Zr content stabilizes the mobile partial dislocations composing 9R
phase and inhibits detwinning, leading to more extensive work hardening. The stabilization of 9R
phase by Zr solutes is consistent with DFT calculations showing the increase of migration energy
barriers for trimers and heptamers in Al. Despite geometrical constraints (pillar taper) limiting the
ability to accurately determine the work hardening exponent, the pillars in this study exhibit similar
geometries and a self-comparison on work hardening ability should still be valid [222]. Overall,
the extended degree of solid solubility achievable through magnetron sputtering leaves its
fingerprint on both the microstructural evolution and the mechanical response of these NT Al
alloys. This study highlights the significance of solutes on stabilization of 9R phase and consequent

impact on accomplishment of high strength and work hardening ability in NT Al alloys.

3.6 Conclusion

Sputtered Al-Zr alloys with abundant ITBs and 9R phase have high strength (1.1 Gpa flow
stress) and highly deformability. The post-mortem TEM analyses of the deformed pillars uncover
the importance of the columnar ITBs in the work hardening response of these alloys. DFT
calculations explain the role of Zr solutes in formation and stabilization of ITBs in Al. The

interplay of ITBs and 9R phase with dislocations induces high strength and significant work
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hardening ability in Al alloys. This work highlights the mechanical properties of Al alloys and

underscore an important method for fabricating high strength Al alloy coatings.
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4. ASSESSING STRAIN RATE SENSITIVITY OF NANOTWINNED AL-
ZR ALLOYS THROUGH NANOINDENTATION

This chapter includes content reproduced with permission from “Assessing Strain Rate
Sensitivity of Nanotwinned Al-Zr Alloys through Nanoindentation” by N.A. Richter, X. Sheng,
B. Yang, B.T. Stegman, H. Wang, and X. Zhang, Crystals (2023): 13 Copyright (2023) MDPI.

4.1 Overview

Nanotwinned metals have exhibited many enhanced physical and mechanical properties.
Twin boundaries have recently been introduced into sputtered Al alloys in spite of their high
stacking fault energy and. These twinned Al alloys possess unique microstructures composed of
vertically aligned X3(112) incoherent twin boundaries (ITBs) and have demonstrated remarkable
mechanical strengths and thermal stability. However, their strain rate sensitivity has not been fully
assessed. A modified nanoindentation method has been employed here to accurately determine the
strain rate sensitivity of nanotwinned Al-Zr alloys. The hardness of these alloys reaches 4.2 GPa
while simultaneously exhibiting an improved strain rate sensitivity. The nanotwinned Al-Zr alloys
have shown grain size dependent strain rate sensitivity, consistent with previous literature findings.

This work provides insight into a previously unstudied aspect of nanotwinned Al alloys.

4.2 Introduction

The mechanical strength of single phase metallic materials is often largely determined by their
grain size (d), and such dependence is often described by the classic Hall-Petch relationship
[39,40,281,282]:

o, = 0o+ kyd? (4-1)

Where oy is the yield strength, oo is the friction stress and ky is the Hall-Petch coefficient.
Various efforts have been made to pushing material grain sizes into the nanometer regime
[233,283], via severe plastic deformation [99,278,284,285], physical vapor deposition [286-290],
and inert gas condensation [94,291-293]. These studies have focused on nanocrystalline (NC)
materials with grain sizes of less than 100 nm that show remarkable mechanical properties as well
as novel grain boundary (GB) mediated deformation mechanisms [294]. Another mechanical
property closely linked to GB spacing is strain rate sensitivity (SRS) [295]. SRS is an important
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parameter that describes both the deformability and thermally activated deformation (creep) of
metallic materials [95,296,297]. Correspondingly, increasing the SRS exponent (m) is typically
linked to enhanced ductility [95,295]. The variation in SRS of metallic materials is also heavily
dependent on its crystal structure. Body centered cubic (BCC) metals are much more sensitive to
changes in temperature and strain rate than face centered cubic (FCC) metals due to their lower
activation volumes [102,295,298,299]. FCC metals exhibit increasing SRS with decreasing grain
sizes, while BCC metals show the opposite trend [95,102,299]. Chen et al. demonstrated that UFG
and NC FCC Cu revealed increasing m with decreasing grain size [297]. Quantifying the
relationship between SRS and microstructures is crucial to fully understand the mechanical
response NC metallic materials.

Nanotwinned (NT) metals have been extensively investigated due to their simultaneous
increase in strengths and ductility [169,172,173,248,300]. Most prior studies on NT metals have
focused on systems with low stacking fault energy (SFE) [192,193,301], characteristic of a few
FCC metals including Cu (22 mJ/m?) [302,303], Ag (16 mJ/m?) [170,304] and several stainless
steels (~50 mJ/m?) [305]. A high SFE provides a significant barrier to twin formation [306].
Recently, magnetron sputtering has been used to stabilize far from equilibrium NT structures in
high SFE Al films [189,190,307]. The addition of transition metal solute reduces twin spacing and
can further promote the strong {111} texture needed to form vertically aligned £3(112) incoherent
twin boundaries (ITBs) [159,195,200,264,271,308,309]. Zhang et al. reported a flow strength of
~2 GPa in NT AI-Ni alloys using in-situ micropillar compression while maintaining remarkable
deformability and thermal stability [139,196]. Molecular dynamics (MD) simulations and in-situ
mechanical testing identified the mobility of partial dislocations composing 9R phase as a
significant factor in accommodating the deformability of NT Al alloys while simultaneously
providing a barrier to dislocation motion [159]. Zr solute has proven effective in promoting a high
twin density and large volume fraction of 9R phase [271,308]. Additionally, Zr enables prominent
thermal stability of nanostructures in NT Al-Co-Zr alloys [307]. Understanding the behavior of Zr
solute in Al is also relevant to a range of cast and additively manufactured Al alloys [310-312].
NT metals have also exhibited enhanced SRS due to the activation of Shockley partial dislocations
[313,314]. However, the contribution of ITBs on the SRS of NT Al alloys has not been explored

to date and remains a gap in current understanding.
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In this study, we applied a nanoindentation technique to probe the SRS of NT Al-Zr. We
used the modified nanoindentation technique to overcome the difficulty of large measurement
uncertainty at low strain rate and were able to arrive at a reliable SRS for specimens. The NT Al
alloys exhibit grain size dependent SRS comparable to Al and Al alloys with similar grain sizes.
The roles of ITB microstructure and partial dislocations on enhanced SRS in NT Al alloys are

discussed.

4.3 Experimental

2 um Al-Zr alloy films with 50 nm Ag seed layers were magnetron sputtered at room
temperature onto HF etched Si(111) substrates. The Ag seed layer serves to promote a strong (111)
texture in the Al-Zr alloy films due to the similarity in lattice parameters. 99.999% Al, 99.995%
Zr and 99.999% Ag targets were used for deposition at a gas pressure of 3.5 mTorr. The chamber
base pressure was evacuated to 5 x 10-9 Torr. A Panalytical Empyrean X’pert PRO MRD
diffractometer was used to collect out-of-plane 6-26 and pole figure X-ray diffraction (XRD)
scans. Transmission electron microscopy (TEM) samples were mechanically polished and thinned
using low-energy Ar ion milling. TEM imaging was conducted using an FEI Talos 200X analytical
microscope operated with an accelerating voltage of 200kV. Energy dispersive x-ray spectroscopy
(EDS) was conducted using a Fischione ultra-high-resolution high angle annular dark field
(HAADF) detector and super X EDS detector. Hardness and elastic modulus were calculated from
nanoindentation measurements performed using a Berkovich tip on a Hysitron Tl Premiere
nanoindenter under displacement control. The indentation depth was less than 15% of the film
thickness to prevent any substrate effects. Figure 1(d) depicts the test setup schematically and
Figure 1(e) contains typical plots of the displacement vs time for tests at various strain rates.

A modified nanoindentation methodology was implemented in this study to reliably probe
film hardness at low strain rates [95]. Thermal drift provides a significant hurdle to reliable
nanoindentation experiments when indenting at low strain rates (¢ < 0.05 s™) leading to significant
scatter in both hardness and modulus measurements. Conventional nanoindentation calculates the

reduced modulus (Er) and hardness (H) using the following method:

0.75-P
S

he=h— (4-2)

A= mohg + mlhc (4-3)
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E =——= (4-4)

H="F/, (4-5),
where h¢ is the contact depth, P is the normal applied load, S is the stiffness, A is the contact area,
and mg and m; are constants determined through a calibration process using a known material. As
thermal drift leads to unreliable determination of the contact area, the modified method utilizes the
standard nanoindentation method at high strain rates to measure Er, and then back calculates A
and H using Eq. 5 and:

A=Z.2 (4-6).

4 E?

A flow chart adapted from [95] has been included as Supplementary Figure 4 to further
clarify the procedure. Constant strain rate indents were performed on each sample at 6 different
strain rates (0.005 s, 0.01s%,0.05s%,0.1s?, 0.5t and 1 s) with 75 indents performed per test
to ensure statistical reliability.

4.4 Results

Structural and textural information for the nanotwinned (NT) Al-Zr alloys were collected
using both pole figure and 6-260 XRD scans. Figure 4-1(a) demonstrates that the pure Al film pole
figures possess 3-fold symmetry, characteristic of strong (111) texture. Notably, Zr solute
additions induce a shift to 6-fold symmetry in the Al-4.3Zr and Al-10Zr pole figures indicating the
formation of a high density of twin boundaries, highlighted in Figures 4-1(b-c). The twin spot
intensity is stronger in the Al-10Zr sample than the other samples, indicating that the twin density
increases with higher Zr content. In the 6-20 XRD spectra in Figure 4-2, only peaks from the
Si(111) substrates and the Al films were present suggesting no second phase formation. Peaks

corresponding to the Ag (222) are present due to the seed layer.
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Figure 4-1. Comparison of (111) and (200) x-ray pole figures among (a) pure Al, (b) nanotwinned (NT) Al-4.3Zr and
(c) NT AI-10Zr revealing strong (111) texture in all three films. The six-fold symmetry in the Al-Zr alloys indicates
twin formation. (d) Schematic detailing the nanoindentation test setup used in this study. (e) Displacement vs time
plots for Al-10Zr highlighting the various constant strain rates used during each displacement controlled
nanoindentation test on each sample.
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Figure 4-3. (a) Plan-view (PV) transmission electron microscopy (TEM) micrograph of the ultra-fine grained pure Al
film with the corresponding inserted selected area diffraction (SAD) pattern revealing single-crystal like (111) out-of-
plane texture. (b) PV-TEM micrograph of the NT Al-4.3Zr alloy film revealing fine grains and the corresponding
SAD pattern identifying single-crystal like (111) texture. (¢) PV-TEM micrograph of the NT Al-10Zr alloy film
revealing fine grains and the corresponding SAD pattern showing strong (111) out-of-plane texture. (d) Cross-section
TEM (XTEM) micrograph of pure Al with the corresponding SAD pattern. (€) XTEM micrograph of the NT Al-4.3Zr
alloy with the corresponding SAD pattern revealing columnar nanotwin boundaries. (f) XTEM micrograph of the NT
Al-10Zr alloy with the corresponding SAD pattern revealing columnar nanotwin boundaries and a hi-resolution TEM
(HRTEM) inset highlighting the periodic stacking fault array in diffuse ITBs, or 9R phase.
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Figure 4-4. EDS scans revealing the complete solid solution of NT Al-Zr alloys and uniform distribution of Zr solute
throughout the matrix.
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The microstructure of the as-deposited NT Al-Zr alloys was investigated using TEM and both
plan-view (PV) and cross-section TEM (XTEM) are presented in Figure 4-3. Figure 4-3(a)
contains a bright field (BF) PVTEM image of the pure Al film revealing ultra-fine grains
(~250nm). The selected area diffraction (SAD) patterns for Pure Al (Figure 4-3(a)) and NT Al-
4.3Zr (Figure 4-3(b)) identifies single crystal-like (111) texture, which is identified by a collection
of individual grains all exhibiting strong out-of-plane (111) texture. Notably, the Zr solute
additions refine the microstructure down to ~50 nm in the NT Al-10Zr film. Figure 4-3(c) reveals
a breakdown of the single crystal-like texture and a nanocrystalline microstructure in the Al-10Zr
film, as identified by the (220) diffraction ring in the corresponding SAD pattern. This textural
evolution has been explored and discussed in our previous work [271,308]. The grain size
distributions are presented in Figure 4-6 with over 100 measurements per sample. Figure 4-4
contains EDS maps collected using TEM which reveals a complete solid solution of Zr solute into
the Al matrix. XTEM images are presented in Figure 4-3(d-f) to further assess the microstructural
evolution as Zr solute content increases. The Pure Al film (Figure 4-3(d)) is composed of coarse
columns (~250nm) with no twin boundaries identified through the corresponding SAD pattern.
Figures 4-3(e-f) reveal the NT Al-Zr films are composed of an abundance of vertically oriented
>3(112) incoherent twin boundaries (ITBs). The twinned diffraction spots in the corresponding

SAD patterns in Figures 4-3(e-f) confirms the presence of vertically oriented twin boundaries. In
addition, theg(ﬁl) spots present in the SAD patterns in Figures 4-3(e) and 4-3(f) confirm the

presence of stacking faults composing diffuse ITBS, or 9R phase. The HRTEM image inset in
Figure 4-3(f) depicts the periodic stacking fault array constructing 9R phase, with the Fast Fourier

Transform (FFT) containing both twin spots and the é (111) mentioned previously. The hardness

was measured using displacement controlled nanoindentation and the resulting hardness values are

plotted with Zr content in Figure 4-5(a).
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Figure 4-7. (a) Comparisons of hardness vs displacement plots for the NT Al-10Zr specimen by using the conventional
and modified nanoindentation method at various strain rates. (b) Comparison of constant strain rate nanoindentation
results among Al, and NT Al-4.3Zr and Al-10Zr films revealing an increase in strain rate sensitivity (m) at higher Zr
content.

Figure 4-5(b) plots the grain size and 9R phase fraction against the Zr content, revealing
significant grain size reduction down to ~50 nm as well as a consistent increase in 9R fraction with
increasing Zr content. The 9R phase fraction was determined using HRTEM analysis of ~100
grains per sample and the details of the calculation are provided in [271]. A monotonic increase in
hardness is identified with increasing Zr content, with the NT Al-10Zr films reaching a hardness
of ~4.2GPa. Constant strain rate nanoindentation was also conducted at the 6 different strain rates
presented in Figure 4-1(e). Figure 4-7(a) compares the results from the conventional and modified
nanoindentation methods [95] and demonstrates the reliability of the modified method at low strain
rates. In contrast, the conventional method introduces unusually high hardness and large variations

at low strain rates. As the SRS of a material is a measure of the change in flow stress for various

strain rates (m = Z—Z = llr:l—:), H must be divided by the Taylor factor (~3) in order to estimate the

film flow stress. Accordingly, the results from the constant strain rate tests are presented as In(H/3)
vs In(€) in Figure 4-7(b), where the slope gives the strain rate sensitivity (SRS), m. The Pure Al

films exhibit a m of ~0.0094, which corresponds well with previous literature. Notably, increasing
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Zr content and twin density leads to a jump in m up to 0.0187 and 0.0297 in the NT Al-4.3Zr and
Al-10Zr coatings.

4.5 Discussion

The unique NT microstructure presented in this study originates from a few factors. First, the
dominant (111) texture promotes twin formation during the nucleation and growth of the sputtered
Al-Zr coatings. The Zr solute improves this texture, whereas the pure Al films are polycrystalline
in nature and composed of randomly oriented grains. £3(112) ITBs, shown in Figure 4-3(e-f), form
along specific crystallographic planes which are prevalent in (111) textured films. The difference
in microstructure between Pure Al and NT Al-Zr is stark as the strong texture alters the grain
boundary structure, promoting ITBs in NT Al. Second, the high quench rates experienced during
magnetron sputtering trap a higher volume fraction of Zr solute atoms in solution, generating a
super saturated solid solution [315]. The Zr solute facilitates significant grain refinement and
strong (111) texture as depicted in Figure 4-3(a), leading to an abundance of vertically oriented
ITBs. The high SFE of Al and the lack of solute leads to a microstructure of randomly oriented
high angle grain boundaries in pure Al. 9R phase is the nomenclature used to describe diffuse
ITBs, and an example of this is provided in the HRTEM micrograph in Figure 4-3(f). Based on
HRTEM evidence of ITBs in pure Cu and molecular dynamics simulations, ITBs are composed of
a periodic array of 3 Shockley partial dislocations with a b2:b1:bs arrangement involving 3 adjacent
{111} planes [155-159]. The b2 and bs Shockley partials are relatively immobile mixed
dislocations with 1/6 [211] and 1/6[121] Burgers vectors, respectively. The b1 Shockley partial is
a pure edge dislocation with a Burgers vector of 1/6[112]. by is able to glide due to a smaller Peierls
barrier, leading to diffuse ITBs, or 9R phase [155]. MD simulations demonstrate the contribution
of Fe solute in stabilizing 9R phase in pure Al [159]. The high SFE of Al prevents 9R formation
in pure Al, whereas the Zr solute stabilizes the diffuse ITB structure by pinning the Shockley
partials. Figure 4-8(b) reflects the increase in 9R phase identified at higher Zr solute levels. HR-
TEM images are presented depicting the progression of 9R phase with strain rate sensitivity in
Figure 4-8.
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Figure 4-8. Plot relating 9R phase fraction and m as a function of at% Zr. Additional HR-TEM insets identify with
corresponding data points revealing the difference in 9R phase.

The hardness of NT Al-Zr reaches 4.2GPa as shown in Figure 4-5(a), which is high
comparing to classical Al alloys. The strengthening mechanisms contributing to this high hardness
include solid solution strengthening and boundary strengthening. Per our previous work, the
contribution from solid solution strengthening was calculated based on the Fleischer formulation
[271]. Despite the super-saturated solid solution stabilized by the high sputter quench rate, it was
found that solid solution strengthening only contributes ~28MPa in the Al-10Zr alloy. This value
is far below the measured hardness, and since the XRD spectra presented in Figure 4-2 identifies
no second phase formation, boundary strengthening was determined to be the main factor behind
the improved mechanical properties. The Hall-Petch coefficient for NT Al-Zr alloys was
determined to be ~9.3 GPa-nm*2, which is almost twice that for nanocrystalline Al [271,308]. As
MD simulations and in-situ nanoindentation experiments demonstrate that 1TBs obstruct
dislocation motion and transmission similar to conventional grain boundaries [177], the jump in
Hall-Petch slope can be attributed to the high density of stacking faults composing 9R phase. Our
previous work determined that 9R phase contributes ~6.9 GPa-nm*? to the Hall-Petch slope,
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supporting the significant role stacking faults can play on mechanical properties. This analysis
corresponds well with previous MD simulations identifying extensive interactions between
dislocations and 9R phase in NT Al-Fe [159]. Su et al. also demonstrated an enhancement of
mechanical properties in Co thin films with an abundance of stacking faults [316].

The modified nanoindentation method implemented in this study enabled the probing of
the strain rate sensitivity of NT Al-Zr alloys. To minimize data skew at low strain rates due to
thermal drift, the modified method from Liu et al. [95] was utilized to analyze the constant strain
rate nanoindentation data. The indent area at low strain rates (A) was calculated based on the
reduced elastic modulus (Er) measured at high strain rates, mitigating the issue of thermal drift at
low strain rates. This enables quick analysis of the already collected data while maintaining
consistency across the test methods at different strain rates. Figure 4-7(a) compares the hardness
values as a function of indentation depth and underscores the issues with the conventional method
at low strain rates. High levels of thermal drift at low strain rates (0.005 s) induce artificially high
hardness and large skew in the data compared with the high strain rates (0.5 s-1). Figure 4-7(a)
highlights the consistency and reliability of the modified method as the data are consistent and
reproducible. To assess the performance of these coatings and to further validate the results from
this study, we compared the m values collected in this work with prior studies on various FCC
metals (Figure 4-9(a)) implementing various test techniques (tensile testing, compression, or rate
jump tests) in Figure 5(a) [104,105,231,296,317-321]. It has been well documented that m
increases with decreasing grain size in FCC metal systems, and Figure 4-9(b) reflects the same
trend [297]. The Pure Al film exhibits a similar rate sensitivity (m = 0.0094) as the ultra-fine
grained Al and Cu tested using bulk methods, which further validates the methodology used in this
work. Compared with bulk Al and Al alloys, the NT Al-4.3Zr and Al-10Zr alloys have greater m
values [319], increasing to 0.0297 in the Al-10Zr alloy. This suggests the presence of ITBs and 9R
phase bolster the SRS in NT Al alloys.
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The SRS of NC FCC metals has been shown to be highly dependent on grain size (d)
[102,297,298], and is given by [103]:

N S
"¢ x(apb/pd)+pVd

(4-7),

where k is Boltzmann’s constant, b is the Burgers vector, p is shear modulus, & is distance
swept by a glide dislocation, and a, B, and ¢ are proportional factors. This model suggests that m
will increase as grain size decreases, in agreement with the results from this study [103,322].
Equation 4-7 provides insight into grain size dependent variation of m, however its application to
specific cases is difficult as it depends on a number of proportional factors that are yet to be
determined [103]. The estimated m for NC Al with a grain size of 50 nm is 0.017, which is below
that of NT Al-10Zr with a similar grain size. This difference can be attributed to multiple factors
that are accounted for within the model itself, including the magnitude of b, the dislocation density
(p) providing dislocation barriers during deformation, and the activation volume, represented
through &. The influence of grain size has been isolated as a factor as the plots in Figure 4-9(a)
directly compare m in NT Al-Zr with various FCC metals composed of similar grain sizes
(columnar twin spacing in this study). First, as demonstrated in the HRTEM in Figure 4-3(f) and

depicted schematically in Figure 4-9(a), introducing an abundance of ITBs provides a high density
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of mobile Shockley partial dislocations that carry plasticity. The b of these partial dislocations is
% < 112 >, which is smaller in magnitude than the full dislocations operating in NC Al at similar

grain sizes (60 — 100 nm). As captured in Equation (2), dislocations with a smaller b will increase
m. Incorporating this into the model increases the predicted m from 0.017 to 0.033, which is closer
to the experimentally measured m of 0.0294. Second, p increases slightly due to the presence of
partial dislocations composing 9R phase. However, the current model accounts for a moderate pre-
existing dislocation density and any slight changes are muted by the inverse square root
relationship between p and m. Finally, & is expected to decrease in NT Al alloys since the high-
density stacking faults composing 9R phase provide additional barriers to dislocation motion,
leading to an increase in m.

Previous research exploring the SRS of NT Cu has highlighted the role coherent twin
boundaries (CTBs) play on improving mechanical properties [169,173]. Refining twin spacing to
~15 nm bolstered strength to 900 MPa while maintaining significant plasticity [173]. The
concomitant high strength and ductility are attributed to an abundance of pre-existing mobile
partial dislocations forming steps on the CTBs, the density of which increases at finer twin
thicknesses [173]. Similarly, Lu et al. investigated the influence of these nanoscale twins on rate
sensitivity, and found that increasing twin density improved m [104]. The increased m values were
attributed to extensive dislocation interactions with CTBs and an increased dislocation generation
from the steps along CTBs. In-situ nanoindentation tests of CTBs in Cu revealed Shockley partial
dislocations can propagate along CTBs promoting extensive dislocation activity within twins
[253,323]. As the 9R phase identified in NT Al-Zr are composed of arrays of mobile Shockley
partial dislocations, it is likely responsible for the improved SRS of NT Al-Zr [155,271]. Although
the high strength and deformability of NT Al alloys has extensively documented through in-situ
micropillar compression [138,139,183,307,308], no attempts to characterize the SRS of this unique
microstructure composed of vertically aligned ITBs. Figure 4-9(b) contrasts the pure Al and NT
Al-Zr microstructures. Plasticity in the pure Al films is dominated by full dislocation motion since
the grain size is on the order of a few hundred nanometers, and the SRS follows previous literature
and model predictions. In comparison, Figure 4-9(b) depicts the increase in partial dislocations in
NT Al alloys accompanying the increased twin density, and the mobility of these partials drives
the boost in SRS. Accompanying the boost in plasticity, the abundance of 9R phase and Shockley

partials captured in the HRTEM in Figure 4-3(f) provides a source for improving m. As mentioned
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previously, the decrease in b provides another source for the rate sensitivity increase in NT Al-Zr.
Ultimately, the microstructural complexity of NT Al-Zr is crucial in maintaining high strength and

plasticity [159,308], and its influence on SRS is evidenced through this study.

4.6 Conclusion

The application of a constant strain rate nanoindentation methodology enabled the probing
of strain rate sensitivity of nanotwinned Al-Zr sputtered films. Increasing Zr content leads to
significant grain refinement down to 50 nm, and the promotion of incoherent twin boundaries and
9R phase led to a corresponding jump in hardness up to 4.2 GPa. Similarly, increasing the Zr
content also boosts strain rate sensitivity in nanotwinned Al-Zr alloys, which has been linked to
the increase in partial dislocation density and mobility. This study represents a major finding and
fills a previously unexplored gap in literature and identifies the role incoherent twin boundaries
play in improving the rate sensitivity, and ultimately the deformability and fracture resistance, of
NT Al-Zr alloys
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5. SOLUTE SYNERGY INDUCED THERMAL STABILITY IN HIGH
STRENGTH NANOTWINNED AL-CO-ZR ALLOYS

Density Functional Theory (DFT) calculations were performed by Dr. Mingyu Gong and Dr.
Jian Wang from the University of Nebraska-Lincoln.

This chapter includes content reproduced with permission from “Solute synergy induced
thermal stability of high-strength nanotwinned Al-Co-Zr alloys” by N.A. Richter, Y.F. Zhang, M.
Gong, T.J. Niu, B. Yang, S. Xue, J. Wang, H. Wang, and X. Zhang, Materials Science and
Engineering: A (2022): 144477 Copyright (2022) Elsevier Ltd.

5.1 Overview

Reducing the grain size into the nanoscale regime in metallic materials provides high
mechanical strengths, however at the cost of degrading thermal stability, as grain refinement has
led to the high driving force for grain coarsening. In this study, we present a solute synergy strategy
that stabilizes the microstructures of high strength nanotwinned (NT) Al-Co-Zr alloys. Zr solute
additions promote microstructural and mechanical stability up to 400 °C. In-situ microcompression
tests demonstrate concomitant high strengths and deformability up to 400 °C in these ternary NT
alloys. Density functional theory calculations provide insight into the interplay between Co and Zr
solute and how they pin and stabilize incoherent twin boundaries. This work provides a strategy
for enhancing both strength and thermal stability of nanocrystalline materials when combining

synergistic solute pairs.

5.2 Introduction

Aluminum (Al) alloys have been extensively investigated due to their impressive strength-
to-weight ratio combined with high conductivity and corrosion resistance. Precipitate
strengthening is famously used to strengthen commercial Al 7075 alloys, however even these
alloys only reach a tensile strength of ~700 MPa [324] and experience grain coarsening beyond
just ~200 °C [109,325,326]. Prior studies show that Al alloys are often limited by low mechanical
strength compared with their steel counterparts, and especially poor microstructural and
mechanical stability at temperatures above 200 °C [327]. More recently, other strategies have been

explored to further raise the strengthening limit of Al alloys by restricting grain size down to the
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nanocrystalline (NC) regime. Severe plastic deformation (SPD) processes utilize high levels of
dislocation activity to segment and refine the microstructures of metallic materials into nanoscale
[101,328]. High pressure torsion (HPT) of an Al-Zn alloy resulted in a tensile strength of ~800
Mpa with a grain size below 100nm [329], and Liddicoat et. al reported that HPT of Al7075
reaches approximately twice the strength of the commercial T6 heat treated alloy [330]. Surface
mechanical grinding treatments (SMGT) have also been used to fabricate Ni alloys with thick grain
boundaries (GBs), that promote both high strength and thermal stability [58,59]. Additionally, far
from equilibrium deposition techniques (magnetron sputtering, etc.) have been used to fabricate
NC metals. CoCrFeNiAlos high entropy alloy (HEA) coatings fabricated using magnetron
sputtering are capable of reaching a hardness of 11.4 Gpa, 4 times its cast counterpart [114].
Sputtered Pt thin films were shown to have high hardness (7.4 Gpa) and a stable structure under
nanoindentation and tensile loading, however experienced extensive grain coarsening and rapid
crack propagation under fatigue loading [331]. Despite these successes, NC metals fabricated by
both SPD and deposition techniques are still severely limited by poor thermal stability.

Typically, the thermal stability of nanostructured metals is hindered by the inherent
instability driven by the excess boundary energy from the large volume fraction of GBs. This
drawback often leaves nanostructured metals incapable of broad implementation at high
temperature environments and makes fabrication difficult due to the typically necessary thermal
step during processing [129,332]. Electrodeposited Ni samples with a grain size of 10 nm
experienced microstructural instabilities at annealing temperatures as low as 80 °C [333]. Similarly,
sputtered NC Cu with grain sizes of ~50 nm was shown to coarsen at ~100 °C using in-situ heating
in a transmission electron microscope [287], and NC Cu samples were also reported to coarsen
during nanoindentation at ambient temperatures due to the excess energy associated with grain
boundaries [334]. Alloying can lead to an alteration in energy landscape by increasing the energetic
barrier (Zener pinning) to grain growth [335-337] or by decreasing the energy benefit from
coarsening by lowering the boundary energy [124,126,338]. Classically, both solute and
precipitation can be used to inhibit GB motion through Zener pinning and have been implemented
in various NC metals [125,339-341]. Using atom probe tomography, mechanically alloyed NC
Fe-Zr alloys were shown to form Fe-Zr-O nanoclusters that pin and stabilize the nanograined
structure [342]. Additionally, Weismdiller demonstrated thermodynamically that preferentially

segregated solutes to GBs can lower the GB free energy by tailoring the enthalpy of mixing in the
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bulk state to be low relative to the enthalpy of segregation to the GBs [124,130]. Further
thermodynamic model development, specifically accounting for phase separation
[130,332,337,343] and experimental exploration [127,337,344] of NC systems has further
supported the efficacy of this approach. Investigation of Cu-Ta alloys revealed that both of these
mechanisms can operate at different temperature regimes, with oxide particles found to pin
boundaries at elevated temperatures in these alloys [345,346]. Phase separation can lead to the
breakdown of each of these mechanisms leading to severe coarsening [130,347], and further work
needs to be done to mitigate these adverse effects.

Nanotwinned (NT) metals have been heavily investigated since they simultaneously
possess high strengths and ductility. Low stacking fault energy (SFE) metals (Cu, Ag, stainless
steel) were initially explored due to the high propensity for forming growth twins in both
electrodeposited and sputtered films [169,170,172,245,252,262]. NT metals also possess a high
strength-to-resistivity ratio and remarkable thermal stability compared with NC counterparts due
to the lower boundary energy of X3 coherent twin boundaries (CTBs) compared with conventional
GBs [135,136,169,258,260,348]. More recently, it has been demonstrated that the addition of
transition metal solutes (Fe, Ni, Zr, etc.) into Al films during magnetron sputtering can result in a
supersaturated solid solution with a high density of incoherent twin boundaries (ITBs) [159,195-
197,271,308]. Density functional theory (DFT) calculations reveal that these solutes serve to lower
the SFE and raise the energy barrier for detwinning [200]. This effect works in conjunction with
the large quench rate induced by magnetron sputtering to stabilize the NT Al microstructure,
capable of reaching a hardness exceeding 5 Gpa [139,196,264,271,289,309]. However, these
binary alloys still suffer from limited thermal stability, with NT Al-Fe coarsening at 280 °C [199].

This study builds upon an alternative strategy relying on the synergistic interactions of
solute additions to stabilize twin boundary in NT Al alloys at elevated temperatures [138,139]. As
documented previously, Co solute is an effective grain refiner and promotes an abundance of ITBs
in sputtered films despite forming brittle intermetallics in cast Al alloys [197]. Also the binary NT
Al-Co alloys have limited thermal stability as shown in the current study. Hence we explored the
addition of a third element (Zr) into the NT Al-Co alloys as a means to further stabilize ITBs and
nanoscale grain sizes during annealing, thus leading to the retention of ultra-high strength of NT

Al alloys after high temperature annealing.
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5.3 Experimental

An AJA ATC-2200-UHV magnetron sputtering system with a base pressure of 8 x 10°
Torr and an Ar gas pressure of ~3.5mTorr was used to deposit Al (99.999%), Co (99.99%) and Zr
(99.95%) onto Si (111) wafers etched using hydrofluoric acid. The composition of the deposited
films was controlled by using a built-in quartz crystal rate monitor to record the deposition rate of
each target. The resulting film thickness is ~2 um and some films were then annealed under
vacuum in the AJA system at temperatures ranging from 150 to 450 °C for 1.5 hours. After
annealing, the samples were cooled to room temperature in the chamber at a cooling rate of ~15 °C
mint

A Panalytical Empyrean X'pert PRO MRD diffractometer operated at 40kV using Cu Kal
X-rays was used to perform X-ray diffraction (XRD) 6-26 and pole figure scans to evaluate the
overall texture and structure. Transmission electron microscopy (TEM) samples were prepared by
mechanical grinding, dimpling, and low-energy ion milling, with care taken to avoid sample
heating. The microstructure and composition were examined using an FEI Talos 200X analytical
microscope operated at 200 kV with a Fischione high-angle annular dark field (HAADF) detector
and super X energy-dispersive X-ray spectroscopy (EDS) detector. The compositions of the
deposited alloys are given as follows in atomic percent: 95.19 £ 1.95 at% Al and 4.81 + 0.65 at%
Co (referred to as NT Al-5Co) and 93.87 + 1.96 at% Al, 4.47 + 0.6 at% Co, and 1.65 = 0.21 at%
Zr (referred to as NT Al-5Co-2Zr). Grain sizes were measured using the line intercept method on
cross-section TEM images to ensure statistical significance and reduce any possibilities of skewed
data due to bias. Hardness and elastic modulus measurements were conducted using a Bruker TI
Premier nanoindenter at different indentation depths under displacement control mode. 75 indents
were made per sample and the indentation depth was kept below 15% of the film thickness (300nm)
to prevent incorporating substrate effects.

In-situ micropillar compression experiments performed using a Bruker/Hysitron Pl 88
nanoindenter inside a FEI Quanta 3D scanning electron microscope to probe the deformability and
compressive strength of these films. Pillars and TEM samples of deformed pillars were fabricated
using an equipped focused ion beam (FIB) inside an FEI Quanta 3D scanning electron microscope.
The pillar height and diameter were ~800 nm and 1600 nm respectively, with the taper minimized
below ~2° during pillar fabrication. Pillars were compressed using a Bruker/Hysitron Pl 88

nanoindenter to ~20% strain using displacement control, with a strain rate at 5 x 103, Pillars were
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compressed with numerous partial unloading segments to assess the validity of the alignment
during compression.

DFT calculations were conducted using the Vienna ab-initio simulation package (VASP).
The calculations are based on the projector augmented wave (PAW) method, generalized gradient
approximation (GGA) approach, and Perdew-Burke-Ernzerhof (PBE) exchange correlation
density functional. For the pseudopotentials in this calculation, the electron configuration of Al,
Co and Zr are [Ne]3s?3p?, [Ar]3d’4s?, and [Kr]4d?5s?, respectively. The kinetic energy cut-off for
the plane wave expansion was set to 500 eV. The self-consistent iteration and atomic realization
stopped with the criteria of 10® eV and 0.01 eV A respectively.

5.4 Results

5.4.1 As-deposited microstructure characterization

Al-Co and Al-Co-Zr alloys were investigated to assess the role of Zr solute on the structure
and stability of NT Al-Co alloys. Figure 5-1(a) contains XRD patterns for each deposited Al-5Co-
xZr alloy (x =0, 2, 5, 8 at%), identifying strong (111) texture in each sample, with the exception
of the amorphous Al-5Co-8Zr. The drop in intensity in the Al-5Co-5Zr and Al-5Co-8Zr films were
due to amorphization, and as a result were omitted from the thermal stability portion of this study.
These results also indicate the formation of a single solid-solution phase with only the Al(111) and
Si substrate peaks present. Figure 5-1(b-c) shows the XRD pole figures for the Al-5Co and Al-
5Co-2Zr alloys, depicting strong (111) texture. The addition of Zr further improves texture, leading
to the progression from the {111} ring contour (Al-5Co) to the six-fold symmetry (Al-5Co-2Zr),

indicating an increase in twin density.
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Figure 5-1. (a) As-deposited x-ray diffraction (XRD) profiles for each deposited sample. (b) {111} pole figure for the
NT Al-5Co binary alloy showing strong (111) texture. (c) {111} pole figure for the NT Al-5Co-2Zr ternary alloy
showing strong (111) texture and distinct twin and matrix spots.
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Figure 5-2. As-deposited microstructure characterized using cross-section TEM (XTEM). (a) Bright field (BF) TEM
micrograph with corresponding selected area diffraction (SAD) pattern of Al-5Co revealing a fine nanotwinned
structure. (b) Dark field (DF) TEM micrograph taken along the g = [200] of Al-5Co further characterizing the
nanotwinned structure. (c) High-resolution TEM (HRTEM) image showing fine nanocolumns and diffuse ITBs, or
9R phase, in Al-5Co. (d) BF-TEM micrograph with corresponding SAD pattern of Al-5Co0-2Zr showing the
nanotwinned structure. | DF-TEM micrograph taken along the g = [200] of Al-5Co-2Zr further characterizing the
nanotwinned structure. (f) HRTEM image showing fine nanocolumns and discontinuous 9R phase in Al-5Co-2Zr.
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Microstructural characterization was conducted on these NT Al-Co-Zr alloys using TEM.
The bright-field (BF) and dark-field (DF) TEM micrographs in Figure 5-2(a-b) reveal a fine
nanocolumnar structure in the binary Al-5Co alloy, with an average grain size of 11.5 + 1.6 nm.
The inserted selected area diffraction (SAD) pattern confirms strong {111} texture along the
growth direction. High-resolution TEM (HRTEM) identifies the presence of ITBs in Figure 5-2i,
as well as an abundance of 9R phase dispersed among the nanocolumns. The symmetry of the

SAD pattern in Figure 5-2(a) and fast Fourier transform (FFT) in Figure 5-2(c) confirm the
presence of twin boundaries in the films and the g(ﬁl) spot in each of these patterns confirms

the presence of 9R phase. This phase forms due to the separation of mobile partial dislocations
composing incoherent twin boundaries (ITBs). The Al-5Co-2Zr microstructure is similar to the
binary alloy, as shown in Figure 5-2(d, e), with the column size slightly further reduced to 8.9 £
2.1 nm. Figure 5-2(f) contains a representative HRTEM image finding the twinned structure to be
composed of sub-column boundaries and discontinuous 9R phase patches. EDS scans were
conducted for both alloys and Co and Zr distributions are shown in Figure 5-3(a-d), confirming

the formation of a complete solid solution without phase segregation.

Al-5Co Al-5Co-2Zr Al-5Co-2Zr
(a) Co | (([©) Co | (©) Zr

200 nm 200 Am 200 nm

Figure 5-3. Co EDS maps of (a) Al-5Co and (b) Al-5Co-2Zr showing complete solid solutions in the as-deposited
state. Zr EDS map of (c) Al-5Co-2Zr revealing uniform distribution of Zr throughout the alloy.
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5.4.2 Microstructural thermal stability

NT Al-Co-Zr alloys were annealed at temperatures ranging from 150 to 450 °C for 1.5 hours
to assess their thermal stability. The XRD patterns in Figure 5-4(a-b) detail the structural and
textural evolution of each NT alloy at various annealing temperatures. Peaks corresponding to the
AlgCo; intermetallic and other Al textured peaks are present after annealing at 250 °C in the binary
alloy. In contrast, the formation of the AlgCo> and AlzZr intermetallics was suppressed in the
ternary Al-5Co-2Zr alloy until 450 °C. To quantify the structural thermal stability, systematic post
annealing TEM analysis was conducted. Figure 5-5 compares the annealed plan-view
microstructural evolution of the NT Al-5Co and Al-5Co-2Zr alloys. It is clear both the as-deposited
alloys are composed of nanograins and are strongly {111} textured based on the corresponding
SAD pattern in Figures 5-5(a, d). Upon annealing at 250 °C, the nanograins in the NT Al-5Co
alloy begin to coarsen and partially recrystallize. Figures 5-5(c-d) reveal complete recrystallization
occurs at and above 350 °C, with the grain size evolving from ~10 nm in the as-deposited films to
above 80 nm after annealing at 450 °C. The SAD pattern evolution in Figure 5-5(a-d) depicts both
the texture breakdown as well as the precipitation of an AleCo. intermetallic starting at 250 °C in
the binary alloy. The SAD pattern in Figure 3(d) illustrates the complete loss of {111} texture
resulting in a coarser grained polycrystalline structure. In comparison, the grain size in the Al-
5Co-2Zr alloy remains below 15 nm after annealing for 1.5 hours at 350 °C, and the corresponding
SAD patterns in Figure 3(e-g) still reflect a strong {111} texture and suppressed phase separation
up to 350 °C. Figure 3(h) depicts complete recrystallization and the precipitation of the AlsCo.
and AlsZr intermetallic phases at 450 °C.
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Figure 5-4. XRD patterns detailing the structure and texture evolution in both the (a) binary Al-5Co and (b) ternary
Al-5Co-2Zr alloys with increasing annealing temperature.
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Figure 5-5. Plan-view (PV) BFTEM micrographs revealing the microstructural evolution of (a-d) Al-5Co and (e-h)
Al-5Co-2Zr upon vacuum annealing at the corresponding temperatures for 1.5 h.

The degree of this phase separation at various annealing temperatures is further clarified in
TEM-EDS Co and Zr elemental maps in Figure 5-6 for both alloys. The Al-5Co alloy exhibits Co
rich contours around the coarsened grain boundaries at 250 °C (Figure 5-6(b)) and complete phase
separation is pronounced after annealing at 350 and 450 °C (Figure 5-6(c-d). The ternary alloy
suppresses this phase separation completely until 450 °C, which is illustrated by the uniform Zr
distribution in the EDS maps in Figure 5-6(e-h) up to 350 °C. Co EDS maps in Figure 5-7(e-h)
show the Co distributions in the Al-5Co0-2Zr alloy at varying temperature.
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Figure 5-6. Co and Zr EDS map of plan-view TEM specimens revealing the chemical distribution in (a-d) Al-5Co,
(e-h) Al-5Co-2Zr upon annealing at the corresponding temperatures.
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Figure 5-7. EDS maps depicting the progression of Co solute distribution in NT Al-5Co-2Zr alloys after annealing
for 1.5 hours corresponding to each labeled temperature, (a) As-deposited, (b) 250 °C, (c) 350 °C and (d) 450 °C.
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The microstructures of specific annealed samples were further explored after annealing
using XTEM. After annealing the Al-5Co alloy at 250 °C, BF and DF TEM micrographs in Figure
5-8(a-b) show the maintenance of a columnar structure, albeit slightly coarsened. The
corresponding SAD pattern shows minor{111} texture, similar to the PVTEM SAD pattern in
Figure 5-5(b). The Co EDS map in Figure 5(c) shows Co segregation to the columnar boundaries,
forming the aforementioned Co contours depicted in Figure 5-6(b). The Al-5Co-2Zr alloy annealed
at 450 °C was also investigated to assess the stability of the columnar ITB structure. Both the BF
and DF TEM micrographs in Figure 5-8(d-e) reflect completely recrystallized grains and the
removal of columnar ITBs and nanocolumns. The Co EDS map in Figure 5-8(f) also shows

complete phase separation and recrystallization.

Al-5Co (250 °C)

n [
- -contours :

Recrystallization

Al-5Co-2Zr (450 °C)

200 nm

Figure 5-8. (a) BF-TEM with corresponding SAD insert, (b) DF-TEM and (c) Co EDS map images of Al-5Co
annealed at 250 °C. (d) BF-TEM with corresponding SAD insert, | DF-TEM and (f) Co EDS map of Al-5Co-2Zr
annealed at 450 °C
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Figure 5-9. (a) Hardness evolution with annealing temperature comparing the NT Al-5Co and Al-5Co-2Zr alloys. (b)
Grain size evolution with annealing temperature comparing the NT Al-5Co and Al-5Co-2Zr alloys. Each annealing
experiment was conducted for 1.5 hours.

The hardness of the as-deposited alloys was compared with literature in the Hall-Petch plot
in Figure 5-9(a). The as-deposited Al-5Co and Al-5Co-2Zr have nearly identical microstructures
and reach a hardness of ~5.9 GPa, while Al-2Co achieves a hardness of 4.1 GPa. These Al-Co
alloys far outperform most NC Al alloys, as well as NT Al-Zr and Al-Ti binary alloys
[195,271,277,296,349]. The progression of the hardness with annealing temperature plotted in
Figure 5-9(b) shows the binary Al-5Co alloy softens from 5.9 to 3 GPa after annealing at 250 °C,
and further drops to 1.7 GPa after 450 °C annealing. Remarkably, the Al-5Co-2Zr alloy maintains
an ultra-high hardness above ~5.7 GPa even after annealing at 350 °C, and softens upon
recrystallization at 450 °C. In comparison, the various NC and commercial Al alloys presented
from literature typically soften at temperatures ranging from 100-200 °C. This hardness evolution
exemplifies the significant thermal stability of the NT Al-Co alloy with Zr additions.
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Figure 5-10. (a) Hall-Petch plot comparing the as-deposited NT Al-Co-Zr alloys with literature
[195,271,277,296,349]. (b) Hardness evolution with annealing temperature for various nanocrystalline Al alloys
[18,113,138,349-352].

5.4.3 In-situ micropillar compression

Room temperature in-situ micropillar compression tests were conducted to examine the
plastic deformability of the annealed NT Al alloys. Figure 5-11(a) shows the true stress-true strain
curves for both the as-deposited (AD) and annealed (at 250 °C) NT Al-5Co alloy. The yield and
flow stress of the AD NT Al-5Co reaches 1.1 + 0.2 GPa and 1.16 £ 0.18 GPa, respectively, while
the annealed binary sample softens to 378 + 44 MPa and 515 + 60 MPa, respectively. Each flow
stress value was measured at 10% strain to maintain consistency. Both alloys remain highly
deformable, with obvious dilation of the pillar top seen in both cases (Figure 5-11(b-i)). Figure 5-
11(d) compares the true stress-true strain curves for the AD and annealed (450 °C) Al-5Co-2Zr
alloy. The yield and flow stress of the AD NT Al-5Co-2Zr reaches 1.18 + 0.3 Gpaand 1.19 + 0.21
Gpa, respectively, while the annealed ternary sample softens to 397 + 28 MPa and 506 + 40 MPa,
respectively. Each flow stress value was measured at 10% strain to maintain consistency. The
samples annealed at 450 °C (0.77 Tm) exhibit softening to 500 MPa. In-situ SEM snapshots in
Figure 5-11(k-r) show the dilation of the pillar top in both the NT AD and the 450 °C annealed
specimen. Corresponding in-situ videos are included in the Supplementary section of this work.
No samples were tested beyond 250 °C in the binary case as they would simply exhibit more

softening as the microstructure coarsened based on the hardness and microstructure evolution.
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Similarly, no compression tests were conducted on the 250 and 350 °C annealed NT Al-5Co-2Zr
since they are almost microstructurally identical to the as-deposited case. The curves presented

here represent the points where the results deviate due to annealing.
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Figure 5-11. Micropillar compression test results for the as-deposited and annealed Al-5Co and Al-5Co-2Zr with the
‘nanotwinned’ microstructures. (a) Resulting true stress-strain curves for the as-deposited (AD) and 250 °C annealed
Al-5Co micropillars showing significant stress reduction upon annealing. In-situ SEM snapshots of the (b-e) AD and
(f-i) 250 °C annealed Al-5Co micropillars compressed at different strain levels showing dilation of the pillar top. (j)
The true stress-strain curves for the AD and 450 °C annealed Al-5Co-2Zr micropillars showing significant stress
reduction upon annealing. In-situ snapshots of the (k-n) AD and (o-r) 450 °C annealed Al-5Co-2Zr micropillars at
various strain levels. Corresponding in-situ video files are presented in the supplementary information of this work.

5.5 Discussion

5.5.1 Strengthening mechanisms and deformability

Increasing the strength of an alloy typically leads to a significant drop in plastic
deformability, as depicted in the classical “banana curve” for steels [18,350]. Figure 5-10
demonstrates that both the as-deposited Al-5Co and Al-5Co-2Zr alloys possess high hardness (5.9
GPa) compared with most Al alloys, while the micropillar compression stress-strain curves shown
in Figure 5-11 reflect that they maintain prominent plasticity. The strength of these alloys is
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derived from multiple factors, namely an increased level of solid solubility enabled by magnetron
sputtering, the formation of extremely fine columnar grains on the order of tens of nm, and an
abundance of ITBs and 9R phase. Our previous studies suggest the influence of solid solution
strengthening is relatively minor in these sputtered NT Al alloys, with 10at% Zr only generating a
28.3 MPa increase in hardness, with similar findings in binary NT Al-Co alloys [197,271]. These
findings suggest the strength increase seen here is driven by the columnar grain size and by ITBs.
The Hall-Petch plot in Figure 5-10(a) demonstrates the hardness improvement with decreasing
grain size. Another significant feature is the variation in Hall-Petch slope between NT Al alloys
compared with NC Al alloys from literature [195,271,277,296,349]. A combination of the NT Al-
Co-Zr and previous NT Al data depicts a Hall-Petch slope of 9.3 GPaenm*?2, which nearly doubles
that of the NC Al and Al alloy value of 4.7 GPaenm?. This significant variation in Hall-Petch
slope is related to boundary type. In these NT Al-Co-Zr alloys, most of the columnar boundaries
are X3 ITBs and 9R phase, which have been shown to be a stronger barrier to the propagation and
penetration of dislocations than conventional GBs [177,192,193,252,255].

The difference in boundary type also impacts the deformability of these NT alloys
exhibited during microcompression (Figure 5-11). It is evident from Figure 5-1 that these alloys
are composed of predominately vertical ITBs. The HRTEM images in Figure 5-1 reveal significant
9R phase (diffuse 1TBs) dispersed throughout the microstructure. This structure has been well
documented in various systems [71,159,258] and is composed of a repeating array of partial
dislocations, as revealed by Wang et al using molecular dynamics simulations [155]. These partial
dislocations have been identified to be mobile, and are directly related to detwinning processes in
NT metals [156,173,323]. The mobility of these ITBs, and consequently the 9R phase, plays a
significant role in maintaining plasticity in the NT Al-Co-Zr alloys presented here, and is
recognized by the dilation of the pillar top in Figure 5-11. The interaction of dislocations with the
vertical ITBs leads to work hardening [177] while the simultaneous detwinning phenomenon
promotes softening and significant plasticity [159]. The microstructural stability reported here of
the NT Al-Co-Zr alloy suggests that these alloys would exhibit similar mechanical responses at

elevated temperatures until complete recrystallization at 450 °C (0.78Tm).
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5.5.2 The role of Zr solute on microstructural stability of NT Al alloys

The influence of even a small percentage of Zr added into the binary NT Al-Co alloys is
striking as the microstructure and mechanical properties remain stable up to 450 °C. This
observation is manifested through the microstructural and chemical stability shown in the pre-
annealing and post-annealing TEM analyses in Figures 5-(5-7). These samples were annealed
under high vacuum, so the impact of oxidation was negligible in this study. The hardness evolution
as a function of annealing temperature is compared with various Al alloys from literature in Figure
5-10(b) [199,325,353-356]. As illustrated schematically in Figure 5-12(a), the binary Al-Co alloys
experience recrystallization and precipitation of the AlgCo> intermetallic phase at 250 °C, whereas
the presence of Zr solute suppresses this process until 450 °C in Al-5Co-2Zr alloy (Figure 5-12(b)),
and stabilizes uniform solid solution and fine columnar grains up to 350 °C.

([ajb Al-Co Binary Nanotwinned

e Cosolute
.

Zr solute

. Co,Al intermetallig

. Al3Zr intermetallic
As-deposited Annealed: 250 °C . ¥
Supersaturated Recrystallization &
solid solution precipitation I GB/ITB
|
({b)) Al-Co-Zr Ternary Nanotwinned

As-deposited Annealed: 350 °C Annealed: 450 °C
Supersaturated Minor grain Recrystallization &
solid solution coarsening precipitation

Figure 5-12. Schematics illustrating the microstructural evolution characteristics with annealing temperature for the
binary (a) Al-5Co and ternary (b) Al-5Co-2Zr with the resulting phases not shown to scale.
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These trends correspond well with the hardness evolution with annealing temperature.
When compared with other NC and UFG Al alloys in Figure 5-10(b), it is evident that the thermal
stability of NT Al alloys far outperforms their NC counterparts, with NT AI-Co even
outperforming NT binary Al-Fe alloys [199]. Two factors drive the improved thermal stability, the
lower boundary energy of TBs in these NT Al-Co-Zr alloys and the addition of Zr solute. This
distinction is necessary, as it is often reported that NT metals have improved thermal stability
compared to the significant softening seen in NC Al alloys. Additionally, the NT Al-Co-Zr alloy
far outperforms the binary NT Al-Co and Al-Fe alloys composed of similar microstructures. First,
it has been well established that NT metals (i.e. Cu, Ag etc.) have improved thermal stability due
to the low TB energy compared with typical GBs [135,136,260]. Specifically looking at Al, Uesugi
et al. demonstrated that typical tilt boundaries in Al have boundary energies of 400 mJ/m?, while
¥3 TBs have boundary energies of 120 mJ/m? [357]. This study supports the increased stability of
the NT microstructure, however further investigation of solute interactions is necessary to
understand the bolstered thermal stability of Al-Co-Zr alloy.

Zr solute facilitates significant improvements to the thermal stability of the columnar NT
microstructure in Al-Co. Recrystallization and grain coarsening processes are driven by
accelerated diffusion of atoms through the matrix at elevated temperatures [358-360]. The
presence of solute atoms in the lattice can alter the kinetics of this diffusion restricting the potential
for recrystallization. As shown in Figure 5-5 and Figure 5-9(b), the grain size coarsens to
approximately 75 nm in the binary Al-Co alloy at 450 °C, while the grain size of the ternary Al-
Co-Zr remains 40 nm, not significantly larger than the as-deposited alloy. It has been well
established that the diffusivity of Zr in Al (Dz) is low leading to a slow diffusing solute [361].
Bulk Al alloys have recently taken advantage of this behavior and reported unique “core-shell”
Al3(Sc, Zr) L1, precipitates that retard grain coarsening at significant fractions of the melting
temperature (0.74Tm) [355,362]. This trend can also be applied to these NT Al-Co-Zr alloys as the
large activation energy and large pre-exponential factors indicate Zr will diffuse slowly through
Al [363]. At 400 °C, the diffusivity of Co in Al, Dco, is reported to be 1.76 x 10" m?s?, whereas
Dz in Al is five orders of magnitude lower, 1.2 x 102° m?s™ [274,364]. Since Zr prefers to occupy
substitutional sites in Al [271] and is uniformly distributed throughout the matrix, the slow
diffusivity of Zr is highly important to the thermal stability of microstructures in NT Al-Co-Zr
reported in this study. As a result, the Zr solute directly influences the mobility of both Co and Al
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atoms, resulting in the prevention of both recrystallization and phase separation, which both

depend on diffusion.
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Figure 5-13. (a) Formation energy of solute pairs (two solutes could be each other’s 1%, 2™, 3 and 4" nearest neighbor
(NN)) within bulk Al. (b) The comparable formation energies, i.e. 2Eco-zr — Eco-co — Ezr-zr, 0f Co-Zr pairs with 35
possible configurations near 1TBs. (c) Two typical low energy configurations: 1) both Co and Zr solutes are
substitutional atoms (on the left); 2) Both Co and Zr solute are interstitial solute atoms (on the right).

5.5.3 Synergy between Co and Zr solutes

A common pitfall associated with fabricating nanocrystalline metals is their inherent
thermal instability [233,325,365]. As a result, research focused on nanocrystalline materials has
largely been centered around remedying this deficiency [134,366,367]. A review presented
recently by Schuh and Lu discusses the common strategies employed to address the limited thermal
stability of nanocrystalline metals [125]. First, alloying elements can be added that preferentially
segregate and function to either pin GBs or lower GB energy limiting the capacity for grain
coarsening [126,127,338,368]. This principle provides a relatively straightforward approach to
stabilizing nanograins against rapid coarsening as the solutes thermodynamically prefer to
segregate and arrest GB migration [131,132,369-372]. Expanding this strategy employs more
complex thermodynamics to select solute that prevents second-phase formation but prefers
segregation to GBs to enable GB pinning [127,128,343,347]. Darling et al. identified an Fe-Zr
alloy capable of withstanding annealing at 0.92 Tr, due to the GB energy reduction enabled through
Zr solute additions [373].

A second strategy relies on GB engineering to fabricate materials composed of low energy
GBs based off their crystallography [129,134,374]. £3(111) twin boundaries are highly coherent
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and symmetrical GBs that have intrinsically low energy [193,375]. Anderoglu et al. reported
almost no change in NT spacing in sputtered Cu foils after annealing at 0.8 Tm [136]. Zhang et al
and Bufford et al observed similar findings in stainless steel and Ag thin films, respectively
[135,260]. Tailoring film texture and resulting GB crystallography can be a highly effective means
for imparting improved thermal stability [344,374]. As will be further discussed, both of these
strategies are active in promoting the thermal stability reported in this study.

Similar to the aforementioned stabilization strategy, the energetic landscape for diffusion
can be altered through selection of alloying elements. This directly leads to the notable thermal
stability reported in this study. Density functional theory (DFT) calculations were conducted to
compare the energy associated with the formation of Co-Zr, Co-Co and Zr-Zr pairs in an Al lattice.
Figure 5-13(a) contains the solute pair formation energy. The first, second and third nearest
neighbors (NN) for Co-Co pairs have respective energies (Eco-co) 0f -1.15 eV, -1.03 eV and -1.00
eV, comparing to Co-Zr pairs with energies (Eco-zr) of -1.38eV, -1.46eV and -1.75eV, respectively.
This comparison indicates that Co-Zr solute pairs are more stable and preferable over Co-Co pairs.
This aspect is important as the slow diffusing Zr solute will slow down the diffusion of Co solute,
preventing phase separation and Co segregation seen at 250 °C in the binary NT Al-Co alloys.
Figure 5-13(b) details the energy difference between solute pairs (2Eco-zr — Eco-co — Ezr-zr, 0f Co-
Zr pair) corresponding to 35 different configurations for Co-Zr pairs forming around ITBs, with
the selected configurations in Figure 5-13(c) depicting examples of both substitutional and
interstitial sites. 20 of the 35 configurations analyzed were favorable, with the substitutional Co-
Zr pair having the lowest energy configuration. These DFT calculations highlight the synergistic
interplay that Co-Zr solute pairs can play in pinning ITBs, and GBs demonstrated in this study.

The capability of solute pairings to Improve thermal stability into nanocrystalline Al alloy
systems has been previously explored. Notably, the work by Balbus et al utilized Ni and Ce solute
to stabilize nanograins in an Al-Ni-Ce alloy up to 0.7 Tm [376]. This strategy effectively stabilized
sub-10 nm grains and aided in significantly reducing shear localization through the formation of
Ni-Ce rich grain boundaries. The joint segregation provided a simultaneous microstructure
stabilization with a means to obstruct dislocation and shear band propagation [376]. Another study
explored the thermal stability of NT Al-Fe-Ti alloys that exhibited similar microstructures to this
study [138]. They identified that Ti additions enabled microstructural stability up to 0.72 Tm, far
outperforming its binary counterparts [138,199]. Similarly, the DFT analysis presented here
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coupled with the EDS analyses performed in this study highlight the role Co-Zr solute pairs play
in raising the energy barriers for migration of ITBs through solute segregation. These solutes
exhibit a relationship in how they function to promote thermal stability in otherwise unstable
microstructures. The Co solute promotes fine grains, which is evident as the binary Al-Co alloy
has a similar as-deposited grain size as the ternary Al-Co-Zr. The Zr solute is a slow diffuser and
prefers to reside and pin Co solute to the ITBs, preventing both phase separation into Co rich
regions and grain coarsening through Zener pinning. The synergistic behavior of these solutes
highlights an effective strategy for increasing thermal stability through careful selection of solutes.

5.6 Conclusion

Extensive microscopy studies and in situ micromechanical testing of supersaturated Al-Co-Zr
alloys in this study have shown these alloys have high mechanical strength, plastic deformability
and thermal stability. Co solute in sputtered Al films refines the microstructure to the nanoscale
and Zr solute helps to further enhance (111) texture and promote twinning . Zr solute, a slow
diffuser in Al, synergistically works with Co to pin ITBs from migration when exposed to high
temperatures, leading to substantial thermal stabilization up to 450 °C (0.78 Trm). DFT calculations
show the Co-Zr solute pairs are very stable and prevent the Co solute segregations, thus stabilize
the microstructures of ITBs and 9R phase. This study underscores the importance solute pairs play
on the mechanical and thermal stability of Al alloys and provides a possible route for the discovery
of high strength, thermally stable alloys with fine grains.
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6. TEXTURE DEPENDENCE OF TWIN FORMATION IN AL-3ZR
SPUTTERED FILMS

6.1 Overview

Twin formation is challenging in Al and its alloys due to an inherently high stacking fault
energy. Recent developments have identified twin formation mechanisms in sputtered Al alloy
coatings composed of finely spaced nanocolumns bounded by incoherent twin boundaries leading
to significantly improved mechanical properties and thermal stability. The influence of film texture
on twin formation in Al sputtered alloys and the subsequent mechanical response is less well
understood. Here, epitaxially grown Al coatings on various oriented Si substates demonstrate the
difference in twin structure caused by film texture. (111) and (112) epitaxial Al-3Zr films are
composed of the finest grains (~70 and 100 nm, respectively) and highest twin densities, although
the twin character is identified to be different based on film orientation. Correspondingly, these
coatings also possess the highest hardness, and can be attributed to the hardening imparted by
higher twin densities compounded with the refined microstructure. Detailed texture analysis via
transmission electron microscopy uncovers the changing film structure and provides insight into

the change in mechanical properties.

6.2 Introduction

Nanotwinned (NT) metals have garnered significant attention recently due their many
advantageous properties [159,181,196,248,264,266,377-380]. Twin boundaries (TBs) are X3
coincident site lattice (CSL) boundaries characterized through mirror symmetry and low inherent
grain boundary energy [169,381-383]. These highly coherent planar defects impart many desirable
properties, including concomitant high strength and ductility [159,196,271,308], improved wear
properties [309] and strain rate sensitivity [104,384,385], improved thermal stability [139,193,386]
and high electrical conductivity [169,172,173,258]. The slip discontinuity across TBs inhibits
dislocation transmission, providing effective barriers to dislocation motion and generating high
flow strengths. Molecular dynamics (MD) simulations [179,180] and in-situ nanoindentation
experiments [157,323] demonstrate the efficacy of TBs as barriers to dislocation motion.

Dislocations require a high resolved shear stress in order to dissociate at the twin interface and
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recombine in the adjacent grain [179,180]. Wang et al. identified detwinning mechanisms through
in-situ nanoindentation in NT Cu, highlighting the plasticity carrying capability of TBs [156]. In-
situ nanoindentation experiments in Al also reveal the improved work hardening provided by
incoherent twin boundaries (ITBs) [177]. TBs have also been identified in ceramic materials and
aid in improving fracture toughness by inhibiting crack propagation [387,388].

Twins can be introduced into metals via annealing (annealing twins), as plasticity carriers
(deformation twins) or during crystal growth (growth twins). £3 TBs in FCC metals are
categorized by their habit plane, with coherent twin boundaries (CTBs) residing on {111} planes
and incoherent twin boundaries (ITBs) lying on {112} planes 1. CTBs possess extremely low
boundary energies and are highly stable. Metals with a low stacking fault energy (SFE), such as
Ag (16 mJ/m?) [389], Au (32 mJ/m?) [390] or Cu (45 mJ/m?) [304,389], have a higher propensity
for twin formation. Even under equilibrium conditions, twins are common among these metals.
General planar fault energy (GPFE) curves modeling <112> slip of Shockley partials lying on
{111} planes provides more insight to the twinnability of FCC metals [261]. Lower ratios between
the unstable SFE (yusre) and the stable SFE (ysre) indicate a higher propensity for stable twin
formation. During physical vapor deposition of low SFE metals, the free energy difference
between twinned nuclei and defect free nuclei is negligible, leading to a higher density of stabilized
stacking faults and twins in the resulting films [135,189,262]. Bufford et al. documented a high
density of nanometer spaced £3{111} CTBs orthogonal to the growth direction bounded by both
columnar high angle boundaries and £3{112} ITBs in (111) textured magnetron sputtered Ag
[170]. This unique nanostructure exhibited high hardness and the CTBs remained stable at elevated
temperatures while the high angle columnar boundaries coarsened dramatically [135]. In
comparison, NT Cu fabricated by electrodeposition is composed of an ultrafine polycrystalline
aggregate containing nanometer spaced CTBs [169,173,258]. FCC metals with a high SFE, such
as Ni (120 mJ/m?) [391] and Al (140 mJ/m?) [392], have a much larger energy penalty for twin
formation. Far-from-equilibrium processing techniques, specifically electrodeposition and
magnetron sputtering, have been utilized to introduce a high density of growth twins into high SFE
metals [159,171,196,393,394]. Li et al. reported a unique nanoscale network of £3{111} CTBs
and X3 {112} ITBs in highly textured electrodeposited Ni, leading to improved corrosion resistance

and mechanical properties [171].
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Understanding the thermodynamic aspects governing nucleation and growth of TBs is
crucial to synthesizing NT materials. The reduction in interfacial energy provided by £3 TBs is a
major driving force for twin formation [181,264]. A thermodynamic vapor nucleation model
developed by Zhang et al. [262] and expanded upon in the work by Xue et al. [189] determines the
critical radius difference between defect free and twinned nuclei. Lower SFEs (yt) and increased
deposition flux (J) both promote twin formation as the twinned nuclei critical radius approaches
the defect free nuclei critical radius. A reduced twin spacing is documented at higher deposition
rates in both magnetron sputtered [172] and electrodeposited [169,173] of NT Cu. Additionally,
applying larger substrate biases during magnetron sputtering provides increased ion bombardment
energy and higher levels of residual stress, driving partial dislocation motion and finer twin
spacings in NT Cu [395]. In contrast, higher substrate temperatures provides the necessary energy
for atoms to diffuse into their correct FCC stacking site, increasing twin thickness [396]. Film
texture has been also documented to influence twin formation as different surface energies are
associated with twin variants in differently oriented crystals [190,290]. This thermodynamic model
further indicates that increasing J alone is insufficient to introduce growth twins into high SFE
metals [189]. A template method was developed as an alternative means to replicate twin structures
from a low SFE “template” layer into a high SFE film [154]. Yu et al. documented that (1) a low
SFE seed layer and (2) a coherent interface between layers enabling epitaxial growth and twin
replication were needed to execute this methodology [301]. Ag/Al [154] and Cu/Ni [397]
template/film pairs demonstrate this phenomenon as a high density of ITBs and CTBs were
replicated from Ag and Cu into Al and Ni, respectively.

As twin nucleation and growth are kinetic processes, altering deposition conditions directly
impacts twin formation. Competitive grain growth and grain coarsening wipe out twin variants
from high SFE metals during physical vapor deposition [189]. Kinetically interrupting film growth
processes through the introduction of coherent interfaces stabilizes twinned variants in high SFE
Al layers in Al/Mg [191] and Al/Ti multilayers [192,193]. Recently, magnetron sputtering of
highly {111} textured Al-X alloys with transition metal solutes (X = Fe, Ni, Co, Ti, Zr) has been
identified as a means to synthesize high strength NT Al alloys composed of an abundance of
vertically oriented £3{112} ITBs [159,195-198]. Extensive networks of diffuse ITBs, or “OR
phase”, are stabilized within these microstructures, providing additional sources for both

dislocation motion obstruction and plasticity [159,308]. Using density functional theory
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calculations, Gong et al. demonstrated how various transition metal solutes alter the SFE of Al and
promote grain refinement [200]. These sputtered alloys form super-saturated solid solutions, and
the solutes Kkinetically pin the partial dislocations composing ITBs and prevent fault correction
during film growth. Solute selection is key as certain transition metal solutes promote twin
formation (Fe, Ni, Zr, etc.) while others do not (Cr, Mo) [289].

In this study, the dependence of film texture on twin density and resulting mechanical
properties was studied in NT Al-3Zr sputtered films. This expands upon the previous work by Xue
et al. [190] identifying texture dependent twin formation mechanisms in pure Al and injects the
influence of solute into the formation of these twin structures. Extensive transmission electron
microscopy (TEM) experiments detail the resulting microstructures, highlighting the difference in
twin structure in differently textured Al films. Nanoindentation hardness measurements also
provide insight into the change in deformation mechanisms as the film texture changes.
Additionally, the aforementioned thermodynamic model describing twin formation in physical
vapor deposition is expanded upon to help explain the difference in twin density as a function of
texture. This work provides insight into twin formation mechanisms and direction on fabricating

twinned structures in high SFE metals.

6.3 Experimental

Pure Al and Al with 3at%Zr (Al-3Zr) coatings 1um in thickness were deposited using
magnetron sputtering at room temperature. A 50nm Ag seed layer was deposited to promote
epitaxial growth on different textured Si substrates ((100), (110), (111), (112) and amorphous
Si0O2). Al (99.999%), Ag (99.999%) and Zr (99.995%) targets were used, and the sputter chamber
was evacuated to ~8 x 107 torr prior to deposition. A Panalytical Empyrean X’pert PRO MRD
diffractometer operated at 40 kV using Cu Kol x-rays was used to perform out-of-plane 0-26 x-
ray diffraction (XRD) scans and to collect pole figure measurements. Transmission electron
microscopy (TEM) samples were prepared from the as-deposited films using mechanical grinding,
dimpling and low energy Ar ion milling. Any sample heating was avoiding during sample
preparation processes to ensure reliable microstructural analysis. A Thermo Fisher Talos 200X
analytical microscope operated at 200 kV was used to assess film microstructure. This microscopy
is equipped with a Fischione high-angle annular dark field (HAADF) detector and a super X

energy-dispersive x-ray spectroscopy (EDS)detector enabling chemical analysis. Crystallographic
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orientation mapping and GB misorientation measurements were performed using the TALOS
200X using a Nanomegas ASTAR™ system with a camera length of 205 mm, a precession angle
of 0.6°, and a step size of 8 nm. A Hysitron T1 Premiere nanoindentation system was used to probe
the hardness and moduli of the as-deposited films. The indent depth was maintained below 15%
to avoid incorporating substrate effects, and 50 indents were conducted per sample to ensure

statistical reliability.

6.4 Results

Out-of-plane 6-26 and pole figure XRD measurements were collected to assess the overall
Al-3Zr film structure and texture on differently oriented Si substrates. Figure 6-1(a) reveals the
change in Al-3Zr film texture when deposited on differently oriented Si substrates with Ag seed
layers. Si(100) and amorphous SiO2 (referred to as (100) Al-3Zr and (SiO2) Al-3Zr hereafter,
respectively) substrates form polycrystalline randomly oriented films based on the resulting XRD
spectra. In comparison, films deposited on Si(110), Si(111) and Si(112) (referred to as (110) Al-
3Zr, (111) Al-3Zr and (112) Al-3Zr hereafter, respectively) all resulted in highly textured Al-3Zr
coatings with similar corresponding textures. Each of these spectra contains peaks associated to
these strong textures, with some minor peak splitting identified in higher order peaks due to the
Ag seed layer. Since the (112) oriented films contain crystallographic orientations with 20 values
beyond the range of our diffractometer, an out-of-plane sample rotation of y=19.47° to the AI(111)
peaks was necessary to confirm the strong (112) texture. Additionally, no second phase peaks were
identified in any of the spectra in Figure 6-1(a), suggesting super saturated solid solutions form
regardless of substrate. Figure 6-1(b-f) contains the resulting (111) pole figure scans for each
coating, further confirming the texture trends identified previously. Notably, the pole figure for
the (111) Al-3Zr in Figure 6-1(c) possesses 6-fold symmetry indicating a high density of growth
twins within the microstructure. This symmetry is also seen in the pole figures for (112) Al-Zr in
Figure 6-1(d). There is a 15° rotation in the diffraction spots in the (112) Al-3Zr alloy indicative
of the rotation in the crystallographic planes when compared with (111) Al-3Zr.
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Figure 6-1. (a) XRD spectra for Al-3Zr alloys deposited on various Si substrates. (b-f) XRD pole figure collected
along the (111) pole for Al-3Zr alloys deposited on (b) Si(110), (c) Si(111), (d) Si(112), (e) Si(100) and (f) amorphous
SiO, substrates

The hardness was measured using nanoindentation for both pure Al and Al-3Zr deposited
on each studied Si substrate and the results are presented in Figure 6-2(a). Very little variation is
seen in pure Al, with (111) Al reaching a hardness of ~0.9 GPa, whereas the rest of the films only
reach an average hardness of ~0.8 GPa. In comparison, the Al-3Zr all reach a higher hardness than
their pure Al counterpart, with the (111) Al-3Zr and (112) Al-3Zr reaching ~1.5GPa, almost double
that of pure Al. (110 Al-3Zr achieves a high hardness of ~1.3GPa while (100) Al-3Zr and (SiO2)
Al-3Zr only reach a hardness of 1 GPa. The average grain size was measured using the line
intercept method from plan-view TEM micrographs and is plotted as a function of substrate texture
in Figure 6-2(b). The pure Al grain size from the study by Xue et al. [190] was used as a reference
and the grain sizes reach 160, 400 and 340 nm when deposited on Si(110), Si(111) and Si(112),
respectively. In comparison, (110) Al-3Zr, (111) Al-3Zr and (112) AI-3Zr all experience a
reduction in grain size, reaching 124, 77, and 101 nm, respectively. (100) Al-3Zr and (SiO2) Al-
3Zr both exhibit a grain size over 140 nm.
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Figure 6-2. (a) Hardness and (b) grain size plotted against substrate texture.

The microstructure of each Al-3Zr coating was thoroughly assessed using TEM to compare
grain structure and twin propensities as well as fully assess the film textures. Figure 6-3 contains
plan-view (PV) TEM images collected from the (100) Al-3Zr and (SiO) Al-3Zr coatings revealing
both to be composed of ultrafine grains (~145nm). The corresponding SAD patterns in Figure 6-
3(a) and 6-3(c) reveal the grains are randomly oriented in both samples. This is further confirmed
from the IPF maps presented in Figures 6-3(b) and 6-3(d) where no clear dominant texture is
identified with a mixture of grain orientations. The (110) Al-3Zr, (111) Al-3Zr and (112) Al-3Zr
films were similarly characterized and the resulting TEM data is shown in Figure 6-4. Each film
exhibits single crystal like texture based on the corresponding SAD patterns inserted in Figures 6-
4(a, c, €). The inserted SAD patterns correspond to (110), (111) and (112) FCC single crystals and
the IPF maps in Figures 6-4(b, d, f) reinforces the extremely strong texture as each map is almost
monochromatic. Individual domains (composed of the same out of plane texture) can be discerned
in the BF-TEM images in Figures 6-4(a, c, e) and the (110) Al-3Zr, (111) Al-3Zr and (112) Al-

3Zr films possess grain sizes of 124, 77 and 101 nm, respectively.
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Figure 6-3. (a) BF-TEM micrograph revealing the polycrystalline microstructure in Al-3Zr deposited on Si(100) with
corresponding SAD pattern. (b) IPF map further confirming the polycrystalline microstructure composed of ultrafine
grains in Al-3Zr deposited on Si(100). (c) BF-TEM micrograph revealing the polycrystalline microstructure in Al-3Zr
deposited on amorphous SiO; with corresponding SAD pattern. (d) IPF map further confirming the polycrystalline
microstructure composed of ultrafine grains in Al-3Zr deposited on amorphous SiO».
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Figure 6-4. (a) BF-TEM micrograph with corresponding SAD pattern inset and (b) IPF map revealing highly textured
(110) Al-3Zr deposited on Si(110). (c) BF-TEM micrograph with corresponding SAD pattern inset and (d) IPF map
revealing highly textured (111) Al-3Zr deposited on Si(111). (e) BF-TEM micrograph with corresponding SAD
pattern inset and (f) IPF map revealing highly textured (112) Al-3Zr deposited on Si(112).
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Cross-section TEM (XTEM) samples were also prepared along the <110> zone axis in
order to fully assess the twin structures within each film. Figure 6-5(a) contains a BF-TEM
micrograph revealing randomly oriented columnar grains with high angle grain boundaries
(HAGB) labeled. This result corresponds well with the PV TEM data presented in Figure 6-3 and
due to structural similarities, the (100) Al-3Zr data in Figure 6-5 is representative for the (SiO)
Al-3Zr sample. Multiple SAD patters are shown in Figure 6-5(a1, a2), and the corresponding
regions of interest are labeled in Figure 6-5(a). These patterns confirm the zone axis to be [011] of
the single crystal Si(100) substrate and reveal the columnar grains to be randomly oriented. This
is further confirmed in both the DF-TEM micrograph and IPF + boundary map in Figures 6-5(b)
and 6-5(c), respectively. Additionally, the IPF + boundary map demonstrates the nature of the
columnar boundaries to be HAGB, all with a misorientation over 15°. Figure 6-5(d) contains a BF-
TEM micrograph collected at a higher magnification revealing the termination of 2 CTBs within
the first 50nm of the film growth process. Figure 6-5(e) provides a HRTEM image of one CTB
terminated at a columnar HAGB. Additionally, Figure 6-5(f) reveals the other CTB shown in
Figure 6-5(d) is terminated by an ITB within a grain interior. Fast Fourier transforms (FFTSs) are
provided in Figures 6-5(f1, f2) and confirm the twinned structure shown in Figure 6-5(f). These
instances of twin formation in the (100) Al-3Zr coating were very sparse indicating a low

propensity for twin formation.
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Figure 6-5. (a) BF-TEM micrograph identifying multiply columnar HAGB in Al-3Zr deposited on a Ag seed layer
and Si(100) substrate. This image is taken along the [011] zone axis of the Si(100) substrate. (a;) SAD pattern
corresponding to the label in (a) revealing randomly oriented columnar grains in the Al-3Zr film. (az) SAD pattern
taken from the labeled region in (a) confirming the [011] zone axis of the Si(100) substrate. (b) DF-TEM micrograph
collected with g = [111] identifying multiple ultrafine columnar grains. (c) IPF + boundary map collected using
ASTAR revealing randomly oriented columnar grains. (d) BF-TEM micrograph identifying a CTB replicated from
the Ag seed layer terminated at a HAGB. (¢) HRTEM image from the labeled region in (d) identifying the termination
of the CTB at a columnar boundary. (f) HRTEM image identifying the termination of a CTB at an ITB with

corresponding FFTs from (f1) and (f2) regions

Figure 6-6(a) contains a BF-TEM image of the (110) Al-3Zr film with the corresponding

SAD pattern provided in Figure 6-6(b) revealing single crystal-like texture. The images were
collected along the [011] zone axis in order to assess the twin structure. Multiple threading

dislocations and columnar domain boundaries were identified throughout the film, labeled in
Figure 6-6(a). Figure 6-6(c) contains a DF-TEM image collected with a g = [200] identifying a
columnar grain with a width of ~150nm, corresponding well with the measured grain size (124nm).
The HRTEM images presented in Figures 6-6(d-g) fully characterize and represent the twin
structures found throughout the (110) Al-3Zr coating. Inclined CTBs were identified and one is
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presented in Figure 6-6(d) which is terminated at a grain boundary within the film. Additionally,
as characterized in Figure 6-6(f), these twins are thick (~15-20nm) and the CTBs bound patches
of 9R phase stabilized in the as-deposited microstructure. Figure 6-6(g) presents an example of a
CTB replicated from the Ag seed layer into the high SFE Al layer, in addition to the replicated 9R

phase.

Figure 6-6. (a) Low magnification BF-TEM micrograph of the (110) Al-3Zr sample revealing multiple columnar
boundaries and threading dislocations. (b) SAD diffraction pattern corresponding to the image in (a) revealing single
crystal like texture collected along the [011] zone axis. (¢) DF-TEM micrograph identifying a columnar grain collected
with g = [200]. (d) Medium magnification BF-TEM image identifying a thick twin boundary bounded by a CTB
being terminated at a columnar HAGB. (¢) HRTEM image confirming the FCC structure along the [011] zone axis
corresponding to the labeled region in (d). (f) HRTEM image identifying a thick twin with a CTB bounding 9R phase
corresponding to the labeled region in (d). (g) HRTEM of a CTB and 9R phase replicating from the Ag seed layer into
the AI-3Zr film.

Figure 6-7(a) contains a BF-TEM micrograph of the (111) Al-3Zr taken along the [011]
zone axis revealing an abundance of columnar boundaries ~70nm in size. The corresponding SAD
pattern in Figure 6-7(b) reveals the twinned nature of the columnar grains and confirms the
nanostructure to be composed of a high density of vertical ITBs. The DF-TEM micrograph in
Figure 6-7(c) further confirms this twin relationship with matrix and twin variants labeled

corresponding to the labels on the SAD pattern in Figure 6-7(b). Additionally, the IPF + boundary
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map in Figure 6-7(d) shows the high density of ITBs along with the films strong texture. Figure 6-
7(e) shows a HRTEM image of the interface between the (111) Al-3Zr film and the Ag seed layer
revealing a high density of stacking faults in the Ag layer promoting the formation of an ITB and
9R phase in the Al-3Zr film. Additionally, an HRTEM image and FFT inset in Figure 6-7(f) further
identify the 9R phase structure that fills a large volume fraction of the film microstructure. The
twin spots and superlattice spots in both the SAD in Figure 6-7(b) and the FFT in Figure 6-7(f)
provide further proof of ITB and 9R phase formation. Figure 6-8(a) contains a BF-TEM image
collected along the [111] zone axis identifying multiple threading dislocations. No twins were
identified due to the zone axis and further work is needed to assess the twin structure along the

[011] zone axis.

Figure 6-7. (a) BF-TEM micrograph identifying a high density of columnar ITBs in Al-3Zr deposited on Si(111). (b)
SAD pattern corresponding to the region labeled in (a) identifying the columnar boundaries as twins with intermediate
diffraction spots corresponding to 9R phase formation. (c) DF-TEM image taken with a g = [200] with matrix and
twin variants labeled. (d) IPF map collected using ASTAR revealing single crystal like texture and columnar ITBs. (e)
HRTEM image revealing the nucleation of an ITB and 9R phase in Al-3Zr from a high density of stacking faults in
the low SFE Ag seed layer. (f) HRTEM image of a columnar ITB and broad 9R phase formed in Al-3Zr deposited on
Si(111) with a corresponding FFT insert.
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Figure 6-8. (a) BF-TEM image collected along the [111] zone axis for Al-3Zr on Si(112) with corresponding (b)
HRTEM image identifying the clean FCC microstructure. Image collection along the [011] zone axis is needed to
adequately image the twin structure.

6.5 Discussion

Stabilizing twins in Al typically requires extreme conditions, and multiple factors have
been deemed important to promote twinning. One factor essential for growth twin formation in
high SFE Al is an extremely fast quench rate. Rapid quenching, characteristic of magnetron
sputtering (upwards of 10'? Ks?), pushes the system far from equilibrium and enables the
stabilization of typically unstable structures [398]. This has been demonstrated extensively with
the fabrication of nanotwinned metals [170,173,255,301,393], however the difference in twin
propensity in this work is tied to the crystallography of the Al-3Zr films as each coating was
deposited under the same conditions. As established by Xue et al. [189,190] in sputtered pure Al,
film texture is important for twin propensity. Additionally, they reported that twin nucleation can
originate from (1) the formation of a twinned nucleus or (2) from the impingement of two growing
grains possessing a twinned relationship. Based on Figure 6-1(a) and the PV TEM data in Figures
6-3 and 6-4, certain substrates are able to promote highly textured, nearly single crystal Al-3Zr
((110), (111) and (112) Al-3Zr) whereas (100) and (SiO2) Al-3Zr both formed randomly textured
polycrystalline films. Due to a diminished texture, the (100) and (SiO2) Al-3Zr films present
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minimal twin stabilization (Figure 6-5), with the few nucleated twins becoming annihilated within
the first 80 nm of the film growth process due to the large energy penalty (Figure 6-5(d-f)). By
increasing the randomness of grain orientation during nucleation, the twin propensity is minimized
twofold. First, a (111) oriented nucleus containing a twin is less likely to be formed. Subsequently,
the few twin variants that do form are suppressed due to competitive growth processes and the
energy penalty for twin formation in Al. As a result, these twins are terminated within the film at
both high angle grain boundaries and by an ITB to minimize the excess energy resulting from the
high SFE. Second, the probability of two variants possessing a twin relationship nucleating close
enough to impinge upon each other during film growth is significantly reduced. The resulting (100)
and (SiO2) Al-3Zr films possess very few twins, and the Zr solute serves to reduce the randomly
oriented grain sizes, however this solute does not provide enough of an energy barrier to prevent
detwinning processes in randomly textured films.

The films exhibiting strong texture all contain a higher twin density than the randomly
textured Al-3Zr coatings. Xue et al. [190] demonstrated this previously in pure Al, asserting that
(112) oriented Al produced coatings with the highest twin density, and this study strove to
incorporate the influence of solute on these twin formation mechanisms. As is apparent in Figure
6-2(b), the grain size is reduced dramatically with the introduction of just 3at% Zr, however the
strong film texture is unaffected. In the highly textured (110) Al-3Zr, multiple inclined twins are
identified throughout the film extending beyond a few hundred nm’s. A majority of these twins
terminate at columnar grain boundaries and often nucleate either within the Ag seed layer or at
another columnar grain boundary. Due to the refined grain size and that a majority of these CTBs
nucleate in the early stages of film growth, a majority of twins terminate at columnar boundaries
before reaching the film surface. Additionally, the twin structure resembles the microstructure
reported in (110) oriented Ag by Bufford et al [170]. One contrast between (110) Al and (110) Al-
3Zr films reported in this study is the thickness of the resulting twins. As presented in Figures 6-
6(f-g), the inclined CTBs bound regions of 9R phase, which was previously unidentified in (110)
Al which typically contained sharp CTBs. This twin evolution is a result of solute additions and is
similarly found in (111) Al-3Zr which contain an abundance of finely spaced columnar ITBs with
large patches of 9R phase stabilized in the resulting film directly resulting from the introduction
of solute. This has been discussed at length in multiple studies [159,195-198,271,308], however

the role of Zr will be briefly discussed here. First, Zr acts as a grain refiner promoting a higher
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nucleation rate during the initial stages of film growth. Because of the strong (111) texture, the
probability of forming twin variants is greatly enhanced and the grain refinement further increases
the density of these twinned variants. Additionally, as uncovered from density functional theory
(DFT) calculations in [271,308], Zr further acts to increase the energy barrier for partial dislocation
migration, preventing the correction of stacking faults in the as deposited coating, resulting in
expansive patches of 9R phase, such as the case in Figure 6-7(f). As a result, the film is able to
grow to 1um thickness without significant detwinning. In comparison, the Zr solute is able to
stabilize an increased twin density and promote a refined grain size in the (112) Al-3Zr coatings.

A thermodynamic model describing vapor nucleation has provided insight into the

formation of growth twins and is given by:

T;erfect = —(Hln[]‘]//m]) (6-1)
Q Ps
rt*win = (I;_Tln[]\/ZkaT]_%) (6-2),
Pg

where r* represents the critical nucleus radius, y is the surface energy, k is Boltzmann’s constant,
T is the temperature, Q is the atomic volume, J is the deposition flux, m is the atomic mass of the
sputtered material, and Ps is the vapor pressure above the solid. [262]. Based on Equation 6-1,
Bufford et al. predicted twins would be rare in Al even at high deposition rates [170]. Similar to
the (100) Al-3Zr and (SiO2) Al-3Zr cases, Xue et al. established that the formation of inclined
twins requires a smaller energy than horizontal twins as in Equation 6-2 and determined a
maximum twin density at film thicknesses of ~80nm. This coincides well with the randomly
textured coatings in this study as the few identified twins terminate around 80nm into the film.
Further, Equation 6-2 also dictates that a reduced twin boundary energy (yt) will reduce ry,,,;,and
increase twin propensity. DFT simulations from [271,308] establish that increased Zr solute will
slightly reduce the SFE of the Al alloys (125.7 down to 107.8 mJm?), providing a smaller energy
barrier for twin formation. This works in conjunction with reduced grain sizes to further increase
the twin density in Al-3Zr compared to a pure Al reference. Additionally, the reduced grain sizes
helps promote thicker twins and broader patches of 9R phase in the resulting films.

The hardness of each coating is intimately linked with the film texture as each clearly
demonstrates a difference in microstructure. Increased twin boundary density and reduced grain
sizes both work to obstruct dislocation motion and improve film hardness. As a result, (111) Al-

3Zr exhibits the highest hardness as it is composed of the finest grains and the highest twin density.
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The columnar ITBs and abundant 9R phase obstruct dislocation glide and boost the hardness to
~1.5GPa. Similarly, (112) Al-3Zr reaches a hardness of ~1.45 GPa as the Zr solute restricts the
grain size down to ~100nm. The high density and combination of CTBs and ITBs are the means
for improving the film hardness. The (110) Al-3Zr films reach a hardness of ~1.2 GPa due to the
introduction of inclined CTBs and stacking faults composing 9R phase as well as reduced grain
size. However, the inclined twins do not obstruct dislocation slip as significantly as the vertical
ITBs in (111) Al-3Zr, resulting in slightly lower hardness. In contrast, the (100) Al-3Zr and (SiO2)
Al-3Zr are composed of ultrafine grains and almost no twin boundaries, leading to only a marginal
hardness increase compared with its pure Al counterparts. Overall, controlling the twin
morphology through film texture provides a straightforward means to tailor mechanical properties,

and also has implications in future additive manufacturing endeavors related to Al.

6.6 Conclusions and future work

This study identified the combined influence of film texture and solute additions on twin
formation in Al sputtered alloys. The largest twin density was recognized in (111) Al-3Zr and (112)
Al-3Zr with a notable difference in twin morphology dependent on crystallography. (110) Al-3Zr
also contained twins albeit at a significantly lower density. These (111) and (112) textured coatings
also possess the highest hardness (~1.5GPa), and the refined microstructure and increased twin
densities play a major role. Intensive TEM experiments identified the changing film structure and
provided insight into the change in mechanical properties and was combined with a
thermodynamic and crystallographic assessment of twin formation in nanotwinned Al-3Zr alloys.
This work clearly demonstrates the role Zr solute during film growth and how the resulting
microstructures can tailor the mechanical response. Further work is needed to expand upon the
thermodynamic and crystallographic rationale behind the twin formation mechanisms. Additional
microscopy investigation is needed to fully assess the twin densities in the (112) oriented films

and to better correlate the twin structure’s relationship with the film’s mechanical properties.
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7. SUMMARY

This thesis probes the microstructural, mechanical and thermal properties of nanotwinned
Al-Zr sputtered films using a suite of electron microscopy and micromechanical techniques. The
fundamentals of twin formation, strengthening and stability were studied in depth. The major
findings can be summarized as follows:

(1) Zr solute promotes significant grain refinement and boost in twin density by increasing
the energy barrier for surface diffusion. This microstructural evolution promotes high
hardness (4.2 GPa) and flow stress (1.1 GPa) while maintaining significant
deformability. The abundance of incoherent twin boundaries and 9R phase stabilized
by Zr helps maintain high levels of deformability while increasing strength.

(2) Nanotwinned Al-Zr alloys exhibit a significantly improved strain rate sensitivity over
their Al and Al alloy counterparts due to boost in partial dislocation density (9R phase)
and decrease in activation volume. A unique constant strain rate nanoindentation
methodology was employed to probe this phenomenon

(3) Co and Zr solute help refine the microstructure down to below 10nm while promoting
a high density of incoherent twin boundaries. In-situ micropillar compression testing
uncovers the high flow stress (1.5 GPa) capable of these nanotwinned Al-Co-Zr alloys.
These solutes exhibit a synergistic relationship pinning the microstructure and
imparting thermal stability up to ~0.78 T.

(4) Al film texture was determined to play a significant role in twin density and formation.
(100), (110) and SiO: substrates all promote a low twin density, larger grain size and
low hardness (~.9 GPa). (111) and (112) textured Al films grown epitaxially on Si

contain refined structures (below 100nm) and a large twin density

There remains a few questions that still can be addressed to fully assess the mechanical
response and twin formation mechanisms of nanotwinned Al alloys:

(1) Mechanical response of Al-Co-Zr alloys at high temperatures

(2) In-situ TEM nanoindentation probing the mechanical response of ITBs with different

solute
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(3) Altering substrate conditions during magnetron sputtering, including substrate bias and
temperature

(4) Tensile response of the unique nanotwinned microstructure presented in this thesis

(5) Fabrication of bulk Al alloys containing a significant fraction of twin boundaries
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