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Defects are unavoidable, life-limiting and dominant sites of damage and subsequent failure in 

a material. Ni-based superalloys are commonly used in high temperature applications and 

inevitably found to have defects in the form of inclusions, voids and microscopic cracks which are 

below the resolution of standard inspection techniques. A mechanistic understanding of the role of 

defects in such industrially relevant bulk polycrystalline material is essential for philosophies of 

design and durability to follow and ensure structural integrity of components in the inevitable 

presence of such defects. The current understanding of defect-mediated damage, in bulk Ni 

superalloys, is limited by experimental techniques that can capture the local micromechanical state 

of the material surrounding the defect. In this work, we combine mechanical testing with in-situ, 

non-destructive 3-D X-ray characterization techniques to obtain rich multi-modal datasets at the 

microscale to interrogate complex defect-microstructure interactions and elucidate the 

mechanisms of failure around defects. The attenuated X-ray beam, after passage through the 

material, is utilized through computed micro-tomography to characterize the defects owing to its 

sensitivity to density differences in the material. The diffracted X-ray beam, after illuminating the 

material, is employed through high energy diffraction microscopy in various modes to interrogate 

the evolving micromechanical state around the discovered defects. 

 Three case studies are performed with specimens made of a Ni-based superalloy specially 

designed and fabricated to have internal defects in the form of: (i) an inclusion, (ii) a microscopic 

crack, and (iii) voids. In each case, the grain scale information is investigated to reveal 

heterogeneity in the local micromechanical state of the material as a precursor for the onset of 

failure. Models and simulations based on finite element or crystal plasticity are utilized, wherever 

necessary, to assess the factors essential to the underlying mechanism of failure. In the first case 

study, the detrimental effects of an inclusion in initiating a crack upon cyclic loading is interrogated 

and the state of bonding, residual stresses, and geometrical stress concentrations around the 
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inclusion are demonstrated to be of utmost importance. In the second case study, the propagation 

of a short fatigue crack through the microstructure is examined to reveal the crystallographic nature 

of crack growth through the (i) alignment of the crack plane with the most active slip system, (ii) 

the correlation between the crack growth rate and the maximum resolved shear stresses, and (iii) 

the dependence of the crack growth direction on microplasticity within grains ahead of the crack 

front. In the third case study, the role of voids in ductile failure under tensile loading is explored 

to illuminate the activation and operation of distinct mechanisms of inter-void shear and necking 

under the control of the local state of stress triaxiality and the local plasticity within the grains at 

critical sites of fracture.  

In summary, a grain scale description of the micromechanical state has been unambiguously 

determined through experiments to examine the heterogeneity around defects in the material. It 

has enabled us to identify and isolate the nature of factors essential to the activation of specific 

mechanisms at the onset failure. The grain scale thus provides an ideal physical basis to understand 

the fundamentals of defect mediated damage and failure instilling trust in the predictive 

capabilities of models that incorporate the response of the grain structure. The generated datasets 

can be used to instantiate and calibrate such models at the grain level for higher fidelity. 
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1. INTRODUCTION 

Defects in superalloys are unavoidable [1] and inherent to materials created through any 

manufacturing process. It is well acknowledged that such defects are discontinuities and weak 

links in the material that are extremely detrimental [2–7] to the performance and life of structures. 

The damage tolerant design [8] philosophy is based on the assumption that flaws will exist in any 

structure and such flaws will propagate with usage. Structures designed under this philosophy 

should therefore be damage tolerant in their ability to sustain defects safely until maintenance 

programs enable the detection of cracks and subsequent repair of the component. This design 

criteria, though effective, force tolerances, allowances, and redundancies that result in 

overdesigned structures and adoption of stricter maintenance and inspection regiments. These 

measures directly affect the cost and time of development, the safe and sustained operation of the 

structure, and are significantly limiting to performance of the system as a whole. The only solution 

is to understand the mechanism of defect mediated damage at an appropriate scale in order to 

assess the actual detriment of a defect to the performance of the structure. 

Experimental studies which are focused to interrogate damage due to specific defect 

mechanism have to pave the way for improvement in understanding and assessment of these 

mechanisms. Macroscopic stress-strain curves and post-mortem fractography have been used 

extensively and helped immensely to reach the current level of understanding. Carburization and 

shot peening impart high residual stresses and hardness at the surface making sub-surface damage 

events more common. These events cannot be captured by surface inspection techniques [6,9–12]. 

Advanced characterization techniques need to be explored with the ability to generate local 

microscale information of the material as it is evolving with macroscopic loading and in the 

vicinity of defects in the bulk of the material. Thus, these techniques have to be performed (i) in-

situ while loading the specimen, (ii) non-destructively to capture the evolving state of the material, 

(iii) illuminate the internal state within the bulk of the material, and (iv) at a resolution that can 

capture the microscale changes around the defect. The solution can be found in recently developed 

high-energy synchrotron X-ray characterization techniques. 

The premise of this thesis is that the interaction between the defect and a very small region of 

the microstructure in the vicinity of the defect will help further our understanding of the damage 

mechanisms associated with the defects. Computed micro-tomography (µ-CT) delivers a solution 
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for revealing the morphology and location of the defect structure within the sample at the initial 

state before loading has commenced and the ability to track its evolution to capture the exact 

locations of failure. High energy diffraction microscopy (HEDM) offers a solution for 

characterizing the micromechanical state around the defects by revealing the underlying 

heterogeneous (i) grain structure (orientation maps), (ii) the stress state in each discovered grain, 

and (iii) the intragranular lattice curvature and lattice strain heterogeneity which accommodates 

the deformation within the grain. They are revealed through (i) near-field high-energy X-ray 

diffraction microscopy (NF-HEDM), (ii) far-field high energy X-ray diffraction microscopy (FF-

HEDM), and (iii) reciprocal space mapping respectively. These datasets are consolidated to study 

the interaction of the defect and the evolving microstructure at the sites of failure. The hypothesis 

is that a grain scale description of the micromechanical state is useful and sufficient to identify and 

isolate the factors essential to the activation of specific mechanisms at the onset failure and thus 

provides an ideal physical basis to understand the fundamentals of defect mediated damage. 

Simulation tools are utilized to show the contribution of the identified factors on the mechanism 

of failure for each of these defects. 

Three case studies are performed with specimens made of a Ni-based superalloy especially 

designed and fabricated to have internal defects in the form of: (i) an inclusion, (ii) a microscopic 

crack, and (iii) voids. In the following sub-sections, we will outline the motivation and expected 

contribution from each study. 

 Motivation and Contribution 

1.1.1 Case Study 1: Inclusion driven failure  

Crack nucleation at inclusions is an unavoidable, dominant and life-limiting failure mode as 

fatigue progresses to find the ‘weakest link’ in the material. Crack initiation accounts for a 

significant portion of the fatigue life [13]. After documenting fracture surfaces in a multitude of 

specimens subjected to cyclic loading, Caton et al. [2] exposed a clear bifurcation between two 

competing failure modes: crack nucleation at crystallographic facets and crack nucleation at 

inclusions.  The inclusion driven failures showed correspondence with lower lifetimes to failure. 

Research into the effect of temperature [3], grain size [4], stress level [2], strain range [5] and size 

of non-metallic inclusions [14] has further demonstrated the prominence of inclusion driven failure 



21 

 

for applications in which superalloys find relevance. A robust understanding of the mechanisms 

and driving forces behind crack initiation at inclusions is, however, still elusive because most 

mesoscale characterization tools, available today, are destructive processes and cannot be used in-

situ to capture evolution of critical state descriptors around sub-surface features.  

 

Research Contributions: 

In this study, we describe an experimental methodology, based on concurrent FF-HEDM and 

μ-CT, to characterize a large volume of a Ni-based superalloy with an embedded inclusion. The 

initial state of the sample is fully characterized and subsequently tracked spatially and temporally 

across an applied deformation schedule by periodically interrupting cyclic loading until a crack 

initiates. We use the evolution of the local microstructure throughout the volume, especially 

around the crack, to determine the factors contributing to crack initiation. Various failure metrics 

and parameters are discussed to understand and rationalize the stress distribution around the 

inclusion and its role in crack initiation. Finally, a 3-D elasto-viscoplastic (EVP) FFT model is 

used to comprehend the role of residual stresses and simulate the effect of debonding around the 

crack initiation site. Qualitative comparisons are performed to aid our understanding of these 

factors in recreating the observable conditions for crack initiation. 

 

Highlights: 

 Spatially, the heterogeneity in stress distribution is a product of a large rigid inclusion at 

an inclination to the loading axis, the residual stresses that it induces in the surrounding 

matrix and the bonding state at the inclusion-matrix interface. 

 Temporally, the strains grow gradually with loading and stabilize very quickly in a few 

cycles, only to change locally upon crack initiation. 

 The study reveals a gradient that exists in the magnitude of strain across the crack 

initiation site, a trend that is consistent across other micromechanical fields, and creates 

the necessary conditions for a crack to initiate. 

 Debonding at the inclusion-matrix interface is established to play the pivotal role in 

creating a gradient in stresses; the sites of debonding were discovered through the 

experimentally characterized response of the material and the hypothesis of debonding 

was inferred through proof of principle 3-D EVP-FFT simulations. 
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1.1.2 Case Study 2: Short fatigue crack driven failure  

Short fatigue cracks (SFC) show high variability in growth rates and propagation path as 

discussed by Pearson in 1975 [15] and has since been the focus of several reviews [16–19]. A SFC 

is representative of cracks with dimensions which are small in comparison to characteristic 

microstructural dimensions. The SFC regime, at a size which is practically undetectable during 

inspection and operating through mechanisms which cannot be predicted by linear elastic or elastic 

plastic fracture mechanics, can account for the majority of the life of a structure [20,21]. 

Microstructural attributes, such as grain orientations [22,23], grains sizes [24,25], distance from 

obstacles like grain boundaries [26–28], and local neighborhoods [29,30], are known to affect SFC. 

Existing theories and models cannot be accepted into practice until their underpinning assumptions 

are assessed and appraised with detailed experimental data at the appropriate length scale. The 

behavior of SFCs still remains elusive, because of the lack of experimental datasets which have 

been able to corroborate these findings by capturing the heterogeneity associated with the local 

micromechanical state ahead of the crack front in the bulk of a polycrystalline material under cyclic 

loading. 

 

Research Contributions: 

In this study, we leverage the advent of synchrotron based X-ray characterization techniques, 

developed in the past decade, to gather relevant micromechanical descriptors at the grain scale, in 

order to provide a physical basis to our understanding of the SFC regime. The crack, previously 

initiated, is propagated through the sample under cyclic loading while being experimentally 

tracked to study the path undertaken and rate of growth of the SFC in relation to the local 

microstructural state. The role of pertinent micromechanical stress-based fields is discussed to 

understand their relevance with respect to crack progression. A few representative grains are 

extracted and discussed in further detail to determine the crystallographic nature of the SFC by 

determining the alignment of the crack plane and direction of growth to the well-defined slip 

systems within a grain. The role of the associated normal and resolved shear stress on the crack 

growth rate is discussed. The evolution of the principal stresses and the resulting plasticity in the 

form of the lattice deformation within the grains ahead of the crack front are explored to understand 

their role in determining the SFC growth direction. 
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Highlights: 

 The SFC was tracked from its initiation, as it propagated through ~50 grains in the bulk of 

the Ni-based polycrystalline sample within a region of interest comprised of ~1700 grains, 

all of which were characterized at ten different states through cyclic loading.  

 The crack grew mostly in an intragranular nature along two parallel planes, during which 

the stress triaxiality and hydrostatic stresses exhibited high magnitudes, analogous to the 

opening stress on the crack. 

 Low stresses and high values of the stress coaxiality metric were calculated in the grains 

in the vicinity of a sharp change in the crack path during which the crack grew in an 

intergranular fashion to form a bridge across low energy grain boundaries. 

 During intragranular crack growth, the crack grows on slip planes and slip directions 

determined by the 𝜏𝑀𝑅𝑆𝑆; further the normal stress relative to the most active slip plane 

serves as an opening stress during intragranular crack propagation. The magnitude of the 

𝜏𝑀𝑅𝑆𝑆 shows a correlation with the crack growth rate within the grain. 

 The crack front progresses in multiple directions through different grains; the direction of 

growth can be determined through the severity of the plasticity in the grains ahead of the 

crack front, in terms of the full width at half maximum (FWHM) measures for intragranular 

misorientation or lattice strain gradient for each grain. An association to either the arrest or 

propagation of the crack, in certain directions, is found through the conformance of the 

principal stress states in the grains ahead of the crack tip.   

 

1.1.3 Case Study 3: Void growth and coalescence driven failure  

Void growth and coalescence are the principal modes of ductile failure as tensile loading 

progresses to localize deformation around the void structure in a material. Ni-based superalloys 

produced via the additive manufacturing (AM) process are inherently associated with processing 

defects in the form of microporosity [31,32]. Rapid qualification strategies are becoming 

increasingly reliant on modeling and simulations, which have shown varying degree of success in 

the accurate prediction of even the macroscopic response of the material; for example: the peak 

load, the fracture strain, the path of failure, etc. are easily over-predicted as documented in the 

Sandia Fracture challenge [33]. The main limitation of the models is in a realistic description of 
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the intrinsic state of the material and the proper calibration of material properties at an appropriate 

length scale. The level of detail and the length scale that is requisite for this task is of an open 

question, but in order to comprehend void driven failure the complex anisotropic response of the 

material in the immediate vicinity of sites of eventual failure needs to be experimentally explored.  

 

Research Contributions: 

In this study, we will interrogate void growth and coalescence in a Ni-based superalloy, 

produced via an AM process, under tensile loading through in-situ characterization of the 

micromechanical state at the grain-scale through multi-modal X-ray experiments. A 

comprehensive dataset that traverses several length scales is employed to mediate a multi-scale 

analysis of the growth and coalescence of voids to assess the important contributions of each length 

scale, in terms of critical attributes and their limitations, in a comprehensive assessment of ductile 

failure. The results highlight the potential of a grain scale analysis. The ability to capture both the 

locations of coalescence and differentiate between the active mechanisms of failure, within the 

region of interest, through the generated microscale information is discussed. We offer 

perspectives on interpreting some intragranular measures that have been determined via reciprocal 

space mapping and seek their relevance for the regime of ductile failure.  

 

Highlights: 

 The size and shape of each void along with their positions, with respect to the surrounding 

voids in the region of interest, have been determined via µ-CT and tracked until 

coalescence was captured at several locations; the path of coalescence has been found to 

be indicative of the mechanism of coalescence prior to ductile failure. 

 A specimen scale analysis of void growth, through the Rice and Tracey model 

implementation, has shown good correspondence with the aggregate geometric changes in 

porosity but is not representative of the evolution of individual voids. 

 A linear elastic-plastic finite element simulation has been instantiated with the exact size, 

shape, and location of all the voids in the region of interest, which allows for an accurate 

description of the stress concentrations due to the interaction between voids and is able to 

precisely determine the sites of experimentally-observed void coalescence, however, the 

exact mechanisms of coalescence are not ascertained with a homogenized material model. 
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 The grain structure surrounding the voids has been characterized through far-field HEDM 

to determine the position, orientation, and lattice strains in each grain of the region of 

interest, and consolidated with the µ-CT information of the coalescence sites. 

 The heterogeneity created in the material, due to the response of the grain structure to 

macroscopic loading, creates large variations in the micromechanical states, which are not 

captured by the homogenized material model. 

 Two mechanisms of ductile failure were observed: (i) inter-void shearing, which 

corresponds to grains exhibiting low stress triaxiality and (ii) inter-void necking, which 

corresponds to grains exhibiting high stress triaxiality. 

 High levels of plasticity and stress heterogeneity within the lattice of the grain(s) between 

voids provides the additional information, along with high stress triaxiality, to provide the 

necessary and sufficient criteria for inter-void necking based failure. 
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 Outline 

In summary, emerging in-situ, non-destructive characterization experiments based on high 

energy X-rays are used to  

 Identify sites of failure around defects within bulk polycrystalline Ni-superalloys 

 Quantify localization of the evolving micromechanical fields in the anisotropic grain 

structure of the region of interest  

 Consolidate the data to discern the factors and active mechanisms that in-part lead to and 

result from the localization 

 Establish and verify the contribution of the identified factors through simulations by 

incorporating them into the model or running models without their explicit integration (case 

studies 1 and 3 respectively) 

The collected grain-scale information is found to be necessary and sufficient to identify and 

capture the factors behind the mechanisms of failure. 

 

The dissertation is divided into six chapters; a quick road map of the thesis is as follows: 

 

Chapter 1: The big picture overview of the motivation behind the thesis and the expected 

contributions of the inducted case studies. 

Chapter 2: A synopsis of the experiments and simulations used in this thesis to provide the 

background necessary to follow the experiment.  

 

Chapter 3, 4, and 5 are case studies on three distinct defect structures found in Ni-based superalloys 

which have been adapted from published manuscripts and may be read independently. 

 

Chapter 3: Case study 1: Inclusion driven failure 

Chapter 4: Case Study 2: Short fatigue crack driven failure 

Chapter 5: Case Study 3: Void growth and coalescence driven failure 

Chapter 6: The conclusion and broad outlook for future endeavors.  
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2. METHODS 

High energy synchrotron X-ray techniques have enabled the rapid, non-destructive 

characterization of the internal structure and mechanical state of a test specimen, providing the 

possibility of tracking the evolution of critical state descriptors around sub-surface features under 

in situ mechanical loading. All experiments for this work were performed at beamline 1-ID of the 

Advanced Photon Source (APS) of Argonne National Laboratory [34,35]. 

 Computed micro-Tomography (μ-CT) 

This technique involves collecting X-rays that have been directly transmitted through a sample 

[36,37]. During passage, the X-rays are absorbed by the material and local variations in density 

within the material can be captured as an intensity contrast on the detector. This allows 

characterization in two very important ways. Firstly, inclusions and other impurities in the material 

have a different chemical composition and their exact location and morphology can be determined. 

Secondly, discontinuities in the sample, whether they are pre-existing voids, surface aberrations 

and cracks, can be observed once they nucleate and can be tracked thereafter. The basic setup of 

collimated-beam tomography consists of a single-axis goniometer perpendicular to the incident X-

ray beam with a framing area detector placed downstream of the sample, as shown in Fig. 2.1. The 

µ-CT detector requires high spatial resolution i.e. small effective pixel size and field of view. A 

custom made high-resolution tomography detector with 3 mm field-of-view and 1.5 μm square 

pixel size is used at APS 1-ID. 

Computed micro-tomography has been adopted in a few different variations: (i) Absorption 

contrast tomography is obtained when the detector is kept close to the sample, the variations in the 

intensity in the obtained projections are due to the difference in the mass attenuation coefficients 

of the different phases and lack of absorption by empty space in the material at cracks and voids;  

Beer-Lambert law:  

𝐼 = 𝐼𝑜 exp(−𝜇𝑥)       (2.1) 

where 𝐼 and 𝐼𝑜 are the intensity after and before passage through a material with an attenuation 

coefficient of 𝜇 and a thickness of 𝑥. (ii) Phase contrast tomography is obtained when the detector 

is kept further away (several times the specimen depth), coherent X-rays form interference fringes 
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at the transition between phases like at the (a) matrix-inclusion interface, (b) the crack-matrix 

interface, and (c) the void-matrix interface resulting in accentuated contrast and a sharper 

segmentation of the defect morphology. (iii) The focused beam passing through the sample and 

the beam stop, during NF-HEDM scans, also captures an intensity contrast due to the difference 

in the mass attenuation coefficient between the defect and the matrix, additional µ-CT 

reconstruction was performed using the beam projected onto the detector during the NF-HEDM 

scan through the beam-stop. The main challenge that needed to be considered during 

reconstruction is the low intensity and extra patterns present in the measured beam due to the 

uneven surface of the beam-stop. 

 

 

Figure 2.1 Schematic of experimental setup for computed micro-tomography (μ-CT) 

 

The µ-CT scans are reconstructed using an in-house code out of APS [38,39], which uses the 

GridRec algorithm [40]. The reconstructions were optimized in this code and then post-processed 

using ImageJ [41], in order to clean up the tomography artifacts and remove noise. Ring removal 

was performed using an in-house code implemented in Matlab, based on the algorithm specified 
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in [42]. Segmentation from tomograms is performed via a trainable machine learning algorithm 

called WEKA segmentation [43], available as an ImageJ plugin. Attributes of the defect, based on 

its derivatives/gradients to detect edges, eigenvalues of the Hessian matrix to determine plate/line-

like features, and structure tensor calculations with smoothing can be employed to extract the 

precise morphology of the defect. 

The μ-CT measurements are complemented by a diffraction-based technique, HEDM, also 

known as three-dimensional X-ray diffraction microscopy (3DXRD), which can be utilized to gain 

information about the microstructure and micromechanical state [44].  

 High-energy X-ray diffraction microscopy (HEDM) 

It is a non-destructive technique for 3-D characterization of bulk polycrystalline specimens 

around a millimeter in size using a monochromatic beam of X-rays [44–48]. The HEDM technique 

is essentially the classic rotation method adapted to high-energy X-rays (>50keV) and 

polycrystalline samples.  The fundamental setup is identical to that required for collimated-beam 

tomography: a single-axis goniometer perpendicular to the incident X-ray beam with a framing 

area detector placed downstream of the sample.  Depending on the type of detector used and 

specially its position, with respect to the sample, the HEDM technique can be tuned to be sensitive 

to angular or spatial resolution. Due to the constraints imposed by Bragg’s law: 

𝑛𝜆 = 2𝑑ℎ𝑘𝑙𝑠𝑖𝑛𝜃ℎ𝑘𝑙      (2.2) 

where λ: wavelength of X-ray beam, hkl: Miller indices of the diffracting lattice plane, 

𝑑ℎ𝑘𝑙: interplanar distance, 2𝜃ℎ𝑘𝑙: Bragg angle and n is 1. In the case of a monochromatic beam, a 

single crystal must be specifically oriented such that the crystallographic plane parameterized by 

the Miller indices (hkl) can diffract.  Namely, −�̂�ℎ𝑘𝑙 ∙ �̂�𝑖 = sin 𝜃ℎ𝑘𝑙 , where �̂�ℎ𝑘𝑙 is a unit reciprocal 

lattice vector (i.e. crystallographic plane normal) and �̂�𝑖 is the unit wavevector (i.e. propagation 

direction) of the incident X-ray beam. Note that these equations describe a cone around the incident 

beam associated with each unique value of 𝑑ℎ𝑘𝑙 for fixed λ; therefore, to observe diffraction from 

different planes of a single crystal, it must be rotated such that the specific plane normal lies on 

the associated cone.  Because the observed Bragg condition is very sharp for well-ordered crystals, 

in practice the detector integrates, while the specimen is rotated over a small angular range, Δ𝜔 ≈

0.25°, which can be done in a continuous “flying” mode for 𝜔 ∈ (0, 360𝑜) with modern area 
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detectors. In this way, a 3-D image series is formed from the frames integrated over equi-spaced 

∆ω.  If we parameterize a diffracted beam signal using polar coordinates (𝜌 → 2𝜃, 𝜂) and the ω 

position in the rotation image series of the measured peak, the coordinates (2θ, η, ω) of all the 

peaks produced by an orientation encode its crystallographic orientation, centroid in the specimen, 

and elastic strain. The central challenge of HEDM data analysis is the association of measured 3-

D Bragg peaks in the image series to an orientation (grain) in the sample, a procedure referred to 

as indexation.  

2.2.1 Far-field HEDM (FF-HEDM) 

In the far-field (FF) configuration, when the detector is ~1 m from the sample, diffraction peaks 

from different families of crystallographic planes lie near the projection of the ideal Debye-

Scherrer cones on the detector, as shown in Fig. 2.2. The diffraction peaks can be pre-sorted by 

{hkl} up to degeneracy in 𝑑ℎ𝑘𝑙  before associating/indexing them to the different grains that 

produced them. FF-HEDM technique requires high angular resolution (intermediate effective pixel 

size and large field of view). A GE-41RT amorphous silicon flat panel detector [49] with a size of 

2048 X 2048 pixels at a pixel pitch of 200 μm is employed at APS 1-ID. High angular sensitivity 

allows resolution of elastic strains in the lattice but, because of large distance from the sample, 

spatial resolution is limited and only grain averaged values can be extracted. Note that because full 

elastic strain tensors are available for each grain indexed by the analysis, the corresponding stress 

tensors are determined unambiguously via the stiffness tensor using the generalized Hooke’s law. 

For more information about FF-HEDM implementation and data reduction strategies, please refer 

to [46–48,50]. 

FF-HEDM scans were reconstructed in this work through the use of the Microstructural 

Imaging and Diffraction Analysis Software (MIDAS) [51,52], developed at the APS. Calibration 

of the experimental setup in terms of the sample to detector distance, the center of the X-ray beam, 

the detector tilts, and distortion parameters are very important and facilitated by a suite of 

calibration images using Ceria and single crystal Au. Far-field HEDM data is reconstructed to 

provide the grain centroid position (3 variables), an associated grain averaged orientation (3 

variables), and a grain averaged elastic strain tensor (6 variables). A completeness value is 

calculated as the ratio of measured to expected diffraction spots for a given crystal orientation and 

position. A value of one implies that all the spots that are expected to be found for the grain were 
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measured. Spatial resolution of ~20 µm for the grain centroid positions, angular resolution within 

0.1° for the crystallographic orientation, and a lattice strain resolution on the order of 1e-4 for the 

grain average value [52,53]. This error increases with uncertainty in determining the center of the 

spot, as it deforms due to the applied load, a rule-of-thumb error in grain centroid position is around 

50 µm.  

 

 

Figure 2.2 Schematic of experimental setup for FF-HEDM  

 

2.2.2 Near-field HEDM (NF-HEDM) 

In the near-field (NF) configuration the detector is placed ~ 5-15 mm from the sample, as 

shown in Fig. 2.3. The setup [35,46,54–56], similar to μ-CT, requires high spatial resolution i.e. 

small effective pixel size and field of view. Hence, the same high-resolution detector with 3 mm 

field-of-view and 1.5 μm square pixel size is used at APS 1-ID. It uses a line focused beam [34] 

for selecting a quasi-two-dimensional slice of the sample and a small beam-stop that blocks the 

very intense focused beam without compromising the diffracted beam from the grains. The 

diffraction peaks from different families of crystallographic planes do not lie near the projection 
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of the ideal Debye-Scherrer cones on the detector at this distance because the position of the 

diffraction event still dominates. Several detector distances are used to calculate the diffraction 

vector and determine the point of origin of diffraction. The higher spatial resolution allows further 

discretization of the diffraction spot, which, after indexing, can be associated to specific locations 

in the sample space and used to create detailed grain maps. This is however at the cost of angular 

resolution and strains cannot be resolved using this technique. 

 

 

Figure 2.3 Schematic of experimental setup for NF-HEDM 

 

Near-Field HEDM scans were reconstructed using an extension of MIDAS [51,52]. The 

reconstruction is performed with a triangular grid; an edge size of 2 µm was used to obtain a high 

signal to noise ratio for a detector pixel size of 1.5 µm. The orientation search space for forward 

modeling was seeded with orientations determined from FF-HEDM reconstruction, with a 
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tolerance of 2°. The tolerance in the orientation space allows for identification of intragranular 

orientations and grains with higher confidence. Any pixels and regions with a confidence of less 

than 40% were refit with all possible orientations from a gridded table representative of the FCC 

fundamental space. The triangular mesh is re-gridded onto a regular 3D co-rectangular mesh with 

a resolution of 1.5 µm and smoothed via a dilation and erosion procedure. A grain growth 

algorithm based on enabling a maximum misorientation of 2° of neighboring voxels was employed 

to segment the orientation maps into grains. 

 

2.2.3 Reciprocal space mapping 

Spot spreading is primarily due to the deformation of the lattice in the diffracting grain. The 

damage to the lattice can be broadly divided into two contributing, yet distinct, parts: the curvature 

in the lattice and the distribution of the lattice strains within the grain (i.e. an elastic strain gradient). 

Since X-ray diffraction measures the orientation of the lattice planes and the lattice spacing with 

high resolution, it is inherently able to capture these curvatures and heterogeneities within a grain. 

In an ideal case, the well order lattice within a grain will have perfectly aligned lattice plane 

normals and a lattice spacing that is consistent throughout the grain. This results in a sharp and 

well defined diffraction spot. As the sample is loaded, geometric deformation ensues and is 

accommodated by the lattice of the grains via plasticity and a stress field. The plasticity is 

accommodated through distortions in the lattice of the grains, in the form of geometrically 

necessary dislocations resulting in an intragranular orientation spread. Meanwhile, the stress fields, 

due to the dislocations or elastic mismatch between neighboring grains, are accommodated through 

lattice strain gradients. In essence, the degree of plasticity and lattice strain gradients 

accommodated in the grains can be quantified based on the spread of the diffraction spots. 
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Figure 2.4 Schematic of experimental setup for reciprocal space mapping 

 

The distortion to the lattice can be measured by calculating the full width at half maximum 

(FWHM) for a set of diffraction spots corresponding to the specified grain along two decoupled 

polar directions (η and θ), as shown in Fig. 2.4.  Along 2θ or the radial direction, the FWHM 

corresponds to the heterogeneity in the lattice strains within the grain [57,58].  The FWHM along 

η (along the azimuth on the detector) or ω (across frames during rotation of the sample) 

corresponds to the curvature of the lattice planes within the grain [57,59]. In this polycrystalline 

sample, multiple grains accommodate the deformation in the region of interest. An in-house code 

was developed in an effort to quantify this damage within the grains via the FWHM measures on 

all diffracting planes. A virtual diffraction simulation, as described in [58], was adapted from 

algorithms in MIDAS and used to determine the peak positions from the reconstructed grains. The 

position, orientation, and lattice strains of the grains determined through FF-HEDM, via MIDAS, 

were used as an input, while the position of the diffraction spots in terms of the η, ω, and θ 

coordinates on the detector were obtained as the output from the diffraction simulator. The 
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simulator was coupled with an extraction and thresholding procedure, in order to determine the 

FWHM of all the spots indexed to a grain. 

 

 

Figure 2.5 Schematic of experimental setup at APS 1-ID for in-situ combined µ-CT, NF-HEDM, 

FF-HEDM, and reciprocal space mapping 

 

All the above X-ray characterization techniques can be performed concurrently using the setup in 

the schematic shown in Fig. 2.5. The following techniques were used to design and guide the X-

ray characterization experiment. 

 Electron Back-Scatter Diffraction (EBSD) and Digital Image Correlation (DIC) 

Electron backscatter diffraction (EBSD) is a material characterization technique capable of 

capturing individual grain orientations, local texture, spatial orientation correlations, and the 

phases present in the material. To achieve the mirror-like surface necessary for EBSD 

characterization, the surface of each specimen needs to be polished using sand paper, silica 

suspensions and then the contaminants need to be removed using sonication, for more details 

please see reference [60]. The scans are performed using an EDAX scanning electron microscope 
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and the in-built OIM analysis software to clean-up the raw orientations and output grain maps. 

These back-scatter electron (BSE) images and the grain maps are analyzed to reveal the underlying 

precipitate structure and the grain statistics on texture and size distribution in this work to inform 

the design of the X-ray diffraction experiment. 

Digital image correlation is a technique to track features on a specimen’s surface. With applied 

deformation these features move creating a displacement field. Within solid mechanics, these 

displacement fields are differentiated to obtain in plane strain. Many studies have been presented 

on DIC, please refer to review papers [61,62]. Strain localization with respect to microstructural 

features can be determined by combining DIC with electron backscatter diffraction [63]. DIC is a 

technique with many advantages; (1) simple set-up and data flow to combine EBSD-DIC, (2) 

scalable in terms of resolution, very dependent on optic setup and trackable features, (3) when 

combined with EBSD, sub-grain resolution for strain accumulation and good spatial resolution of 

microstructure. DIC also presents some drawbacks; (1) Only in-plane strain is captured, due to the 

single camera capture, (2) only surface strains are found, the bulk behavior is still uncertain, (3) 

strain found is only relative to a reference image or state and cannot capture manufacturing 

pedigree of the material. DIC is primarily used in this work during the X-ray experiment to 

determine the macroscopic strain due to the applied load and to determine the rigid body motion 

and re-center on the region of interest after each load increment, the procedure for re-centering can 

be found in [64].   

 Simulations 

2.4.1 Finite element modeling 

In an effort to model the response of a homogenized description of the material an isotropic 

material definition was used. A linear elastic and step wise plastic material model with J2 plasticity 

can be used with Abaqus. With this definition the Mises yield surface is used to define isotropic 

yielding. It is defined by giving the value of the uniaxial yield stress as a function of uniaxial 

equivalent plastic strain. This material model is used in a simple finite element framework in 

Abaqus.  
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2.4.2 Crystal plasticity FFT 

A brief overview of the principal characteristics of the EVP-FFT formulation is provided 

below. For details please refer to [65].  The EVP-FFT image-based framework can directly use 3-

D images of polycrystalline microstructures obtained via synchrotron based high energy 

diffraction microscopy (HEDM) as an input into the simulations. A macroscopic strain is imposed 

on the simulated volume through incremental steps at an imposed strain rate. Due to the mechanical 

boundary conditions, this applied strain rate results in a response to the stress and strain fields. The 

EVP-FFT algorithm is used to compute a compatible strain field and an equilibrated stress field, 

which satisfies the constitutive relation at every point in the volume. The constitutive crystal 

plasticity relations are then as follows: 

 𝜎(𝑥) = 𝐶(𝑥): 휀𝑒(𝑥) = 𝐶(𝑥): (ε(x) − εpl(𝑥)) = 𝐶(𝑥): (ε(x) − εpl,t(𝑥) − εpl,t∆𝑡)  (2.3) 

where 𝜎(𝑥), 𝐶(𝑥), 휀𝑒(𝑥), ε(x), εpl(𝑥)  are the stress tensor, the fourth-order stiffness tensor, 

elastic, total and plastic parts of the strain tensor at spatially varying position, 𝑥. εpl,t is the plastic 

strain at time t, and ∆𝑡 is the time increment. 

 ε̇pl(𝑥) = ∑ 𝑀𝛼(𝑥)�̇�𝛼(𝑥) =  �̇�0
𝑁
𝛼=1 ∑ 𝑀𝛼𝑁

𝛼=1 (𝑥) (
|𝑀𝛼(𝑥):𝜎(𝑥)|

𝜏𝐶𝑅𝑆𝑆
𝛼 (𝑥)

) 𝑠𝑔𝑛(𝑀𝛼(𝑥): 𝜎(𝑥))  (2.4) 

where ε̇pl is the plastic strain rate, N is the number of slip systems, �̇�𝛼,  𝜏𝐶𝑅𝑆𝑆
𝛼 , 𝑀𝛼  are the 

resolved shear strain rate, the critical resolved shear stress (CRSS), and the symmetric Schmid 

tensor associated with the slip system 𝛼. �̇�0 is a normalization factor and 𝑛 is the rate sensitivity 

exponent. 

In Fourier space, the convolution integral between Green’s function of a linear reference 

homogeneous medium and a polarization field, which is needed to determine the displacement 

field of a nonlinear heterogeneous medium, is reduced to a simple tensorial product and hence can 

be solved efficiently.  

A generalized Voce’s hardening law based on shear strain accumulation on each slip system is 

used in the current formulation: 

 𝜏𝐶𝑅𝑆𝑆
𝛼 (𝛤ℎ𝑎𝑟𝑑

𝛼 (𝑥, 𝑡)) = 𝜏𝑜 + (𝜏1 + 𝜃1𝛤ℎ𝑎𝑟𝑑
𝛼 (𝑥, 𝑡)) [1— 𝑒𝑥𝑝 (−

𝜃0 𝛤ℎ𝑎𝑟𝑑
𝛼 (𝑥,𝑡)

𝜏1
)]         (2.5) 

where  𝜏𝑜 is the initial CRSS, 𝜏𝑜 + 𝜏1 is the CRSS related to the asymptotic behavior, 𝜃0 is the 

stiffness at the end of microscopic linear elastic zone, 𝜃1 is the asymptotic stiffness at high strain. 
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𝛤ℎ𝑎𝑟𝑑
𝛼 (𝑥, 𝑡) is a weighted sum of the accumulated resolved shear strain of all the slip systems as a 

function of position, x, time, t and hardening interaction matrix, ℎ𝛼𝛽:   

 𝛤ℎ𝑎𝑟𝑑
𝛼 (𝑥, 𝑡) = ∑ ℎ𝛼𝛽

𝑁
𝛽=1 ∫ �̇�𝛽(𝑥)𝑑𝑡

𝑡

𝑡=0
        (2.6) 

where 𝛽, like 𝛼, also loops over all the slip systems. 

The multiplicative decomposition of the deformation gradient 𝐹 = 𝐹∗. 𝐹𝑝 is used to describe 

lattice rotations and complete the crystal plasticity framework. In this study, a parallelized version 

of the software is used as described in [66]. 
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3. INVESTIGATION OF FATIGUE CRACK INITIATION FROM A NON-

METALLIC INCLUSION VIA HIGH ENERGY X-RAY DIFFRACTION 

MICROSCOPY 

A complete description of the chapter can be found in:  

D. Naragani, M.D. Sangid, P.A. Shade, J.C. Schuren, H. Sharma, J.-S. Park, P. Kenesei, J. V. 

Bernier, T.J. Turner, I. Parr, Investigation of fatigue crack initiation from a non-metallic 

inclusion via high energy X-ray diffraction microscopy, Acta Mater. 137 (2017) 71–84. 

doi:10.1016/j.actamat.201707.027. [67] 

 Chapter Abstract 

Crack initiation at inclusions is a dominant, unavoidable and life-limiting failure mechanism 

of important structural materials.  Fatigue progresses in a complex manner to find the ‘weakest 

link’ in the microstructure, leading to crack nucleation. In this study, fully 3-D characterization 

methods using high-energy synchrotron x-rays are combined with in-situ mechanical testing to 

study the crack initiation mechanism in a Ni-based superalloy specimen. The specimen was 

produced via powder metallurgy and seeded with a non-metallic inclusion. Two x-ray techniques 

were employed: absorption contrast computed micro-tomography (μ-CT) to determine the 

morphology of the inclusion and its location in the gauge section of the specimen; and far-field 

high-energy diffraction microscopy (FF-HEDM) to resolve the centroids, average orientations, and 

lattice strains of the individual grains comprising the microstructure surrounding the inclusion. 

Sequential μ-CT and FF-HEDM scans were carried out at both peak and zero applied stress 

following schedules of cyclic deformation. The µ-CT data showed the onset and location of crack 

initiation, and the FF-HEDM data provided temporal and spatial evolution of the intergranular 

strains. Strain partitioning and the associated stress heterogeneities that develop are shown to 

stabilize within a few loading cycles. Elasto-viscoplastic fast Fourier transform simulations were 

utilized to supplement interpretation of the experimental stress distributions and compared with 

the experimental stress distributions. Appropriate conditions for crack nucleation in the form of 

stress gradients were demonstrated and created by virtue of the inclusion, specifically the residual 

stress state and local bonding state at the inclusion-matrix interface. 
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 Introduction 

Cracks Nickel-based superalloys find extensive application in nuclear reactors, gas turbine 

engines and propulsion systems that are subject to extreme environments. These alloys are 

produced via a variety of processes, the most prominent of which is a powder metallurgy (PM) 

route, chosen in order to generate superior properties through greater control over compositional 

ranges and microstructure [1]. The alloying elements and the manufacturing process, however, 

inherently introduce unwanted non-metallic inclusions into the otherwise optimized 

microstructure. Research into processing techniques and improvement in general purity and 

quality standards for the powder and processing route have had success in reducing, but not 

completely eliminating, their occurrence in structural alloys.  

Crack initiation accounts for a significant portion of the fatigue life [13]. After documenting 

fracture surfaces in a multitude of specimens subjected to cyclic loading, Caton et al. [2] exposed 

a clear bifurcation between two competing failure modes: crack nucleation at crystallographic 

facets and crack nucleation at inclusions.  The inclusion driven failures showed correspondence 

with lower lifetimes to failure. Research into the effect of temperature [3], grain size [4], stress 

level [2], strain range [5] and size of non-metallic inclusions [14] has further demonstrated the 

prominence of inclusion driven failure for applications in which superalloys find relevance. 

Conclusively, crack nucleation at inclusions is an unavoidable, dominant and life-limiting failure 

mode as fatigue progresses to find the ‘weakest link’ in the material. A robust understanding of 

the mechanisms and driving forces behind crack initiation at inclusions is, however, still elusive.  

Towards the goal of an improved understanding of inclusion driven failures, many mesoscale 

characterization tools are available today for mapping the underlying deformation and damage in 

polycrystalline materials. For example, 2-D measurements on a specimen free surface through 

diffraction contrast in a transmission electron microscope [9] or high-resolution electron back-

scatter diffraction (EBSD) [6,10–12] have been successful in revealing elastic mismatch and 

plastic deformation through dislocation density accumulation in the vicinity of inclusions at the 

surface. In most cases, however, crack initiation from inclusions occurs at sub-surface features, 

where the effect of surface stress relaxation and advantages of compressive residual stresses 

through surface treatments like shot-peening subside, and the underlying matrix-inclusion 

interactions become prominent. EBSD can be combined with serial sectioning techniques such as 

focused ion beam milling [68], femtosecond laser ablation [69] and mechanical polishing [70] to 



41 

 

collect data within the bulk of a sample. These processes, however, are destructive and cannot be 

used in situ to capture evolution of critical state descriptors around sub-surface features.  

The effect of residual stresses on fatigue lifetimes has been well documented [71,72] but the 

quantification of these stresses on a grain by grain basis has been difficult until recently. Far-field 

HEDM measurements can capture the residual stress state in a specimen at this scale [64,73,74]. 

Recent studies utilizing FF-HEDM measurements demonstrated that the residual stress state at the 

beginning of an experiment had a significant influence on the grain level stress state of a specimen 

[64,73–75]. The FF-HEDM measurements are utilized in the current work to unravel the internal 

stress state of the sample, especially around the inclusion-matrix interface. Once measured, these 

stresses can be used to initialize simulations [73–77] and check the stress evolution due to applied 

load from an initialized state that incorporates processing and heat-treatments prior to that point. 

Fast Fourier transform (FFT) simulations [65] are particularly well suited for such studies since 

voxelized information from FF-HEDM results can be used as a direct input and compared [78] to 

experimental results. Frameworks have also been established to incorporate the residual state of 

the material by means of an Eigen stress [79]. 

 In this chapter, we describe an experimental methodology, based on concurrent FF-HEDM 

and μ-CT, to characterize a large volume of a Ni-based superalloy with an embedded inclusion. 

The initial state of the sample is fully characterized and subsequently tracked spatially and 

temporally across an applied deformation schedule by periodically interrupting cyclic loading until 

a crack initiates. We use the evolution of the local microstructure throughout the volume, 

especially around the crack, to determine the factors contributing to crack initiation. Various 

failure metrics and parameters are discussed to understand and rationalize the stress distribution 

around the inclusion and its role in crack initiation. Finally, a 3-D elasto-viscoplastic (EVP) FFT 

model is used to comprehend the role of residual stresses and simulate the effect of debonding 

around the crack initiation site. Qualitative comparisons are performed to aid our understanding of 

these factors in recreating the observable conditions for crack initiation. 

 Material and specimen design  

The material selected for this study is a super solvus heat treated coarse grain variant of 

RR1000, a polycrystalline Ni-based superalloy with a face centered cubic (FCC) crystal structure 

strengthened with a distribution of secondary and tertiary L12 γ’ precipitates. Details of the PM 
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route, extrusion, isothermally forging and two-step heat treatment process used to produce the 

samples can be found in [80]. This creates recrystallized, equiaxed grains with minimum 

substructure, which results in well separated and distinguishable diffraction spots on the detectors. 

The average grain size for this sample was around 30 μm [81]. 

 

 

 

Figure 3.1 a) Ultrasonic inspection of the sample to ascertain presence of an inclusion in the gauge 

section and b) specimen geometry. 

 

This particular batch was deliberately seeded with a controlled distribution of alumina 

inclusions of the same composition, but larger than those commonly observed in this alloy under 

typical processing conditions. Ultrasonic inspection was used to determine the location of an 

inclusion in the volume of the PM component. The use of ultrasonic inspection, and the associated 

resolution of this technique, limited us to only find larger inclusions. These are representative of 

ceramic inclusions that exist as either discrete particles or agglomerates of fine particles and 

originate from the melting crucible, pouring tundish or atomizing nozzle with aluminum as the 
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major metallic element [82]. Once found, electro-discharge machining was used to extract samples, 

such that the inclusion was located in the 1 mm x 1 mm cross-section gauge of the sample. The 

specimen geometry can be seen in Fig. 3.1. The 1 mm square cross-section of these samples was 

designed to allow high energy X-rays to penetrate the entire sample, while the rest of the specimen 

geometry is compatible with the in situ rotation and loading stage described in the next section.  

 Experimental setup  

The experiment was conducted at beamline 1-ID [34,35] of the Advanced Photon Source (APS) 

at Argonne National Laboratory. High-energy X-rays at the hafnium K-edge of energy E = 65.351 

keV or wavelength λ = 0.018972 nm allowed us to easily penetrate the 1 mm square cross-section 

of a Ni-based superalloy sample. The experimental setup and the coordinate system followed in 

this study are illustrated in the schematic shown in Fig. 3.2. We utilized a custom designed 

rotational and axial motion system (RAMS) load frame insert that was installed in a servo-

hydraulic load frame that is available at the APS 1-ID beamline [83]. The RAMS load frame insert 

enables the sample to be rotated while independently applying tensile/compressive axial loading. 

This assembly offers the ability to perform scans that traverse a complete 360° rotation of the 

sample without blocking the X-ray beam at any point and allows the µ-CT detectors to be 

positioned close to the sample. 

μ-CT and FF-HEDM require complementary instrument configurations; the difference lies in 

the beam configuration and the detector types and arrangements, which is chosen to obtain 

optimum quality measurement data for the associated techniques as described below: 

1. With absorption contrast μ-CT, we aimed to scan large sections of the sample volume 

encompassing the inclusion and any crack that might initiate. An X-ray beam, 2 mm wide and 

1.5 mm tall, was used for this purpose. This allowed the inclusion to be quickly located along 

the sample gauge length, as shown for example in the radiograph displayed in Fig. 3.3(a). A 

custom made high-resolution tomography detector with 3 mm field-of-view and 1.5 μm square 

pixel size was used. The detector was positioned 55 mm from the sample to enable phase 

contrast enhancement of features. The sample is rotated over 360° angular range and images 

are captured in 0.2o steps. This enabled sufficient resolution in the reconstructions to detect 

minute cracks, if any, in the sample. After the initial characterization of the desired sample 
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volume, scans were only taken at maximum load where we anticipated the cracks to be open 

and thus easier to detect via μ-CT. A spatial resolution of ~3 μm was possible with this setup. 

 

 

 

Figure 3.2 Schematic of the experimental setup at APS: 1-ID-E. 

 

2. Reconstructing HEDM data relies on extracting the position of individual diffraction spots 

from the multitude of reflections originating from all the grains in the sample. Analyzing 

detector images for this purpose quickly becomes more difficult and time consuming as the 

volume probed increases. This is because as the number of grains illuminated and diffracting 

are increased, the possibility of multiple spots overlapping also increases, a problem that only 

worsens with spot spreading due to the applied deformation. Therefore, a 2 mm wide and 100 

μm tall, X-ray beam was chosen in the present experiment. With this beam dimension, the 

diffraction patterns were assessed to have reasonably well separated spots. Since the crack 

initiation site could not be predicted in advance, we needed to probe the complete volume of 
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the sample containing the inclusion. To this end, it was necessary to take multiple scans to 

cover the desired volume, a total of 15 such scans were taken at each state to encompass the 

~1300 μm tall inclusion with one 100 μm buffer on either end and no overlap between each 

scan volume.  

 

 

 

Figure 3.3 X-ray micro-computed tomography results, including a) radiograph displaying sample 

outline with embedded inclusion, b) reconstructed cross-section perpendicular to the loading 

direction, c) 3D rendering of the embedded inclusion, d) crack initiating at the matrix inclusion 

interface, and e) 3D rendering of crack juxtaposed to the inclusion. 

 

A GE-41RT amorphous silicon flat panel detector [49] with a size of 2048 X 2048 pixels at a 

pixel pitch of 200 μm was employed. To extract strains from the grains to the desired resolution 
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of 1e-4 [53], the detector was placed at a distance of ~1 m from the sample. A suite of calibration 

images were obtained in the beginning and at the end of the experiment to determine the detector 

distance, tilts, and distortion parameters and check for any significant setup changes. From the 

sample, diffraction spots from five complete Debye-Scherrer rings ({111}, {020}, {220}, {131} 

and {222} planes) were captured on the detector at this distance. The sample was rotated along 𝜔 

with 0.25° integration steps over a 360° angular range. To save time, scans during the minimum 

loading states within the fatigue experiment were conducted between omega (0, 180°) instead of 

omega (0, 360°). With the above setup a spatial resolution of ~20 μm for the grain centroid 

positions and angular resolution for crystallographic orientation within 0.1° was achievable. The 

lattice strain resolution was on the order of 1e-4. 

With preliminary information from tomography, the maximum stress state for the test was set 

to ~60% of the yield strength of the matrix material determined from a similar sample with a large 

non-metallic inclusion seeded within the gauge section. The specimen was cyclically loaded under 

load control from zero to maximum load using the RAMS device and MTS load frame in 

laboratory air at room temperature at 1 Hz. In the beginning, the specimen was loaded to the 

maximum load value via 3 equi-spaced loading steps and both μ-CT and FF-HEDM scans were 

taken at each step. Following the first load-unload cycle the test was interrupted 3 times every 

decade (1, 2, 5, 10, 20, 50, 100 cycles …) and scans were taken only at zero and maximum load. 

The test was continued until crack initiation was observed. Details of the data captured for this 

experiment can be found in Fig. 3.4. 
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Figure 3.4 Experimental details of characterization during interrupted cyclic loading. Note the 

number of grains found in the various datasets within the same illuminated volume changes 

slightly from scan to scan. This is due to fluctuations in illuminating X-ray flux and software 

reconstruction limits, among other things. Crack could be seen in tomography scans after 10,000 

cycles. 

 Analysis methods and Results 

3.5.1 High-energy X-ray computed micro-tomography 

The immediate output of X-ray μ-CT data collection is a series of radiographs, which are 

basically projections of the sample on the tomography detector once X-rays pass through it. The 

radiographs show density contrasts in the sample as the X-rays are absorbed disparately by 

different parts of the sample. In Fig. 3.3(a), the contrast in a cross-section of the sample has been 

inverted to clearly show a tri-modal distribution of intensities representing the Ni-based superalloy 
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matrix with the brightest intensity, the alumina inclusion in the center of the sample, and the 

surrounding air.  

It can immediately be inferred, in greater detail than that available with ultrasonic inspection, 

that a large inclusion is present in the sample, with a complex morphology. It is oriented at an 

inclination to the sample cross-section and more importantly to the loading direction, the effect of 

which will be discussed in the next section. The inclusion is broadest in cross-section at the center 

of the probed volume and tapers towards the ends.  The top end is almost at the center of the 

sample’s cross-section while the other end touches the free surface.  

During the experiment this information was utilized to make quick calculations of the stress 

that the reduced cross-section of the Ni matrix would experience. Following the experiment, 

however, the μ-CT data was reconstructed using an in-house code of APS [38,39] based on the 

GridRec algorithm [40]. With unobstructed projections at 0.2° intervals for a complete 360° 

rotation of the sample, detailed reconstructions of the sample cross-sections were obtained. The 

effect of phase contrast could be observed from the reconstructions, an additional aspect of the 

setup that would help later with crack detection. 

The reconstruction processes row after row of the radiographs, and so each cross-section of the 

sample is obtained as an image, as shown in Fig. 3.3(b). These images, after some image-

processing to remove tomography artifacts like rings due to the detector imperfections (such as 

speckles or dust), can be stacked up to render the complete probed volume. In Fig. 3.3(c), an 

intensity filter was used to extract and depict in greater detail the spatial and morphological 

information of the inclusion in the sample. The rendering allows us to estimate that the inclusion 

was ~1300 μm tall along the tensile axis.  Further details from the tomography reconstruction show 

the inclusion consists of an aggregate of small, yet tightly packed, particles. 

Because of the nature of this technique and its resolution, a fine crack can only be seen in the 

sample when the crack is opened. Therefore, μ-CT scans were taken at maximum load every time 

cyclic loading was interrupted. Finally, in scans after 10,000 loading cycles, a small crack was 

observed in the cross-section shown in Fig. 3.3(d). A few details that warrant discussion at this 

point from Fig. 3.3(e) are that the crack did not initiate at the broadest cross-section of the inclusion. 

It also did not originate, as traditional thinking would suggest, at the sharpest features on the 

inclusion or where the inclusion is connected to the free surface of the specimen. It initiates at a 

fairly narrow cross-section of the sample towards the top of the probed volume, where the inclusion 
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is at the center of the cross-section. Hence, local microstructure details need to be obtained to 

explain the crack initiation event. 

3.5.2 High energy X-ray diffraction microscopy 

The second part of the experiment helped us in characterizing the microstructure surrounding 

the inclusion using high-energy X-ray diffraction. The initial calculations are performed using a 

pure Ni structure (FCC crystal structure, a=b=c=0.3524 nm, α=β=γ=90°); but since the sample is 

an alloy of Ni this structure results in skewed mean grain strain in the loading direction at the 

unloaded state, when it should be centered around zero to ensure equilibrium at this state. The 

lattice constants were optimized to 0.3592 nm [84], a value at which the average grain strain in the 

loading direction was symmetrically distributed around zero.   

The output of HEDM reconstruction (performed using Microstructural Imaging and 

Diffraction Analysis Software (MIDAS) developed at the APS [51,52]) is visualized in Fig. 3.5(a), 

where each box corresponds to an individual scan. In each layer, every single point of the scatter 

plot represents the center of mass position of a grain discovered in the scanned volume and has 

associated information about its orientation and strain state. The color of the scatter plot 

corresponds to the layer number, which ranges from 1 to 15. Approximately 2,500 grains were 

found in each layer, varying primarily due to the location of the layer and the space in it occupied 

by the inclusion. 

A completeness threshold was set at 60% and any grain that did not meet this cut-off was not 

considered in the analysis that will follow. A completeness value is calculated as the ratio of 

measured to expected diffraction spots for a given crystal orientation and position. A value of one 

implies that all the spots that are expected to be found for the grain were measured. Using this 

value, we retain many of the smaller grains that are otherwise difficult to index with high 

confidence because they produce spots of weaker intensities. These low intensity spots are 

sometimes barely above the background and are systematically absent due to being either below 

the minimum threshold or overlapped by higher intensity spots from bigger grains. Since we are 

using five rings (116 expected spots) for indexing in this work, it still results in at least 70 spots 

indexed per grain. Most grains in the volume were above this threshold before loading. The 

completeness value worsens with deformation as the defects in the lattice results in spot spreading. 
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Figure 3.5 Far-field HEDM results, including a) scatter plots of 15 box scans across the region of 

interest, the color of the scatter plot corresponds to the layer number which ranges from 1 to 15, b) 

consolidated volume representing the region of interest, c) registering between the far-field HEDM 

results and tomography and d) rendering the complete microstructure (denoted with the inverse 

pole inverse pole figure color map), using Laguerre tessellations.  

 

All the 15 layers can be stacked together as shown in Fig. 3.5(b) to create a consolidated 

volume, which can then be registered with the tomography results, as shown in Fig. 3.5(c) to render 

the complete sample volume. Almost 40,000 grains were found in the complete scanned volume. 

After indexing all the spots to a grain, the integrated intensity of the spot can be used to give an 

approximation of the grain volume. With this additional information provided by MIDAS, we can 

fill in the volume of the grains in the sample by performing Laguerre tessellations. This form of 

tessellation uses grain volume to weight the growth of a grain from its spatial center and thus 

results in a more accurate picture of the microstructure than obtained via regular tessellation (e.g. 

Voronoi) algorithms [85]. The tessellations were performed using DREAM3d [86] and can be seen 

in Fig. 3.5(d), where each grain is colored according to its orientation in the inverse pole figure 

format. 

 Discussion 

3.6.1 Micromechanical evolution 

In Fig. 3.6(a) we can see the grains color-coded according to their elastic strain component in 

the loading direction at maximum load after 10,000 cycles (representing the measurement after 

crack initiation was observed). Due to the small sizes of the crystallites forming the inclusion 
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aggregate it was not possible to reconstruct the grain-averaged strain in the inclusion. Thereby 

only the elastic strains in the Ni-based superalloy matrix are available and the inclusion is just 

colored for zero strains. In Fig. 3.6(a), we can clearly see the heterogeneity associated with the 

spread of strains in the grains surrounding the inclusion. Despite differences in orientation of 

adjacent grains, it can be seen that large regions of the microstructure have developed high strains 

upon loading while other neighborhoods happen to develop low strains. More discussion on the 

strain distribution will be pursued in the later sections. The amount of information in the full 

volume becomes too difficult to follow, so to simplify the analysis for the reader, we will be 

focusing on two specific cross-sections of the sample. In Fig. 3.6(b,d), we consider a cross-section 

of the sample perpendicular to the loading direction, specifically, a slice in which the longest part 

of the crack is observed. And in Fig. 3.6(c,e), we consider a vertical cross-section of the sample, 

in which the inclination of the inclusion is explicitly captured. 

The lattice plane spacing for various atomic planes is the direct output of the HEDM analysis, 

which can then be used to calculate an elastic strain tensor, εij
e. This information can be combined 

with the single crystal stiffness tensor, Cijkl, to determine the corresponding stress, σij, in each grain 

using Hooke’s law: 

𝜎𝑘𝑙 = 𝐶𝑖𝑗𝑘𝑙: 휀𝑖𝑗
𝑒          (3.1) 

We can then use the average stress tensor within each grain to calculate all other commonly used 

damage variables and assess traditional failure metrics. In Fig. 3.6(b,c), we have plotted the 

stresses in the loading direction for each grain found during initial characterization of the sample 

right after gripping it. These are the residual stresses in the sample due to processing and, as shown, 

can be quite significant. The importance of residual stresses has long been understood, especially 

with respect to its influence on fatigue life.  The 33-component of stress is highly compressive 

adjacent to the inclusion, while it is more tensile in the regions further away from the inclusion. 

Similar to the 33-component of stress, the directions transverse to loading, i.e. the 11 and 22 

components of stress, also show the same kind of stress field distribution. To understand this 

distribution, we explore the manufacturing process, which involves powder consolidation at high 

temperature, followed by heat treatment processes to generate the desired microstructure. When 

we account for the lower thermal expansion coefficient of alumina (~ 6.6 ppm /°C) as compared 

to that of Ni (~13 ppm /°C) [87], upon cooling from the processing and heat treatment steps, the 

Ni matrix is contracting more than the inclusion, thereby forcing the matrix adjacent to the 
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inclusion into a compressive stress state. The outer regions are then in tension to maintain 

mechanical equilibrium. 

 

 

 

Figure 3.6 a) Micro-strains in the loading direction for the complete microstructure.  The inclusion 

has not been colored because strain information is absent. Cross-section perpendicular to the 

applied loading in which the crack is present (b,d), and cross-section capturing the inclination of 

the inclusion (c,e) with respect to the loading direction, have been colored according to stresses 

found at initial characterization (b,c) and stresses after experiment (d,e), all stresses are in the 

loading direction. 

 

In Fig. 3.6(d, e) the stresses in the loading direction are plotted for each grain at the end of the 

experiment. This state corresponds to cycle 10,000 at peak load. Before making further comments 

about the stress distribution, we want to explore the other states for which data was collected and 

understand the evolution of stresses till this point. In Fig. 3.7 (a-d), various failure metrics are 

plotted including a) strain component in the loading direction, b) stress component in the loading 
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direction, c) maximum principal stress and d) von Mises effective stress.  A complete summary of 

the failure metrics is given in the Supplementary A. The trends in the plot that follow can be 

summarized through 5 of the 30 loading states that were captured. The first column corresponds 

to the reference/initial state of the microstructure, once the sample was gripped and before loading 

commenced. The load up to a maximum value of 600 MPa corresponds to column 2. Columns 3, 

4 and 5 represent scans after cycles 2,000, 5,000 and 10,000 at maximum load of 600 MPa.   
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Figure 3.7 Cross-section perpendicular to the loading direction with a spatial map of a) elastic 

strain component about the loading direction, b) stress component in the loading direction, c) 

maximum principal stress, d) von Mises stress, e) hydrostatic stress, f) stress triaxiality. The left 

to right columns correspond to different loading states.  The leftmost column, Cycle 0, was 

collected at 0 MPa.  All other loading states were collected at 600 MPa. 
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Fig 3.7 continued 

 

Fig 3.7 Cross-section perpendicular to the loading direction with a spatial map of g) accumulated 

elastic shear strain (summed over the slip systems), h) maximum resolved shear stress, and i) stress 

co-axiality.  The left to right columns correspond to different loading states.  The leftmost column, 

Cycle 0, was collected at 0 MPa.  All other loading states were collected at 600 MPa. 
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The failure metrics considered in this study are summarized in Table 1 as follows: 

Table 3.1 Summary of the names, equations, and image locations of the associated failure 

metrics employed in this study. 

Name Failure Metric Corresponding 

Figure Number 

Strain 33 휀𝑖𝑗
𝑒  Fig. 3.7a 

Stress 33 𝜎𝑘𝑙 = 𝐶𝑖𝑗𝑘𝑙: 휀𝑖𝑗
𝑒  Fig. 3.7b 

Maximum Principal 

Stress 
𝑚𝑎𝑥. 𝑒𝑖𝑔𝑒𝑛 𝑣𝑎𝑙𝑢𝑒 𝜆1 𝑤ℎ𝑒𝑟𝑒 |𝜎𝑖𝑗 − 𝜆𝛿𝑖𝑗| = 0 Fig. 3.7c 

Von-Mises Stress 
𝜎𝑣𝑚 = √

3

2
𝜎𝑑𝑒𝑣: 𝜎𝑑𝑒𝑣 , 

where stress deviator tensor, 𝜎𝑖𝑗
𝑑𝑒𝑣 = 𝜎𝑖𝑗 −

𝜎𝑘𝑘

3
 

Fig. 3.7d 

Hydrostatic Stress 𝜎𝑚 =
𝜎𝑘𝑘

3
 

Fig. 3.7e 

Stress Tri-axiality 𝜎𝑇𝑅𝐼 =
𝜎𝑚

𝜎𝑣𝑚
 

Fig. 3.7f 

Accumulated Shear 

Strain 
∑|𝑚𝑖𝑛𝑗휀𝑖𝑗

𝑒,𝑐𝑟𝑦𝑠𝑡𝑎𝑙
|, 

where slip plane normal: 𝑚𝑖 and slip direction: 

𝑛𝑗  

Fig. 3.7g 

Maximum Resolved 

Shear stress 
𝑀𝑅𝑆𝑆 = 𝑚𝑎𝑥( |𝜏𝑚𝑛| ) =

max (|𝑚𝑖𝑛𝑗𝜎𝑖𝑗
𝑐𝑟𝑦𝑠𝑡𝑎𝑙

|), 

where slip plane normal: 𝑚𝑖 and slip direction: 

𝑛𝑗  

Fig. 3.7h 

Stress Co-axiality 
𝐶𝑂𝐴𝑋 ∠ = 𝑐𝑜𝑠−1 (

𝜎𝑚𝑎𝑐𝑟𝑜𝑠𝑐𝑜𝑝𝑖𝑐: 𝜎𝑔𝑟𝑎𝑖𝑛

‖𝜎𝑚𝑎𝑐𝑟𝑜𝑠𝑐𝑜𝑝𝑖𝑐‖‖𝜎𝑔𝑟𝑎𝑖𝑛‖
) 

Fig. 3.7i 

 

It can be seen that two separate regions in terms of strain magnitudes are seen to form as soon 

as the sample is loaded in tension; most of the sample is high in strain/stress with expected local 

variations due to the microstructure, however, there is also a small region right below the inclusion, 

which can be associated in all four plots with low or negative strain/stress values.  As highlighted 

in Fig 3.3(d), the location of the crack was drawn into the micromechanical plots in Fig. 3.7 to aid 

in visualization. After the initial state, the strain/stress distribution in the sample saturates quickly, 

within a few cycles and remains almost the same until maximum load in load cycle 2000, shown 

in column 3. The subtle changes in the plots can be associated to the fact that each state has been 

tessellated from a separate FF-HEDM reconstruction that alters the grain boundaries very slightly. 

Load cycle 5,000 corresponds to the data point captured right before the crack was observed in the 

sample and load cycle 10,000 corresponds to the scan after the crack was detected. After cycle 
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2,000, the region below the inclusion with low or negative strain/stress values starts growing left 

towards the location of crack initiation. These changes are large enough to not be shadowed by 

grain boundary changes between different tessellated states. At cycle 10,000 the regions of high 

and low strain are separated right at the crack with grains on either side of the crack at completely 

different strain states (shown clearly in the magnification).  

Gradients between adjacent regions of high and low stress values have been cited as a precursor 

for crack initiation [88]. To assess this possibility in the present experiment, we plot the hydrostatic 

stresses (Fig. 3.7(e)) and stress tri-axiality (Fig. 3.7(f)), which is the ratio between the hydrostatic 

and von Mises stress. The von Mises stress distribution is responsible for shape change, while the 

hydrostatic stress is a measure of the volume change. It can be seen that the region right below the 

inclusion has very low von Mises stresses and low hydrostatic stresses, which implies that this 

region is almost elastically loaded. While in the region right above the crack, the von Mises stresses 

are high, which indicates plastic deformation or dislocation motion in this region. The tri-axiality 

plots show how there are two adjacent grains at the location where the crack initiated, across the 

stress gradient - one grain indicates a state of plastic deformation and the adjacent grain has low 

elastic strains. This grain configuration is susceptible to dislocations impinging upon the grain 

boundary and resulting in a pile-up, thus providing a driving force for crack initiation.  Next, we 

aim to determine why such conditions were created at a particular location in the sample.  

The elastic strain on each grain is resolved onto the slip systems and the sum of the elastic 

shear strain across each slip system is shown in Fig. 3.7(g). Similarly, in Fig. 3.7(h), the stress on 

each grain is resolved onto individual slip systems, based on the orientation of each grain, and the 

maximum resolved shear stress among all the slip systems is plotted. The critical resolved shear 

stress for this material [89] is plotted as white in the colorbar in Fig. 3.7(h), hence grains that have 

plasticized are shown in red and grains remaining elastic are in blue. These plots take into account 

the stress/strain state within each grain and also factors in the orientation of the grain in the sample. 

They show that there is a very heterogeneous spread in deformation, not only due to the orientation 

of the grains, but also due to the elastic and plastic anisotropies of the respective neighborhoods. 

The only conclusive remark that can be made is on how the grains directly below the inclusion are 

elastically loaded. The sample consists of a large alumina inclusion.  The strain state of the 

microstructure within the sample is affected by the orientation of the inclusion in this sample. 

Consider the co-axiality plots in Fig. 3.7(i), which is defined as follows [90–92]: 
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𝐶𝑜𝑎𝑥𝑖𝑎𝑙𝑖𝑡𝑦 𝑎𝑛𝑔𝑙𝑒 = 𝑐𝑜𝑠−1 (
𝜎𝑚𝑎𝑐𝑟𝑜𝑠𝑐𝑜𝑝𝑖𝑐:𝜎𝑔𝑟𝑎𝑖𝑛

‖𝜎𝑚𝑎𝑐𝑟𝑜𝑠𝑐𝑜𝑝𝑖𝑐‖‖𝜎𝑔𝑟𝑎𝑖𝑛‖
)    (3.2) 

The plot shows how the region directly below the inclusion, in this cross-section, is loaded 

perpendicular to the macroscopic loading direction. Thus, this region is in a totally different stress 

state, one potential explanation is the inclination of the large inclusion in the specimen resulted in 

macroscopic bending, which is investigated in the next section.  

3.6.2 Simulations 

The final stress state of the microstructure is due to a combination of factors, including the 

orientation of the inclusion, residual stress state, and decohesion.  A simple 3-D EVP-FFT 

simulation was performed on the volume of the sample, as characterized by the experiment shown 

in Fig. 3.5(d).  The description of the EVP-FFT formulation is discussed in detail in ref [65] and 

the relevant constitutive equations are briefly presented in Supplementary B.  In this case, the 

model is used to investigate the effect and contribution of each of the aforementioned factors 

(orientation of the inclusion, residual stress state, and decohesion) on the resulting 

micromechanical fields.  

The volume was loaded vertically in tension (along the z-direction) to the maximum 

macroscopic strain levels observed in the experiment, thereby the displacement boundary 

conditions were prescribed in the z-direction (and were free elsewhere, i.e. not explicitly 

prescribed in the other directions) for a single monotonic loading path. The Ni-based superalloy 

was prescribed elastic and plastic parameters by creating a statistically equivalent microstructure 

(without an inclusion) and fitting to RR1000 tensile test data. The inclusion was prescribed the 

elastic properties of alumina [93], and due to the inclusion’s structure as revealed by phase contrast 

tomography, was assumed to be elastically loaded. The critical resolved shear stress of the alumina 

phase was set to a high value, so that in effect the inclusion was loaded elastically.  One advantage 

of the EVP-FFT simulation is it offers a spectral method, whereas the spatial material points 

obtained by tessellating the FF-HEDM results of the RR1000 consolidated with micro-tomography 

results of the inclusion can be directly used as input into the simulations.  

The perimeter of the volume in the directions perpendicular to loading had a buffer of a 

dummy/gas phase (all associated properties/values are zero) such that the simulated region could 

be periodically repeated in all three directions to satisfy the EVP-FFT boundary conditions.  The 

padding ensured the periodic boundary conditions would not influence the micromechanical fields 
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in the region of interest. For a strain increment of 0.33e-4 per time step, the simulations initially 

converged after ~20 iterations and afterwards reached convergence after ~13 iterations. The 

simulation reached the desired macroscopic strain value in ~80 steps. The results can be seen in 

Fig. 3.8(a, e), the stresses in the loading direction have been plotted and it is fairly homogenous 

throughout the sample. The local variations are small and are not visible with the chosen color 

scale compared to large inhomogeneity illustrated in Fig. 3.8(d, h). To understand the difference, 

we need to look at the effect of decohesion and residual stresses. 

Inclusion decohesion from the matrix has been discussed in literature as an effect of loading 

[94] and an immediate precursor to crack initiation [11,82]. Here we propose decohesion as an 

initial state before loading has begun due to processing. It has been reported previously how the 

partially bonded state of the inclusion causes the worst possible stress concentrations [94–96]. To 

determine where the inclusion was initially debonded, we used the HEDM strain distribution after 

loading.  It was hypothesized that regions with low or no strain were a product of prior debonding, 

since this represents a traction free boundary and therefore load cannot be transferred from the 

matrix.  
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Figure 3.8 Stress component in loading direction via a) and e) EVP-FFT simulation to study effect 

of inclination of the inclusion, b) and f) Material maps used in the EVP-FFT simulation depicting 

location of de-bonding (highlighted in red) in the sample determined based on the HEDM results, 

c) and g) EVP-FFT simulation results of the partially bonded inclusion superimposed with residual 

stresses, d) and h) HEDM at peak load after 10,000 cycles of loading. Top row (a, b, c, d) 

correspond to cross-section perpendicular to loading direction; bottom row (e, f, g, h) correspond 

to a cross-section parallel to loading direction. The legend for the material can be associated with 

(b, f) and the color map for 𝜎33 corresponds to the rest of the plots. 

 

To recreate this effect, the boundary voxels were cached and then the strain at every voxel was 

determined based on the associated grain in the tessellation. All voxels located at the inclusion-

matrix interface below a certain threshold in strain were considered to be debonded and were 

assigned high compliance properties, i.e. they were treated as a gas phase (all associated 

properties/values are zero). The selection has been shown in Fig. 3.8(b, f).  An EVP-FFT 
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simulation with 3 phases corresponding to the Ni matrix, alumina inclusion and the debonded 

interface voxels was performed. This residual stress state plays a significant role in creating the 

initial stress state of the sample, which is traditionally not included in the simulation. It should be 

noted that the grain averaged residual stresses, determined via FF-HEDM, cannot be readily used 

to initialize the EVP-FFT simulations. Some implementations [97] ensure equilibrium in the 

simulation is not violated, due to an initialization method, but these are beyond the scope of the 

current work. Therefore, to understand the effect and role of residual stresses, they have been 

superimposed on the final results after loading. 

This addition of a partially bonded inclusion immediately creates stress concentrations in the 

EVP-FFT results that correspond very closely to the HEDM results. Finally, the combined effect 

of the orientation of the inclusion, the residual stress state and de-cohesion at the matrix-inclusion 

interface can be seen in Fig. 3.8(g, h). These results are extremely close, qualitatively, to 

experimental HEDM results (Fig. 3.8(d)) and thereby the three aforementioned factors are 

collectively asserted to cause the stress gradient at the location in which the crack initiated. 

 Summary and Conclusions 

Crack initiation at inclusions is a dominant and unavoidable failure mechanism in Ni-based 

superalloys, effectively comprising the ‘weakest link’ to component lifetimes. In this study we 

employed a pair of techniques, based on high energy synchrotron X-ray radiation that allowed us 

to track the evolving microstructure and micromechanical state in a sample of a Ni-based 

superalloy, with a deliberately seeded alumina inclusion, subject to cyclic uniaxial deformation. 

The initial characterization of the sample was performed using absorption contrast μ-CT to 

determine the spatial and morphological information about the inclusion. FF-HEDM was also 

performed to map the microstructure surrounding the inclusion, including the orientations and 3-

D intergranular strain states of each grain. The cyclic loading was sequentially interrupted to 

conduct HEDM scans to elucidate temporal and spatial strain evolution in the grains, while also 

collecting μ-CT scan to determine when, and more importantly where, the crack initiated. 

Spatially, the heterogeneity in strain/stress distribution is a product of a large rigid inclusion at 

an inclination to the loading axis and the residual state that it induces in the surrounding matrix.  

Temporally, the strains grow gradually with loading and stabilize very quickly in a few cycles, 

only to change locally upon crack initiation. The study reveals that a gradient exists in the 
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magnitude of strain across the crack initiation site, a trend that is consistent across other 

micromechanical fields. This gradient creates the necessary conditions for a crack to initiate.  

Debonding at the inclusion-matrix interface is established to play the pivotal role in creating a 

gradient in stresses; the hypothesis of debonding has been inferred through proof of principle 3-D 

EVP-FFT simulations.  It is noteworthy that the partially debonded inclusion and the associated 

residual stress state created a large stress gradient within the matrix, which resulted in crack 

initiation at the location. This phenomenon is demonstrated for a large inclusion within a matrix, 

but the mechanism is qualitatively applicable to the general case of inclusion driven crack initiation 

and could only be captured and measured by employing a combination of HEDM and μ-CT 

techniques. 
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4. X-RAY CHARACTERIZATION OF THE MICROMECHANICAL 

RESPONSE AHEAD OF A PROPAGATING SHORT FATIGUE 

CRACK IN A NI-BASED SUPERALLOY 

A complete description of the chapter can be found in:  

D. Naragani, P.A. Shade, P. Kenesei, H. Sharma, M.D. Sangid, X-ray characterization of the 

micromechanical response ahead of a propagating short fatigue crack in a Ni-based superalloy, 

(2019) under review.  

 Chapter Abstract 

The short fatigue crack (SFC) growth regime in polycrystalline alloys is complex due to the 

heterogeneity in the local micromechanical fields, which result in high variability in crack 

propagation directions and growth rates. In this study, we employ a suite of techniques, based on 

high-energy synchrotron-based X-ray experiments that allow us to track a nucleated crack, 

propagating through the bulk of a Ni-based superalloy specimen during cyclic loading. Absorption 

contrast tomography is used to resolve the intricate 3D crack morphology and spatial position of 

the crack front. Initial near-field high-energy X-ray diffraction microscopy (HEDM) is used for 

high-resolution characterization of the grain structure, elucidating grain orientations, shapes, and 

boundaries. Cyclic loading is periodically interrupted to conduct far-field HEDM to determine the 

centroid position, average orientation, and average lattice strain tensor for each grain within the 

volume of interest. Reciprocal space analysis is used to further examine the deformation state of 

grains that plasticize in the vicinity of the crack. Analysis of the local micromechanical state in the 

grains ahead of the crack front are used to rationalize the advancing short crack path and growth 

rate.  Specifically, the most active slip system in a grain, determined by the maximum resolved 

shear stress, aligns with the crack growth direction; and the degree of microplasticity ahead of the 

crack tip helps to identify directions for potential occurrences of crack arrest or propagation.  The 

findings suggest that both the slip system level stresses and microplasticity events within grains 

are necessary to get a complete description of the SFC progression.  Further, this detailed dataset, 

produced by a suite of X-ray characterization techniques, can provide the necessary validation, at 

the appropriate length-scale, for SFC models. 
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 Introduction 

The high variability in growth rates and propagation path of short fatigue cracks (SFC) was 

discussed by Pearson in 1975 [15] and has since been the focus of several reviews [16–19]. The 

behavior of SFCs still remains elusive, because very few experimental datasets have been able to 

capture the heterogeneity associated with the local micromechanical state ahead of the crack front 

in the bulk of a polycrystalline material under cyclic loading. Existing theories and models cannot 

be accepted into practice until their underpinning assumptions are assessed and appraised with 

detailed experimental data at the appropriate length scale. In this study, we leverage the advent of 

synchrotron based X-ray characterization techniques, developed in the past decade, to gather 

relevant micromechanical descriptors at the grain scale, in order to provide a physical basis to our 

understanding of the SFC regime. 

In the past, researchers have focused on adapting classical approaches, including linear elastic 

fracture mechanics, elastic plastic fracture mechanics, or similitude concepts, through additional 

terms fit via empiricism in an attempt to capture the behavior of the SFC regime [25,98–101]. A 

unified theory to reconcile the regimes of long and short cracks has not been identified, which is 

most likely attributed to the fact that, in the SFC regime, several fundamental assumptions 

pertaining to long crack theories and the associated continuum descriptors are violated [102–104]. 

Since, a stress intensity factor is not applicable in the SFC regime, researchers have started to query 

the stress state in the grains ahead of the propagating crack, albeit without experimental 

measurements, these approaches have been primarily contained to the modeling communities. In 

this paper, the relevance of these stress-based metrics is interrogated at the grain scale with respect 

to the propagating crack. 

Past experimental studies have focused on only a limited number of factors which affect the 

nature of SFC response in polycrystalline alloys. Studies that use electron microscopy, 

fractography or high resolution tomography are useful at extracting the crack path morphology 

[105–107]. Microstructural attributes, such as grain orientations [22,23], grains sizes [24,25], 

distance from obstacles like grain boundaries [26–28], and local neighborhoods [29,30], are known 

to affect SFC. Studies that use electron backscatter diffraction and focused ion beam [108–110], 

diffraction contrast tomography [111], and near-field HEDM [112,113] are able to elucidate the 

grain structure around the SFC. Interferometry [114], digital volume correlation [115], and 3D X-

ray diffraction [116] are useful at determining the stress state or plasticity ahead of the SFC front. 
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In many studies, the experiments are limited to surface observations, without the ability to resolve 

the microstructure or the stresses at the crack front. Sometimes, they are constrained to post-

mortem observations and analysis. The SFC problem is 3D in nature, and due to the cyclic loading, 

the micromechanical state ahead of the crack tip is dynamic and evolving with number of cycles 

and the corresponding grain neighborhood around the crack tip.  Hence, it is necessary to capture, 

concurrently, the sub surface orientation of a propagating SFC with respect to the grain structure 

and the micromechanical state surrounding it, during in-situ cyclic loading, which has not been 

reported in literature to date.  In this study, we employ multiple pertinent X-ray characterization 

techniques, concurrently, to determine the grain structure and complete micromechanical state 

ahead of an evolving SFC. Please see the schematic in Fig. 4.1 for an overview of the techniques 

used, which have been described in detail in later sections. 

 

 

 

Figure 4.1 Schematic of the experimental setup featuring a suite of X-ray characterization 

techniques which include µ-CT, NF-HEDM, FF-HEDM, and reciprocal space mapping. 
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Current state of the art modeling efforts are based on 3D representations of the microstructure 

and resulting micromechanical fields and employ a crystal plasticity approach [117–121] [122], 

which relies on the assumption of a crystallographic dependency of the crack growth path in the 

SFC regime. In the past, crack propagation has been described theoretically as a slip-mediated 

process [123–125], advocating the importance of a slip system level analysis. Several crack driving 

forces are described in terms of the resolved shear stresses [126] on slip systems and normal 

stresses on the critical plane [127,128]. These theories and formulations have to be corroborated 

through experimental observations. In this study, we determine the relationship between the plane 

and direction, in which SFCs propagate with respect to the underpinning crystallography and 

explore the dependence of the growth rate on the maximum resolved shear stress and normal stress. 

Past researchers have focused on the deformation at the crack front, through measures like 

crack tip plasticity [102], strain energy [129], stored energy [117], dissipated energy [130], 

irreversibilities at the crack tip [88,131], and crack tip opening displacements [132], to identify the 

crack path. When the crack size is small, on the order of the grain size, the entire plastic zone may 

be confined within a single grain [28]. Previous work has suggested a correlation of deceleration 

and potential arrest in the crack growth with localized micro-plasticity [133]. The aforementioned 

measures are surrogates for micro-plasticity, which results in lattice deformation within the grains. 

This deformation, to the ordered lattice within the grain, presents curvature in the lattice and a 

spread in lattice strains, both of which can be captured via reciprocal space mapping of X-ray 

diffraction spots [134]. In this study, we calculate and associate these measures to crack growth in 

specific directions along the crack front. 

The paper is broadly divided into two main parts, in Sections 4.3-4.5 the experimental 

methodology behind the concurrent, in-situ cyclic loading and different modalities of X-ray 

characterization is elaborated. These include absorption contrast micro-computed tomography (µ-

CT), near-field high-energy X-ray diffraction microscopy (NF-HEDM), far-field high-energy X-

ray diffraction microscopy (FF-HEDM), and reciprocal space mapping scans. The registration, 

between these techniques, through different cyclic loading states, is described in detail. In Section 

4.6, we discuss the evolution of the pertinent micromechanical stress-based descriptors and their 

relevance with respect to crack progression. A few representative grains are extracted and 

discussed in further detail to determine the crystallographic nature of the SFC behavior, by 

determining the crack alignment with respect to the well-defined slip systems. The critical slip 
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system, in each grain, is determined based on the stress state and the role of the associated normal 

and resolved shear stress on the crack growth rate is discussed. Finally, the evolution of the 

principal stresses and the resulting plasticity in the form of the lattice deformation within the grains 

ahead of the crack front are explored to understand their role in determining the SFC growth 

direction. 

 Materials and in-situ fatigue crack growth 

In this study, a polycrystalline Ni-based superalloy, RR1000, produced via a powder 

metallurgy (PM) process by Rolls-Royce plc has been used. The material was seeded with Alumina 

particles, in order to investigate the role of non-metallic inclusions on fatigue crack initiation, as 

discussed in a previous study [67].  The material underwent an isothermal forging followed by a 

super-solvus heat treatment and two-step aging process to allow static recrystallization and grain 

growth [81]. The results produced a coarse grain variant of RR1000, with a face centered cubic 

(FCC) crystal structure with lattice constant, calibrated in a previous study [67], of 0.3592 nm and 

a nominal grain size of 23-32 µm. The composition and details of the manufacturing process are 

described in detail by Buckingham et al. in [81]. The material’s random texture and equiaxed grain 

structure results in sharp and distinct diffraction spots making it an ideal candidate for high-energy 

X-ray diffraction microscopy experiments. 

Ultrasonic inspection was used to detect inclusions in the material and a sample was machined 

around a given inclusion using electrical discharge machining. In this manner, an alumina 

inclusion, which is larger than typically observed but is still found in Ni-based superalloys [82], 

was extracted in the specimen gauge section as shown in Fig. 4.2 (a). The specimen was 

manufactured with a 1 mm X 1 mm cross-section and 8 mm gauge length for the X-ray 

characterization experiments. The specimen and grip design were compatible with the rotational 

and axial motion system [135], which serves as an insert in a servo-hydraulic MTS load frame to 

facilitate, with a high degree of accuracy and precision, motion control during in-situ X-ray 

experiments. 



68 

 

 

 

Figure 4.2 (a) Specimen geometry in region of interest with highlighted cross-section showing, (b) 

the reconstructed µ-CT image, (c) the confidence maps from the NF-HEDM reconstruction, (d) 

the grain map after registration with µ-CT results, and (e) the grain centroid positions showing 

distribution of elastic strains in the loading direction obtained from the FF-HEDM results. 

 

This specimen was cyclically loaded in the MTS load frame under load control. The specimen 

was cycled between a lower bound of   ̴0 MPa and a maximum stress, set to 60% of the yield stress 

for RR1000. The experiment was performed in laboratory air at room temperature and a loading 

frequency of 1 Hz. In a previous study by the authors [67], cyclic loading was performed on this 

sample, until crack initiation was captured. After 10,000 cycles of loading, a crack initiated from 

the matrix-inclusion interface. A gradient detected in the magnitude of the elastic strain field was 

responsible for the incipient crack initiation. This gradient was pronounced in the other analyzed 

micromechanical fields, particularly the stress triaxiality. The gradient was generated, primarily, 
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due to partial de-bonding at the local matrix-inclusion interface, as well as the residual stresses in 

the grains surrounding the inclusion, and the geometry of the inclusion (inclination to the loading 

axis, size, and morphology).  

In this study, the naturally initiated crack from the matrix-inclusion interface located in the 

bulk of the specimen, was grown through the early stages of fatigue crack growth, known as the 

SFC regime. The same cyclic loading conditions were followed and loading was periodically 

stopped after small intervals to capture the progress of the crack. The corresponding developments 

in the local micromechanical fields were captured through X-ray characterization scans, which 

were taken during these interruptions. During these pauses, the sample was held at the prescribed 

maximum load. Scans were taken at ten states corresponding to 20,000; 21,000; 23,000; 26,000; 

30,000; 36,000; 38,000; 41,000; 45,000; and 52,000 total cycles, respectively. 

 X-ray characterization setup 

The experimental setup used during the X-ray characterization experiment with in-situ loading 

has been described through the schematic in Fig. 4.1. The experiment was performed inside the 1-

ID-E end station of the Advanced Photon Source. A monochromatic X-ray beam at the Yb K-edge 

corresponding to an energy, E: 61.332 keV and wavelength, λ: 0.20215 Å was selected to scan the 

Ni material system under consideration [136]. All 3D techniques used in this paper are an 

implementation of the classic rotation method with a collimated beam: a single axis goniometer 

perpendicular to the incident X–ray beam and a framing area detector placed downstream of the 

sample [137]. The coordinate systems followed in this study can be found in Fig. 4.1. The loading 

axis of the MTS load frame and the rotation axis (ω) of the sample coincide with the z-axis in the 

lab frame. Characterization was performed through three techniques employing different beam and 

detector configurations but otherwise similar setups.  

The crack path morphology and crack front position were captured through its progression, 

due to cyclic loading, via µ-CT. Scans were performed by the use of a 1 mm tall and 2 mm wide 

X-ray beam centered around the location of the initial crack in the sample. A detector with a 3 mm 

field-of-view and 1.5 µm square pixel size was used. The detector was positioned 12 mm away 

from the sample. The detector could not be moved further away from the sample, which would 

have permitted the use of phase contrast to elucidate the crack more clearly, due to spatial 

constraints of the setup. The sample was rotated over a 360° angular range and radiographs were 
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captured after every 0.2° increment. A µ-CT scan was performed each time cyclic loading was 

halted (specific states are aforementioned). The sample was held at the maximum applied load, 

since it is easier to detect the crack when it is fully open. A final scan in the phase contrast 

configuration with a more optimized setup for µ-CT (detector to sample distance was increased) 

was taken at 52,000 cycles after the end of the experiment when the space constraints were 

removed during the experimental teardown. 

The grain structure including the orientations, morphologies, and grain boundary positions 

were determined in the region of interest in conjunction with the propagating crack via NF-HEDM 

[54,55]. NF-HEDM requires a setup that is almost identical to that of parallel beam tomography 

with a framing area detector with high spatial resolution, i.e. small effective pixel size and large 

field of view. However, it uses a line focused beam [34] for selecting a quasi-two-dimensional 

slice of the sample and a small beam-stop that blocks the very intense focused beam without 

compromising the diffracted beam from the grains. The same detector was used for both techniques. 

The sample to detector distances were nominally around 5.5, 7.5, and 9.5 mm to maximize the 

spatial resolution of this technique. Several detector distances were used to calculate the diffracted 

beam direction, corresponding to each spot, and determine the point of origin of diffraction, in 

order to index the position and orientation in the sample and subsequently reconstruct a detailed 

orientation map. A reciprocal space of 9 Å-1 was covered at the largest detector distance. The 

sample was rotated over a range of ω ϵ (0, 360°) and images were captured after integrating over 

0.25° Δω intervals. Fifty scans with a line focused beam (1 µm tall and 2 mm wide) were taken, at 

a spacing of 4 µm, to cover a 200 µm region, as highlighted in Fig. 4.3 (c). Calibration images 

were obtained with a gold cube with a known and well-defined grain structure before the sample 

of interest was characterized. The calibration was refined by using grains in the actual sample in 

an optimization procedure based on points in all four quadrants and at grain boundaries until sharp 

and well-defined grain boundaries were obtained without any biases. The focused beam passing 

through the sample and the beam stop also captures an intensity contrast due to the difference in 

the mass attenuation coefficient between the inclusion and the matrix. This was used for 

registration purposes as described in the next section. The NF-HEDM characterization scan was 

taken at 20,000 cycles. 
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Figure 4.3 (a) Cross-section from µ-CT reconstruction juxtaposed with (b) results of segmentation 

of the different phases: matrix, inclusion, and crack. (c) Specimen with inset showing the crack 

growing from the inclusion between 20k and 52k cycles.  (d) View of the crack along plane P (as 

defined in c), displaying crack growth relative to the cycle number.  (e) View of the crack from 

vantage point Q (as defined in c), showing a bridge in the crack structure. 

 

The lattice strain in the grains in the probed volume and especially at the crack front were 

determined via FF-HEDM [47,50]. A GE-41RT amorphous silicon flat panel detector with a size 

of 2048 X 2048 pixels at a pixel pitch of 200 µm was placed far away from the sample, around 

~765 mm. At 20,000 cycles, 50 scans with a line focused beam (1 µm tall and 2 mm wide) were 

taken to cover a 200 µm region, coincident with the NF-HEDM scans. These scans were used to 

seed the NF-HEDM reconstructions thus ensuring registration of the initial state of the sample 

between the two techniques. At the remaining states, two scans with box beams (100 µm tall and 

2 mm wide) were used to cover the 200 µm tall region of interest, in order to expedite data 

acquisition. A box beam with 100 µm height was found to irradiate an appropriate number of 

grains, to avoid overcrowding of diffraction spots within a diffraction ring on the area detector 
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(which is undesirable due to spot overlap that would result in a bias towards identifying larger 

grains during reconstruction and complicate the process of reciprocal space mapping). Eight 

complete Debye-Scherrer rings corresponding to {111}, {020}, {220}, {131}, {222}, {040}, 

{331}, and {240} planes in the FCC material were captured on the detector. Due to the limited 

dynamic range of the detector, a lead foil was adhered to the detector and positioned to attenuate 

the two inner diffraction rings in order to collect higher intensities in the outer diffraction rings, 

improving strain resolution of the measurement. The sample was rotated over an angular range of 

360° and frames were saved after integration over Δω intervals of 0.25°. The full rotation enables 

the measurement of all the Friedel pairs, which facilitate higher accuracy fitting of the grain 

positions and strain tensors [138]. Far-field HEDM was performed at each loading interruption, 

and the sample was held at the maximum applied load. A suite of calibration images were obtained 

using Ceria and Au at the beginning and at the end of the experiment to determine the detector 

distance, tilts, and distortion parameters and check for any significant setup changes [139,140]. 

The calibration was refined by using grains in the actual sample. 

 Reconstruction methodology and Registration Results 

The µ-CT scans were reconstructed using an in-house code out of APS [38,39], which uses the 

GridRec algorithm [40]. A spatial resolution of ~3 µm according to the Nyquist theorem was 

achievable with the current detector setup. The reconstructions were optimized in this code and 

then post-processed using ImageJ [41], in order to clean up the tomography artifacts and remove 

noise. Ring removal was performed using an in-house code implemented in Matlab, based on the 

algorithm specified in [42]. The reconstruction from the final scan configured for phase contrast, 

at 52,000 cycles, has been shown in Fig. 4.2(b) and results in sharper gradients between phases, 

thus making it easier to segment the crack. In Fig. 4.3(a), the grayscale color bar has been inverted 

to show the intensity differences between the different phases in the specimen. The SFC 

experienced a range of intensity values, thus making it difficult to extract the crack morphology.  

Specifically, the SFC had a dark intensity, similar to the inclusion, when the crack was wide open 

and a light intensity, similar to the Ni-matrix, near the crack tip.  Therefore, segmentation tools, 

based on mere intensity thresholds, fail to extract the crack properly. Instead, the crack was 

segmented from tomograms via a trainable machine learning algorithm called WEKA 

segmentation [43], available as an ImageJ plugin. Attributes of the crack, based on its 
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derivatives/gradients to detect edges, eigenvalues of the Hessian matrix to determine plate/line-

like features, and structure tensor calculations with smoothing were employed to extract the precise 

morphology of the crack. The phase-contrast µ-CT scan at 52,000 cycles was segmented first and 

used as a template, while segmenting previous states of the crack identified through absorption 

contrast µ-CT characterization. Each state was segmented to determine the crack front and 

consolidated to capture the progression of the crack, in Fig. 4.3 (c). The SFC is observed to initially 

grow along the matrix-inclusion interface, moving downward on the left side of Fig. 4.3 (d), and 

subsequently moving rightward into the matrix. The progression of the SFC will be discussed in 

greater detail in Section 4.6.  

FF-HEDM scans were reconstructed using the Microstructural Imaging and Diffraction 

Analysis Software (MIDAS) [51,52], developed at the APS. Far-field HEDM data is reconstructed 

to provide the grain centroid position (3 variables), an associated grain averaged orientation (3 

variables), and a grain averaged elastic strain tensor (6 variables). The FF-HEDM reconstruction, 

in terms of the lattice strain in the loading direction, for a line scan taken at 20,000 cycles is shown 

in Fig. 4.2(e). Far-field HEDM reconstructions used data collected from the 3rd through 8th 

diffraction rings of the Ni-based superalloy and resulted in a spatial resolution of ~20 µm for the 

grain centroid positions, angular resolution within 0.1° for the crystallographic orientation, and a 

lattice strain resolution on the order of 1e-4 for the grain average value [52,53]. The errors in the 

lattice strain are relatively higher for grains which exhibit low lattice strains, close to the resolution 

value mentioned above. A completeness threshold, which is the ratio of the measured to expected 

diffraction spots, was set at 60%, and any grain that did not meet this cut-off was not considered 

in the reconstruction. Approximately 2500 grains were found in the 200 µm region of interest. 

Near-Field HEDM scans were reconstructed using an extension of MIDAS [51,52]. The 

reconstruction was performed with a triangular grid; an edge size of 2 µm was used to obtain a 

high signal to noise ratio for a detector pixel size of 1.5 µm. The orientation search space for 

forward modeling was seeded with orientations determined from FF-HEDM reconstruction, with 

a tolerance of 2°. The tolerance in the orientation space allows for identification of intragranular 

orientations and grains with higher confidence. Any pixels and regions with a confidence of less 

than 40% were refit with all possible orientations from a gridded table representative of the FCC 

fundamental space. The low confidence index was primarily necessary to reconstruct the grain 

boundary regions, as seen in Fig. 4.2(c), considering this sample was subjected to cyclic loading 
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prior to NF-HEDM characterization.  The triangular mesh is re-gridded onto a regular 3D co-

rectangular mesh with a resolution of 1.5 µm and smoothed via a dilation and erosion procedure. 

A grain growth algorithm based on enabling a maximum misorientation of 2° of neighboring 

voxels was employed to segment the orientation maps into grains.  

Registration was performed between the crack determined via µ-CT, the grains determined via 

NF-HEDM, and the lattice strains determined via FF-HEDM.  To assist in the registration, between 

the crack position and the grains, an additional µ-CT reconstruction was performed using the beam 

projected onto the detector during the NF-HEDM scan through the beam-stop. The main challenge 

that needed to be considered during reconstruction is the low intensity and extra patterns present 

in the measured beam due to the uneven surface of the beam-stop. The purpose of this µ-CT 

reconstruction was not to achieve a high resolution, but to identify the shape of the inclusion, which 

was correlated to the correct slice in the µ-CT reconstruction. In-plane registration was done using 

a binarized version of the confidence map like the one shown in Fig. 4.2 (c) using the corr2 function 

within Matlab along with visual inspection. After registration, tomography slices were used as a 

mask to rectify ill-fit voxels as shown in Fig. 4.2 (d). The grains surrounding the crack were 

subsequently extracted from the complete grain map as shown in Fig. 4.4(a).  In the vicinity 

adjacent to the crack, around 50 grains were identified, and the corresponding attributes to these 

grains are shown (Fig. 4.4 (b)).  Specifically, the grains along both the front and the back face of 

the crack are depicted, according to the vantage point P as described earlier in Fig. 4.3 (d). From 

such a depiction, if the crack was intragranular in nature, the same grain would appear on the front 

and back faces.  Conversely, an intergranular crack path would show distinct grains on the front 

and back faces of the crack at a particular location.  Using such a methodology, we will determine 

intergranular and/or intragranular parts of the crack path in the subsequent sections of this paper. 
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Figure 4.4 (a) Grains of interest surrounding the crack path extracted after registration between 

NF-HEDM and µ-CT.  (b) Grains adjacent to the crack, as shown from the front and back faces 

(see view P of Fig. 4.3 (d)).  (c) Stereographic triangle for reference to the colors of the grains and 

the orientation distribution of the grains adjacent to the crack. 

 

Based on the aforementioned reconstruction techniques, the registration between the NF-

HEDM and FF-HEDM reconstructions was straight forward.  The diffraction spots for each grain 

in the NF-HEDM reconstruction were simulated (discussed in next paragraph) and compared to 

those indexed to the grains found through FF-HEDM, and thus grains were registered across the 

different modes of characterization. Since the full elastic strain tensor (휀𝑖𝑗
𝑒 ) is available as shown 

in Fig. 4.5 (a), the corresponding stress tensor (𝜎𝑘𝑙) can be determined unambiguously using the 

stiffness tensor (𝐶𝑖𝑗𝑘𝑙) via the generalized Hooke’s law:  

𝜎𝑘𝑙 = 𝐶𝑖𝑗𝑘𝑙: 휀𝑖𝑗
𝑒                    (4.1) 

For RR1000, the values of 𝐶𝑖𝑗𝑘𝑙 were adopted from [11].  Moreover, during cyclic evolution, 

FF-HEDM characterization was performed multiple times, for which this form of registration was 

repeated between grains found through FF-HEDM across different states. Grains are matched 

across states with a mean misorientation of ~0.5° and a mean centroidal distance of ~25 µm. The 

micromechanical state of the grains determined in conjunction with the progressing crack front 

will be used to further explore the SFC regime in Section 4.6. 
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Figure 4.5 (a) Grain average elastic strain tensor for each grain adjacent to the crack on the front 

and the back face, measured through FF-HEDM, at 20,000 cycles.  (b) Grain average stress tensor 

calculated for each grain adjacent to the crack (see Fig. 4.3 (d) for crack view perspective).   
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Damage within the microstructure, due to an approaching crack front, manifests via plasticity 

and a stress field. The plasticity is accommodated through distortions in the lattice of the grains, 

in the form of geometrically necessary dislocations resulting in an intragranular orientation spread. 

Meanwhile, the stress fields, due to the crack and the dislocations, are accommodated through 

lattice strain gradients. In essence, the degree of plasticity and lattice strain gradients 

accommodated in the grains, ahead of the crack front, can be quantified based on the spread of the 

diffraction spots. A schematic of the distortion to the lattice of a grain due to an approaching crack 

front has been depicted in Fig. 4.6. The distortion to the lattice can be measured by calculating the 

full width at half maximum (FWHM) for a set of diffraction spots corresponding to the specified 

grain in two polar directions (η and θ), as shown in the schematic. The FWHM, in polar coordinates, 

along 2θ or the radial direction corresponds to the heterogeneity in the lattice strain within the 

grain [57].  The FWHM along η (along the azimuth) or ω (across frames during rotation of the 

sample) corresponds to the curvature of the lattice planes within the grain [57,59]. In an effort to 

quantify this damage within the grain via the FWHM measures on all diffracting planes, an in-

house code was developed. A virtual diffraction simulation, as described in [58], was adapted from 

algorithms in MIDAS and used to determine the peak positions from the reconstructed grains. The 

position, orientation, and lattice strains of the grains determined through FF-HEDM, via MIDAS, 

were used as an input, while the position of the diffraction spots in terms of the η, ω, and θ 

coordinates on the detector were obtained as the output from the diffraction simulator. The 

simulator was coupled with an extraction and thresholding procedure to determine the FWHM of 

all the spots indexed to a grain. In the Supplementary, the histograms of the radial (displaying the 

lattice strain gradients) and azimuthal (displaying the intragranular misorientation) FWHM values 

are plotted for grains near and away from the crack front. Histograms of the FWHM on the {220} 

and {222} planes within individual grains show an increasing FWHM value from 20k to 52k cycles.  

This evolution of the histogram is indicative of deformation on specific planes within the specified 

grains. In the remainder of the paper, we have focused on presenting these reciprocal mapping 

measures on specific planes for selected grains ahead of the crack tip, in order to further understand 

the failure mechanism associated with SFCs.  
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Figure 4.6 The evolution of the deformation in the lattice due to an approaching SFC is described 

through four stages (a) grain is away from the crack, shown with an idealized lattice as a reference 

case, (b) crack is impinging on the grain and emitting dislocations, (c) crack is propagating through 

the grain, (d) crack has propagated through the grain bifurcating it into two sub-grains. Lattice 

distortion is measured via two metrics: curvature in the planes of the lattice and the heterogeneity 

in the spacing of the lattice. The lattice plane normals are denoted by ‘m’ and the difference 

between the normal of a plane (because of distortion) is captured along the azimuth, η. The lattice 

plane spacing is denoted by ‘d’ and the difference between lattice spacing in different regions of 

the grain is captured along the radial direction, θ. In the images shown, the loading axis is along 

the vertical direction.  
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 Discussion 

The goal of this paper is to assess the SFC regime, in terms of crack path and growth rate, 

through a grain scale description of the micromechanical fields around the crack. Towards this 

objective, in Fig. 4.7, we have outlined the progression of the crack through the first few grains, 

with reference made to the grains that will be considered in greater depth throughout the discussion. 

For the aid of the reader, we will first explore the progression of the crack, in more detail, and 

reference this progression in the remainder of the discussion.  

From the results of crack initiation in the preceding study [67], it is well understood that the 

matrix-inclusion interface serves as a preferred site for decohesion. This has been understood as 

an amalgamation and interplay of three primary factors, specifically the intensified stress created 

by partial debonding at the interface due to thermo-mechanical processing, the residual stress state 

created by the inclusion in the surrounding matrix, and the geometric factors of the inclusion 

(orientation, size, and morphology). Partial debonding between the matrix and the inclusion has 

also been surmised as a significant contributor towards undesirable stress concentration in steels 

[94,96]. For this specimen, we have found that the confluence of the three factors created a 

necessary gradient in the micromechanical fields, particularly the stress triaxiality. These gradients 

in the micromechanical fields also affect the SFC progression between 10,000 to 21,000 cycles. 

Between these initial stages, the crack grows vertically down the sample, primarily along the 

matrix-inclusion interface. In Fig. 4.7 (a), the initial progression of the crack has been overlaid on 

the full profile of the crack at 52,000 cycles (the complete crack profile shown in a lighter hue). 

The initiation point and the direction of crack growth, between these stages, has been marked on 

the left, which is along the inclusion-matrix interface.  

The growth of the SFC, into the matrix, starts from 21,000 cycles. Between 21,000 and 30,000 

cycles the crack grows, tortuously, but on two fairly well-defined, almost parallel, crack planes. 

This has been shown in Fig. 4.7 (b), and the silhouettes of these planes are highlighted. Details of 

the minor tortuosity of the SFC on these crack planes will be discussed in the following sub-

sections. A major deviation in the SFC, however, occurs after 30,000 cycles, where the crack starts 

to become fully developed. An important segment of the SFC regime is the mechanism of micro-

cracks coalescing to form a dominant crack [16]. After 30,000 cycles, as shown in Fig. 4.7 (c), the 

two halves of the crack coalesce on a distinct plane, almost perpendicular to the loading axis, which 

we will refer to as the crack bridge.  
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Figure 4.7 Division of the crack progression into three parts, (a) growth along the inclusion-matrix 

interface, (b) micro-cracks growth on two distinct planes between 21k and 30k cycles, (c) micro-

cracks coalescence and growth on a bridge between 30k to 52k cycles. Selecting specific grains 

for further discussion: (d) intragranular SFC growth in Grain 457, (e) crack arrest at Grain 183, 

and (f) crack propagation along Grain 1226. Intergranular crack growth as shown in two views (Q 

and P, see figure 4.3(d) and 4.3(e) corresponding to (g) and (h), respectively. (i) Stereographic 

triangle displaying orientations for grains depicted in (d-h). 
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 To further interrogate the progression of the SFC with respect to the micromechanical state of 

the grains, the discussion has been divided into three sections. In Section 4.6.1, the evolution of 

pertinent stress metrics is explored to ascertain their relevance in the SFC regime. In Section 4.6.2, 

the crystallographic nature of the crack path and rate have been investigated through tortuosity 

observed in the crack plane within a specific grain. Finally, in Section 4.6.3, the role of the 

plasticity ahead of the crack front and its influence on the crack progression have been discussed.     

4.6.1 Micromechanical evolution 

We have chosen three classically used stress based metrics, at the grain scale, to understand 

their role in crack propagation in the SFC regime: the deviatoric part (𝜎𝑑𝑒𝑣) of the stress tensor 

(𝜎𝑖𝑗) in the form of von Mises stress (𝜎𝑣𝑚), an opening stress inspired term based on the dilatational 

component of the stress tensor in the form of the hydrostatic stress (𝜎𝐻𝑦𝑑), and a combination of 

these two factors, to understand their relative roles, through the stress triaxiality (𝜎𝑇𝑅𝐼). They have 

been defined as follows: 

𝜎𝑣𝑚 = √
3

2
𝜎𝑑𝑒𝑣: 𝜎𝑑𝑒𝑣 , 𝑤ℎ𝑒𝑟𝑒 𝜎𝑖𝑗

𝑑𝑒𝑣 = 𝜎𝑖𝑗 −
𝜎𝑘𝑘

3
                  (4.2) 

𝜎𝐻𝑦𝑑 =
𝜎𝑘𝑘

3
                     (4.3) 

𝜎𝑇𝑅𝐼 =
𝜎𝐻𝑦𝑑

𝜎𝑣𝑚
                         (4.4) 

These stress metrics have been calculated at each state characterized during the experiment, in 

terms of grain-averaged values from FF-HEDM.  Their values for each of the grains adjacent to 

the crack are shown in Fig. 4.8, with the views shown for the front and back face of the crack. The 

columns of Fig. 4.8 correspond to the micromechanical fields at 21,000; 30,000; 41,000; and 

52,000 cycles, respectively. The progression of the crack (as indicated in black relative to the full 

crack profile at 52,000 cycles in gray) has been presented in the first row for reference. In the first 

column, at 21,000 cycles, the crack is primarily limited to progression along the matrix-inclusion 

interface. Despite which, there is a high amount of heterogeneity in the stress metrics for each of 

the adjacent grains to the crack front. A complex loading environment is created due to the inherent 

granular microstructure and local grain neighborhoods [28–30], which are poised to have an effect 

on the propagating crack.  
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Figure 4.8 Grain averaged stress metrics plotted against the cyclic loading state. (a) crack 

progression at each state added for reference, (b) von Mises Stress, (c) stress triaxiality, (d) 

hydrostatic stress, (e) stress coaxiality, (f) maximum resolved shear stress, and (g) normal stress 

on plane corresponding to the most active slip system.   
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For all of the grains shown in Fig. 4.8, we highlight three sets of grain neighborhoods, 

corresponding to the top grains (Fig. 4.7 (e)), middle grains (Fig. 4.7 (g)), and bottom grains (Fig. 

4.7 (f)) around the crack.  In the top grains surrounding the crack, the contribution of the von Mises 

stress versus the hydrostatic stress becomes apparent. The crack is mainly intragranular at this 

location, through grain 457 in Fig. 4.7 (e). During propagation through this region, between 30,000 

and 40,000 cycles, the von Mises stress reduces, while the hydrostatic stress increases. The stress 

triaxiality captures the competing roles of the dilatational and deviatoric stress measures, and a 

high value of the stress triaxiality indicates the dominance of the hydrostatic stress during 

intergranular crack propagation. After propagation through the grain 457, at 52,000 cycles in the 

last column of Fig. 4.8, the von Mises stress increases, while the hydrostatic stress and 

correspondingly stress triaxiality drop in magnitude.  This is partly attributed to the crack 

approaching a neighborhood of grains that are smaller in size.  In the grains adjacent to the lower 

part of the crack, the crack is propagating through many smaller grains, as shown in Fig. 4.7 (f), 

which makes it difficult to capture the intragranular nature of the crack progression in this segment. 

Despite this, the dominant role of the hydrostatic stress, during the intragranular propagation 

through the grains at the bottom of the crack is captured.   

The grains adjacent to the middle part of the crack display a different behavior, as the crack is 

progressing in an intergranular nature.  The crack bridges between the top and bottom halves after 

30,000 cycles in this region. It is determined that the crack, within registration errors, is 

propagating along grain boundaries, as shown in Fig. 4.7 (g) and (h). It should be noted that 

intergranular crack propagation in Ni-based superalloys is known to be highly unlikely at room 

temperature and in ambient lab environments [16,17,141].  

To highlight the heterogeneity offered by the grains surrounding the crack, a stress coaxiality 

metric (𝜎𝐶𝑜𝐴𝑋) [91,92] is employed, as defined below: 

𝜎𝐶𝑜𝐴𝑋 ∠ = 𝑐𝑜𝑠−1 (
𝜎𝑀𝑎𝑐𝑟𝑜𝑠𝑐𝑜𝑝𝑖𝑐:𝜎𝐶𝑟𝑦𝑠𝑡𝑎𝑙

‖𝜎𝑀𝑎𝑐𝑟𝑜𝑠𝑐𝑜𝑝𝑖𝑐‖‖𝜎𝐶𝑟𝑦𝑠𝑡𝑎𝑙‖
)                   (4.5) 

The 𝜎𝐶𝑜𝐴𝑋 is a measure of the alignment of the stress state within the grain to the macroscopic 

applied stress state. A small angle implies that the stress state of the grain conforms to the 

macroscopic loading. A non-zero coaxiality value, indicating a misalignment with respect to the 

macroscopic loading, is expected due to the complex interaction of grains in their local 

neighborhoods, as confirmed by the observations shown in Fig. 4.8 (e) at 20,000 cycles. 
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The stress calculated for the grains in the middle region, on both the front and back of the crack 

plane is much lower than the surrounding grains. This is clearly visible for grain 420, seen on the 

back face and grains 217 and 894, on the front face. The grains on the front face (217 and 894) 

have low values of all stress metrics throughout the crack progression and high stress coaxiality. 

After 41,000 cycles, the stress in the grain on the back face (grain 420) reduces and becomes 

completely misaligned to the applied loading, with respect to the stress coaxiality metric. Further 

analysis reveals that the grains in this region have special low energy grain boundaries, determined 

according to the process outlined by Sangid et al [142]. Grains 420 and 217 have a ∑27 grain 

boundary between them, while grains 420 and 894 are joined by a ∑3 boundary. Because of their 

low energy configuration, these boundaries typically impede crack growth [143]. But in this case, 

after the SFC grew significantly on through the top and bottom set of grains, a bridge formed 

through the middle grains along the low energy grain boundaries, which are prevalent in this 

material [142].  One possible explanation for this intergranular behavior of the crack is the low 

stress and high coaxiality values exhibited by these grains. Lastly, we note, once the crack 

progresses past these grains (e.g. the grains are located at the crack flanks), the stress in each of 

these grains significantly reduces, because of the physical discontinuity in material created by the 

crack. 

To understand the crystallographic nature of the SFC, the stress tensor (𝜎𝑖𝑗) is transformed into 

the crystal coordinate system (𝜎𝑖𝑗
𝐶𝑟𝑦𝑠𝑡𝑎𝑙

) and then resolved onto each of the 12 FCC slip systems. 

The maximum resolved shear stress (𝜏𝑀𝑅𝑆𝑆), identifying the critical slip system, and consequently, 

the normal stress (𝜎𝑛) on the associated critical plane are determined as follows: 

𝜏𝑀𝑅𝑆𝑆 = max
∀𝑚,𝑠

( |𝜏𝑚𝑠| ) = max
∀𝑚,𝑠

(|𝑚𝑖𝑠𝑗𝜎𝑖𝑗
𝐶𝑟𝑦𝑠𝑡𝑎𝑙

|)             (4.6) 

𝜎𝑛 = (𝜎𝑖𝑗
𝐶𝑟𝑦𝑠𝑡𝑎𝑙

. 𝑚𝑖) . 𝑚𝑗                  (4.7) 

where mi is the slip plane normal and sj is the slip direction. The values for 𝜏𝑀𝑅𝑆𝑆 and 𝜎𝑛 for 

each of the grains surrounding the crack have been plotted in the last two rows of Fig. 4.8.  It is 

determined that the normal stress, similar to the hydrostatic stress, is high for most of the grains 

around the propagating crack, except in the middle of the crack, in which intergranular growth is 

observed. Normal stress has been proposed in models for crack growth by past researchers, 

including Fatemi and Socie [127] and McDowell and co-workers [132]. The 𝜏𝑀𝑅𝑆𝑆 shows a less 

definitive trend in these plots, but to further explain this behavior a slip system level analysis is 
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performed to consider the crack path with respect to the crystallographic slip planes and directions 

in the encountered grains. To this end, in the next sub-section, we zoom into a particular grain to 

study the crystallographic nature of SFCs.  

4.6.2 Crystallographic nature of SFC 

The material modeling community has several crystallographic-based models of SFC behavior 

that need experimental datasets for validation. Crystal plasticity modeling is primarily based on 

the assumption of plastic deformation being restricted to slip in particular crystallographic 

directions on particular crystallographic planes, mediated by resolving the stress state onto the 

corresponding slip systems. McDowell and co-workers have demonstrated that the 

micromechanical results of crystal plasticity simulations can be used to formulate fatigue indicator 

parameters to describe the SFC regime [118,132].  Additionally, Rovinelli et al. used an X-ray 

dataset in companion with crystal plasticity simulations to identify the appropriate driving force 

for SFC growth [122,144].  In their studies, they relied on simulations to obtain the stress state 

relative to the microstructure, while in this study, through the combination of FF-HEDM and 

reciprocal space mapping, the resolved stress on slip systems and the associated slip activity is 

experimentally identified in each grain ahead of the advancing crack. 

A slip system level analysis has been carried out for grain 457 in Fig. 4.9 to identify the 

crystallographic nature of the SFC with the associated slip activity directly ahead of the crack tip. 

Grain 457 has been chosen since the crack progresses tortuously within this grain, between 20,000 

and 52,000 cycles. The crack path, through this grain, can be broadly divided onto three distinct 

segments which are associated with different crack planes. These stages have been depicted in Fig. 

4.9 (a) to (c). 
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Figure 4.9 Crack path alignment with the most active slip system in (a) the first segment between 

20k and 26k cycles, (b) the second segment between 26k and 41k cycles, and (c) the third segment 

between 41k and 52k cycles. (d) Graph between the crack length and the cyclic loading state along 

with the 𝜏𝑀𝑅𝑆𝑆 and 𝜎𝑛 plotted at each state characterized through FF-HEDM. (e) Spread of the 

diffraction spot corresponding to the (1̅11) crystallographic plane capturing the bifurcation of the 

grain into two sub-grains by the propagating SFC. 



88 

 

During the first segment shown in Fig. 4.9 (a), the crack progresses on the initial plane until 

26,000 cycles, towards the bottom and right directions, relative to the image shown. The crack 

plane is observed to be parallel to the (1̅11)  plane in grain 457 (the normal is indicated with a red 

arrow).  Next, by calculating the  𝜏𝑀𝑅𝑆𝑆 for this grain, we identify the most active slip system 

which is on the (1̅11)  plane and along the [110]  direction (blue arrow pointing vertically 

downward in Fig. 4.9 (a)).  For this segment, the crack is predominantly growing in the direction 

and plane corresponding to the most active slip system in this grain, since the initial growth of the 

crack is along the matrix-inclusion interface.  This characteristic is observed repeatedly in the 

present analysis and represents a driving force that dictates the crack path, as further discussed 

below. During the second segment, the crack changes directions and represents a step in the total 

crack path.   Between 26,000 and 41,000 cycles, part of the crack is growing on the step 

(corresponding to the (111̅) slip plane (red arrow) and [011] slip direction (blue arrow) via the 

𝜏𝑀𝑅𝑆𝑆  analysis) representing the second segment, but it is important to note that the crack 

progression on these segments is not sequential, thus the crack grows simultaneously on several 

segments.  The initial crack plane, the step, and the final crack plane have been depicted in Fig. 

4.9 (b) through their silhouettes for clarity.  For the third segment, after 41,000 cycles, the most 

active slip system is determined by the 𝜏𝑀𝑅𝑆𝑆 analysis for this grain, which corresponds to the 

(1̅11) slip plane (red arrow) and [01̅1] direction.  The crack plane of the third segment is parallel 

to that of the first segment, but the crack growth path is primarily in a different direction, as shown 

in Fig. 4.9 (c).  The implications of this analysis are twofold.  First, the 𝜏𝑀𝑅𝑆𝑆 analysis is capable 

of demarcating the most active slip system in the grain of interest [145].  Secondly, and more 

applicable to this study, the crack path, in terms of direction and plane, aligns with the most active 

slip system in the grain that encompasses the crack tip.   

This alignment of the crack propagation direction to the most active slip system in the grain 

directly ahead of the crack tip would indicate that the crack path is dictated by the stresses ahead 

of the crack tip, but in the case of SFC, those stresses are confined to the stress state of the grain 

that encloses the crack tip.  For the SFC case, Mode II fracture dominates the mechanism for the 

crack advancement and is commonly attributed to the shear stresses in the grains ahead of the crack 

tip [146].  In many of the fatigue indicator parameters, a term is included to capture the maximum 

shear stress as a surrogate metric to determine the crack path [118].  Via a Bayesian network to 

identify correlations with experimental data, Rovinelli et al. found that the 𝜏𝑀𝑅𝑆𝑆 is the second 
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most indicative value to determine the crack growth direction [126].  Unlike the study by Rovinelli 

et al. [126], in this analysis, 𝜏𝑀𝑅𝑆𝑆 is directly obtained from the experimental data, as opposed to 

inferences from modeling, thus removing any ambiguities or model form error in the subsequent 

analysis for the crack driving force.  Hence, this study corroborates many of the surrogate fatigue 

metrics proposed that emphasize the 𝜏𝑀𝑅𝑆𝑆 of the grains directly ahead of the crack tip to dictate 

the crack direction. 

Beyond determining the crack path, a similar analysis explores the role of 𝜏𝑀𝑅𝑆𝑆 on the growth 

rate in the SFC regime. The length of the crack was measured, through its progression within this 

grain, at each of the ten states characterized by FF-HEDM. The length of the crack was measured 

based on the magnitude of a vector between the initiation point and the furthest point of the crack 

within grain 457. In Fig. 4.9 (d), the crack length is plotted with respect to the cycle number at 

which it was measured. The slope of this curve determines the crack growth rate through this grain. 

The magnitude of the 𝜏𝑀𝑅𝑆𝑆 and 𝜎𝑛 have been plotted above and below the curve in Fig. 4.9 (d), 

respectively. The 𝜎𝑛 on the critical plane plays the role of an opening stress-like term and its value 

is high throughout cyclic loading, with the exception of the last two points corresponding to the 

crack propagating through almost the entirety of the grain.  Likewise, surrogate models for SFC 

advancement have included a term for 𝜎𝑛 [127,132], with the present measurements confirming 

the importance of 𝜎𝑛 on the SFC rate. The magnitude of the 𝜏𝑀𝑅𝑆𝑆 is initially high until 26,000 

cycles, and the crack growth rate (i.e. slope of the curve in Fig. 4.9 (d)) is high as well, while 

between 26,000 and 41,000 cycles, 𝜏𝑀𝑅𝑆𝑆 has a lower magnitude, when the crack is simultaneously 

growing on the two parallel (1̅11)  planes and along the step connecting these planes. The crack 

growth rate also slows down during this period. After 41,000 cycles, both the magnitude of the 

𝜏𝑀𝑅𝑆𝑆  and the crack growth rate increase. It can be inferred from this trend that a correlation 

between the maximum resolved shear stress and the crack growth rate exists. The shear stress on 

the active slip system influences the crack growth rate, as it controls and enables slip processes 

which affect crack growth as proposed by Neumann [124] (originally for long cracks) and has been 

identified in surrogate models for SFC [127,132] and in the functional relationship expressed by 

Rovinelli et al. [126]. 

Finally, the most prominent crack plane, i.e. the (1̅11) , representing the first and third 

segments of crack growth in this grain, as discussed earlier, is analyzed through reciprocal space 

mapping in Fig. 4.9 (e). A diffraction spot for the (1̅11) plane in this grain is shown, in which 
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spreading of the spot indicates intragranular misorientation, presumably due to slip processes and 

cracking. At the beginning of the experiment, a crack is already present in this grain; as the crack 

progresses during the experiment, the grain is transitioning between the states described in the 

schematic represented in Fig. 4.6. (c) and Fig. 4.6. (d). The spot spreading is seen to increase until 

26,000 cycles, after which the crack starts bifurcating and cleaving the grain into two sub-grains, 

which is apparent in the gradual formation of two well-defined distinct spots (see Fig. 4.6(d) for 

schematic). This is presented as an exaggerated case of deformation to the lattice, due to opening 

of the crack tip, that can be quantified through the FWHM measures of the diffraction spot to 

capture the plasticity in the grain ahead of the progressing crack. From a continuum standpoint, 

the plastic zone ahead of the crack front has been found to be important in the past and is still used 

to understand crack growth phenomenon [102], while here we are able to determine the degree of 

plasticity in each grain ahead of the crack tip. In the last section, we explore the results of reciprocal 

space mapping to identify the role of plasticity in the grains ahead of the crack front on the SFC 

growth and arrest in distinct directions along the crack front.    

4.6.3 Plastic zone ahead of SFC 

Several researchers have found the necessity of transmission of plasticity to adjacent grains, 

ahead of the crack tip, for the propagation of a crack [133,147]. To place the plasticity ahead of 

the crack front into perspective, the mechanical stress state of the local grains ahead of the crack 

front and their evolution with respect to the approaching crack is interrogated first. A principal 

stress jack is a simple way of visualizing the complete stress state within a grain and has been 

advantageously used in the literature  [64,148]. In a stress jack, the arrows point along the direction 

of the eigenvector and the color of the arrows represent the eigenvalues of the stress tensor. In this 

way, the maximum principal stress and direction are captured, which also provides information of 

the reorientation of the stress tensor during crack advancement.  In particular, two grains have been 

selected for analysis in Figs. 4.10 and 4.11. In the first case, as shown in Fig. 4.10, the crack 

reaches grain 183, at 36,000 cycles, but with additional loading cycles, the crack does not 

propagate through this grain. In the second case, the crack advances in a constant direction through 

grain 1226, as shown in Fig. 4.11. In the SFC regime, the crack is on the order of the grain size 

and the entire plastic zone can be confined within a single grain at the crack front without extending 

to the neighboring grains. Grains adjacent to the selected grains (grains 183 and 1226) were 
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analyzed and found to have a very stable stress state and negligible evolution in their lattice 

deformation. In the next paragraphs, only the evolution of the selected grains will be discussed. 

In Figs. 4.10 (a) and 4.11 (a), we visualize the orientation of the maximum principal stress 

vector with the loading axis. In Figs. 4.10 (b) and 4.11 (b), the principal stress jacks have been 

shown.  In both of the grains analyzed here (grains 183 and 1226), the crack does not impinge 

upon the grain until 36,000 cycles. Prior to 36,000 cycles, the principal stress jacks are fairly stable; 

their stress state is constant due to the local grain neighborhoods. After 36,000 cycles, as the crack 

tip interacts and influences the grains of interest, the stress states in the corresponding grains start 

to evolve, which this stress state evolution will act to facilitate or resist crack propagation through 

this grain. For grain 183, the evolution in stress state is minimal with the magnitude of the 

maximum principal stress reducing after 36,000 cycles.  Potentially, the reduction of stress in grain 

183, as the crack interacts with this grain, leads to a crack arrest mechanism, whereas the crack 

does not further propagate through grain 183 during the entirety of the experiment. For grain 1226, 

the stress state significantly evolves, which presumably facilitates crack propagation, as the crack 

progresses through grain 1226 along a consistent direction.  We observed a correlation with the 

principal stress states in grains ahead of the crack tip and the conformance of the crack to either 

arrest or continue to propagate in these directions.  Similar observations have been made in [126], 

in which the principal stress metric was discussed as an opening stress on a SFC and the necessity 

to transition the SFC path to that of Mode I fracture with the applied loading.  Moreover, the 

authors observed the highest correlation between the direction of crack propagation with the 

alignment of the principal stress [126], which is in agreement with the present study. 
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Figure 4.10 Grain 183: (a) the angle between the maximum principal stress direction and the 

loading axis, (b) the evolution of the stress jacks as the SFC approaches and impinges on the grain, 

(c) the plasticity in the grain measured through average FWHM along η and 2𝜃 for {111} planes. 
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Figure 4.11 Grain 1226: (a) the angle between the maximum principal stress direction and the 

loading axis, (b) the evolution of the stress jacks as the SFC approaches and impinges on the grain, 

(c) the plasticity in the grain measured through average FWHM along η and 2𝜃 for {111} planes. 
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The deformation accommodated in the lattice of the analyzed grains, ahead of the crack front, 

show a much more interesting trend. The FWHM measures, of the corresponding diffraction spots, 

for grains 183 and 1226 have been quantified along two polar directions. An average FWHM value 

along η, which is a measure of lattice curvature, as a surrogate for intragranular misorientation, 

and average FWHM value along 2θ, which is a measure of heterogeneity in the lattice strains, as 

a surrogate for the stress gradient at the crack front are calculated. The average FWHM values are 

calculated from all the spots belonging to the {222} family of planes that were indexed for each 

grain. Average FWHM are reported, instead of distinct FWHM measures for each individual spot, 

so that the results are not biased by the direction of the diffraction vector and a single value of the 

distortion to the lattice is obtained for each grain at each state. Both these measures have been 

plotted in Figs. 4.10 (c) and 11 (c). It is expected that the damage accommodated in these grains 

will rise as the crack approaches. For grain 183, the crack starts impinging on it around 36,000 

cycles and there is a corresponding increase in damage (please see schematic in Fig. 4.6 (b)). But 

after 41,000 cycles, with no progression of the crack through this grain, the crack is seen to arrest 

and both FWHM measures start to decrease (corresponding to a decrease in the intragranular 

misorientation and stress gradient in this grain as shown in Fig. 4.10 (c)). While for grain 1226, 

both FWHM measures keep increasing as the crack progresses through this grain in a constant 

direction (see schematic in Fig. 4.6 (c)). It should be noted again that all the states were 

characterized, while holding the specimen at the same macroscopic load, so a reduction in the 

severity of the intragranular misorientation and stress gradients in distinct grains directly ahead of 

the crack front is unexpected.  Obstalecki, et al., observed a decrease in the intragranular 

misorientation for a specimen subjected to fully reversed loading [57].  In this study, it is expected 

that the grains directly ahead of the crack tip will be driven into compression when the sample is 

unloaded (for R=0 loading), which is in agreement with the findings presented in [57]. Typically, 

the plastic zone ahead of the crack tip is a continuum metric, which is essential for the description 

of a long crack and associated fatigue crack growth, as discussed in [88,102,117,129–132].  With 

the present study, emphasizing SFC, we can determine the degree of plasticity and directionality 

of plasticity in each grain ahead of the crack tip and associate this plastic behavior with the 

advancement, in terms of both crack path and rate, of the SFC. 

All the stress values used in this study have been obtained as grain-average values, with 

supplemental information provided by reciprocal space mapping, to obtain orientation and strain 



95 

 

gradients within each grain.  Lattice strain measurements at higher spatial resolution, within a grain 

ahead of the crack tip, will become possible with development of future measurement techniques.  

The subsequent analysis of crack propagation would benefit from techniques that allow us to 

further zoom into the region of interest through a point focused X-ray beam in a raster schema or 

dark field X-ray microscopy [149] to retain intragranular spatial fields of orientation and lattice 

strains. 

 Summary and Conclusion 

The high scatter in crack propagation rates and high variability in the propagation path and 

direction makes the short fatigue crack regime extremely difficult to model and predict. And, in 

the absence of experimental observations, impossible to validate and corroborate. In this paper, we 

present a dataset at the grain scale; created from careful registration between multiple X-ray 

characterization techniques to provide a physical basis and scale to our understanding of the short 

fatigue crack regime. These techniques were pertinently chosen, in order to target and determine 

the crack path tortuosity and progression with respect to the local microstructural features. The 

techniques have elucidated the heterogeneity in the evolving mechanical stress fields in 

conjunction with the deformation state in the grains around the SFC. The SFC was tracked from 

its initiation, as it propagated through the bulk of the Ni-based polycrystalline sample with   ̴1700 

grains characterized at ten different states through cyclic loading. The interaction of the SFC with  

 ̴50 adjacent grains has been studied in detail in regard to these heterogeneous micromechanical 

fields. 

Grain-level stress metrics, such as the von-Mises stress, hydrostatic stress, stress triaxiality and 

coaxiality of local grains were interrogated with respect to the propagating SFC. In particular, three 

parts of SFC progression were identified.  In two of these parts, the crack grew in an intragranular 

nature along two parallel planes, during which the stress triaxiality and hydrostatic stresses 

exhibited high magnitudes, analogous to the opening stress on the crack.  Afterwards, the crack 

formed a bridge across these two crack planes.  Low stresses and high values of the stress coaxiality 

metric were calculated in the grains in the vicinity of the crack bridge, as a result the crack grew 

in an intergranular fashion to form the bridge.  Of note, the intergranular SFC growth was along 

low energy grain boundaries, which was primarily attributed to their prevalence in this material.  
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The crack plane and the crack growth direction were observed to align with the most active 

slip system in a grain.  Slip system activity was determined unambiguously by establishing the 

maximum resolved shear stresses based on the crystallography and the stress-state determined 

within the individual grains by FF-HEDM. During intragranular crack growth, the crack grows on 

slip planes and slip directions determined by the 𝜏𝑀𝑅𝑆𝑆; further the normal stress relative to the 

most active slip plane serves as an opening stress during intragranular crack propagation. The 

magnitude of the 𝜏𝑀𝑅𝑆𝑆 shows a correlation with the crack growth rate within the grain, although 

more data would be necessary to substantiate this observation. 

Throughout this experiment, the crack front progresses in multiple directions through many 

grains.  The SFC path can be determined through the severity of the plasticity in the grains ahead 

of the crack front, in terms of the FWHM measures for intragranular misorientation or lattice strain 

gradient for each grain. An association to either the arrest or propagation of the crack, in certain 

directions, is found through the conformance of the principal stress states in the grains ahead of 

the crack tip.  Arrest in distinct directions is observed, along the crack front, for grains that display 

a decreasing evolution of the local micro-plasticity.  

 Supplementary 

The results of the reciprocal space mapping for the grains in the region of interest have 

been included in the supplementary. In Fig. 4.12, the average FWHM along the η and the 2θ 

directions have been presented for the {220} family of planes in the top row and for the {222} 

family of planes in the bottom row. These two families of planes were selected because they 

correspond to the slip plane and slip direction for the FCC crystal system. Each line in these plots 

represents the evolution of the FWHM for a specific grain through cyclic loading between 21,000 

and 52,000 cycles. On the left, for both FWHM measures, the grains adjacent to the crack are 

plotted. While on the right, for the FWHM along both η and 2θ, a random sampling of the grains 

away from the SFC have been plotted. These grains have been plotted to provide a baseline for 

comparison with the grains that are being influenced by the SFC. It is found that the grains ahead 

of the SFC front show an increasing trend in both the FWHM measures, as they start being 

influenced by the SFC. These grains, which show an increasing trend in both FWHM measures, 

are undergoing plastic deformation and subjected to a stress gradient due to the SFC.  The plot 
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permits the easy identification of the grains directly ahead of the SFC and can be used to define 

the extent of the plastic zone ahead of the SFC front.  

However, the values being plotted in Fig. 4.12, are averaged for all the symmetric planes 

defined by the families of the {220} or {222} planes. As described in Section 4.6.2, the slip 

processes are limited to a select set of slip systems, depending on their alignment with the SFC 

and the macroscopic loading axis. To determine these slip systems, the histograms of the FWHM 

measures along η and 2θ have been plotted for each individual plane in the {220} and {222} 

families of planes in Fig. 4.13. For both FWHM measures, the histograms at 21,000 cycles have 

been plotted in the left column, while in the right column, the histograms for the FWHM measures 

at 52,000 cycles have been plotted. Thus, the evolution of lattice deformation in the grains around 

the SFC between 21,000 and 52,000 cycles can be inferred. In the histograms for FWHM along η, 

we find that the tails of the curve move rightwards to higher FWHM values. This serves as 

additional proof that only a few select slip systems are activated due to their alignment with the 

SFC and the macroscopic loading direction. For the FWHM measures along 2θ, we find that the 

histogram broadens rightwards, to higher values of FWHM. This implies that the elastic strain due 

to the SFC propagating through these grains is accommodated on multiple planes. In conclusion, 

from such Figs. 4.12 and 4.13, we can determine the grains ahead of the crack front that are 

plastically deforming, and more specifically, the select planes that undergo slip activity and the 

planes, in which elastic strain energy is being accommodated, due to the approaching SFC.  
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Figure 4.12 Average FWHM along η and 2θ determined for the {220} and {222} family of planes 

and plotted against the cyclic loading state for grains adjacent to the SFC and a random selection 

of grains away from the SFC (provided as a baseline). Each color represents a grain averaged value. 

All FWHM values are in degrees (°). 
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Figure 4.13 Histogram of FWHM along η and 2θ for the {220} and the {222} planes for each grain 

adjacent to the SFC between 21,000 cycles and 52,000 cycles. Each color represents a grain 

averaged value. All FWHM values are in degrees (°). 
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5. VOID COALESCENCE AND DUCTILE FAILURE IN IN718 

ILLUMINATED THROUGH HIGH ENERGY X-RAYS 

A complete description of the chapter can be found in:  

D. Naragani, J.S. Park, P. Kenesei, M.D. Sangid, Void coalescence, and ductile failure in IN718 

illuminated through high energy X-rays, (2019), under review.  

 Chapter Abstract 

Ductile failure through the growth and coalescence of voids is of particular relevance for many 

engineering materials.  Yet, the lack of experimental measures of the mechanical state of the 

material at the correct length scale has limited further understanding of the regime of ductile failure. 

In this study, we explore local grain-scale measures for their relevance as a physical basis for 

ductile failure. Additive manufactured materials, due to the presence of inherent porosity, as well 

as the ability to tailor porosity, provides a promising avenue to study ductile failure. Selective laser 

melting is used to manufacture a specially designed specimen with two large, internal voids, in 

addition to the natural porosity, which is characteristic to the production process. The initial 

porosity and its evolution upon tensile loading are characterized in this study via micro-

tomography. Several locations of void coalescence are captured in the sample, revealing activity 

of multiple modes of failure. Finite element simulations of a homogenized material continuum, 

instantiated with the initial void structure, is able to predict the geometrical localizations at the 

sites of coalescence but does not identify the mechanism. The heterogeneous micromechanical 

state that is created around voids due to grain interactions, in an industrially relevant 

polycrystalline alloy, is captured via far-field high energy diffraction microscopy. These 

experiments determine narrow bands of low stress triaxiality, at the onset of failure, which 

highlight the path of coalescence through inter-void shearing. Reciprocal space mapping has been 

interpreted in terms of intragranular plasticity and strain heterogeneity, which can be coupled with 

high triaxiality to form necessary and sufficient conditions for coalescence through inter-void 

necking. In this study, the experimentally determined grain-scale description of the 

micromechanical state has created a physical basis that can accurately capture both the sites and 

the mechanism of void coalescence at the onset of ductile failure.  
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 Introduction 

Additive manufacturing (AM) offers tremendous potential as a rapid and versatile process to 

produce parts with complex geometries at a lower cost, material consumption, and environmental 

footprint than traditional subtractive manufacturing methodologies [150]. However, Ni-based 

superalloys produced via the AM process are inherently associated with processing defects in the 

form of microporosity [151]. Rapid qualification strategies are becoming increasingly reliant on 

modeling and simulations, which have shown varying degree of success in the accurate prediction 

of the macroscopic response of the material. For example, the peak load, the fracture strain, the 

path of failure, etc. are easily over-predicted as documented in the Sandia Fracture challenge [33]. 

The main limitations of constitutive models is in a realistic description of the intrinsic state of the 

material and the proper calibration of material properties at an appropriate length scale. The level 

of detail and the length scale that is requisite for this task is an open question, but a suitable 

approach should have the capability of capturing the complex anisotropic response of the material 

in the vicinity of sites of eventual failure. It is hypothesized that the grain-scale provides a 

heterogeneous description of the micromechanical state that can capture all the necessary and 

sufficient conditions to create a physical basis for understanding the regime of ductile failure. In 

this paper, we will study void growth and void coalescence in a Nickel-based superalloy produced 

via an AM process, under tensile loading, through in-situ characterization of the micromechanical 

state at the grain scale through X-ray experiments. 

The mechanisms of void growth and coalescence are three dimensional and stochastic in nature, 

and a thorough investigation of the size, shape, and relative position of voids, in the bulk of a 

specimen, presents several experimental challenges. Experimental approaches are often limited to 

surface observations or post-mortem fractography via optical or electron microscopy. Surface 

observations are representative only in plane strain conditions like in experiments performed 

originally by McClintock [152] with a cylindrical hole machined in two-dimensional plates, which 

others have extended to multiple holes in regular and random arrays [153,154]. Otherwise, in 3D 

components and samples, surface information can be inconsistent with localizations that exist in 

the bulk of the material that initiate cracks and may only represent the incipient shear processes 

before terminal fracture [155]. Noell et al. have conducted detailed fractography to identify as 

many as seven different failure mechanisms that may be operating within the material facilitating 

and interacting with one another. Only full-field measurements of the activity in the bulk of the 
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sample, due to macroscopic loading, can hope to capture all these incipient mechanisms. 

Experimentally, it is difficult both to manufacture and measure the evolution of a three-

dimensional distribution of internal voids, in order to study their interaction during loading.  These 

limitations are overcome, in the present study, via a combination of instantiating the pores through 

computer aided design prior to the AM build process and micro-tomography characterization.  

The geometrical stress concentrations created by the void structure within a material play a 

significant role in the localization of the structural response of a material. Void growth and 

coalescence have been classically studied extensively on the continuum scale, through solid 

mechanics theory and modeling [156–159]. These studies for ductile failure were predicated upon 

a homogenized description of the continuum with numerical computations with a representative 

void, [160–162] which are idealizations to explore the fundamental basis of the ductile failure 

process. Finite element implementations to model the homogenized material with options to 

describe the flow characteristics and failure criteria in detail [33] are more common nowadays, 

albeit on idealized pore structures. In this study, a representative pore structure was characterized 

via µ-CT and used to instantiate a finite element model to analyze ductile failure.  

The microstructure of a material plays an important role in the intrinsic properties of the 

material and the ensuing mechanical response of a polycrystalline sample due to macroscopic 

loading. The anisotropy created by the grain structure will generate a heterogeneous response from 

the material in competition with the geometrical stress concentrators. Carroll et al. [163] and 

Battaile et al. [164] have shown that the variation in effective plastic strain can be as high as 37% 

and the localization in extreme values can be twice as high as those in the absence of the 

microstructure. The interaction of voids with internal stresses has also been studied in [165–167] 

through crystal plasticity simulations, in order to account for the effect of the grain structure, but 

these approaches would benefit, in terms of calibration and validation, from information at the 

same scale. The relevance of the grain structure has not been explored via experiments for the 

mechanisms of ductile failure. Bao et al. [162] created a failure locus of fracture strain as a function 

of stress triaxiality to demonstrate the importance of stress triaxiality on the incipient mechanisms 

of ductile failure. The onset of damage before ductile failure can be localized to microscopic 

ligaments within the material and the stress triaxiality in these ligaments needs to be characterized 

to ascertain the local competition between mechanisms. Ghahremaninezhad et al. [168–170] used 

a technique based on the change in grain size to estimate local strain levels on the surface of the 
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sample. In this study, high energy X-ray diffraction microscopy (HEDM) [47,48,50,67,92,151,171] 

has been employed to identify and measure the grain-level micromechanics.   

The advent of advanced X-ray characterization techniques has enabled the use of high-energy 

synchrotron X-rays to non-destructively characterize and track the micromechanical state of a test 

specimen during simultaneous mechanical loading. High-resolution X-ray micro-computed 

tomography (µ-CT) has been used extensively in the past to interrogate the internal structure of a 

specimen [106,107,172–175]. In this implementation, µ-CT uses a classic rotation method with a 

parallel X-ray beam to obtain projections, which help decipher the density variations within the 

sample and thus aids in the characterization of the void structure (due to the lack of material inside 

voids) within the bulk of the specimen. The evolution of the size, shape, and position of the voids 

due to tensile loading can be tracked and locations of failure documented via µ-CT. The µ-CT 

technique is complemented by far-field high energy diffraction microscopy (HEDM), which uses 

an identical setup: a single-axis goniometer perpendicular to the incident X-ray beam and a large 

framing area detector placed further downstream [47,48,50]. Far-field HEDM characterizes the 

microstructure surrounding the voids in a polycrystalline specimen by determining the centroid 

position, average orientation, and lattice strain for each grain in the volume illuminated via X-rays. 

This enables the unambiguously determination of the local stress states (via the measured lattice 

strains) in the material around the voids in critical regions of the bulk polycrystalline sample. These 

techniques will be elaborated further in Section 5.4. 

Reciprocal space mapping is an X-ray diffraction technique used to determine the intragranular 

orientation spread and lattice strain heterogeneity in the diffracting grain. High-energy X-ray 

diffraction techniques have the ability to provide local measurements due to the underlying grain 

structure because of their sensitivity to the crystal lattice within the grains. However, there is a 

need to interpret the diffraction-based measures, in terms of classical understanding of plasticity 

and strain heterogeneity, in order to understand the mechanical response under ductile failure. 

Pagan et al. [176] have used similar measures to study sub-surface shear band formation, in terms 

of slip activity, in single crystal samples. In this paper, we offer perspectives on interpreting some 

intragranular measures determined via reciprocal space mapping and seek their relevance for the 

regime of ductile failure. Multi-modal X-ray characterization experiments have been performed 

during a tensile test of an additively manufactured Ni-based superalloy with voids to pinpoint the 

regime of ductile failure through a comprehensive dataset that traverses several length scales. This 
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enables a multi-scale analysis of the growth and coalescence of voids to assess the benefit and 

limitation of each scale and the relevance of a grain-scale analysis for ductile failure.    

The paper has been divided into 7 sections. In Section 5.3, the details of the material used in 

the study are described. In Section 5.4, the techniques used to determine the micromechanical state 

of the region of interest are detailed. In Section 5.5, the results of the µ-CT, far-field HEDM, and 

finite element simulations are presented along with the implementation of the Rice and Tracey 

model [156]. In Section 5.6, a multi-scale analysis has been carried out, in order to assess the 

important contributions of each length scale in terms of critical attributes and their limitations in 

assessing ductile failure.  This study highlights the potential benefits of a grain scale analysis to 

understand ductile failure, and finally, in Section 5.7, the overall conclusions from this study are 

summarized.  

 Material 

In this paper, we study ductile failure through void growth and coalescence in a Ni-based 

superalloy, Inconel 718 (IN718), which is commonly used for high temperature applications [1]. 

In this study, the specimens are produced via additive manufacturing, specifically selective laser 

melting (SLM), which uses a high power-density laser to melt a thin layer of atomized fine metal 

powder in successive layers to build a part. The composition of the commercially available, gas-

atomized powder can be found in the EOS material datasheet [177]. The AM build was post 

processed via a three step procedure – (i) vacuum homogenization at 1177 ֯C for one hour followed 

by two bar argon cooling at 38 ֯C/h to below 538 ֯C, (ii) solution annealed at 982 ֯C followed by 

argon cooling, and (iii) ageing treatment at 718 ֯C for 8h followed with furnace cooling to 621 ֯C 

at which the sample was held for 18h before argon cooling to 149 ֯C. It is important to note these 

samples were not subjected to a hot isostatic pressing process, to preserve the intentional void 

structure.  The γ phase of the Ni matrix has a face centered cubic (FCC) crystal structure with 

lattice constant of 0.3595 nm, determined via calibration of the far-field HEDM analysis in this 

study. The primary strengthening mechanism in this material is through a nanoscale γ’’ phase with 

chemical composition Ni3Nb and a BCT crystal structure [178].  Also, this material exhibits a γ’ 

precipitate structure with chemical composition of Ni3(Al,Ti,Nb) and a L12 ordering structure 

present in primary, secondary and tertiary sizes [151]. The post-processing resulted in regularized 
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grains with a random textured suitable for X-ray diffraction experiments.  The mean grain size in 

the material was found to be 48 µm accounting for twins and 80 µm when twins were merged with 

the parent grains (determined through electron back-scatter diffraction in [151]). The material 

exhibited a large distribution of grain sizes (20 µm - 220 µm). Complete characterization of the 

precipitates and microstructure for the same batch of material (in terms of AM and heat treatment) 

are discussed in detail in references [151,178]. 

 The specimens were designed as cylinders of 6.31 mm and height of 50.80 mm (with height 

aligned to the vertical build orientation).  Additionally, the samples were seeded with two large, 

internal voids with a nominal diameter of ~400 µm.  The two voids lie approximately on the same 

horizontal plane and are offset from one another by ~400 µm.  During the build, a fiducial mark 

was placed on the top of each specimen to indicate the alignment of the two voids within the 

cylinder. These voids will, henceforth, be referred to as the seeded voids. The specimens were wire 

electro-discharge machined to enclose these seeded voids within the 10 mm long gauge section.  

Further, the cross-section of the gauge was a 1.5 mm X 1.5 mm square with the seeded voids 

aligned along one of the diagonals (as pre-determined by the fiducial mark), as shown in Fig. 5.1(a). 

The specimen had several voids due to the SLM process as well, please see Fig. 5.1(b). There is 

an increased susceptibility of voids to develop around the seeded voids, due to changes in the 

overall density of material, leading to variations in the heat conductivity path [179]. For the 

remainder of the study, these voids will be referred to as the natural voids in the sample. Details 

of the SLM process, as well as the resulting microstructure and properties for IN718 specimens, 

with respect to the build direction, are discussed in [151,178,180]. Many of the voids in the sample 

are oblate in shape, due to the vertical build orientation of the specimen, as can be seen in Fig. 

5.1(c). Figure 5.1(d) displays the largest cross-section of the seeded voids. There are several natural 

voids that are above and below this cross-section. The stresses are expected to be localized in slice 

B (Fig. 5.1(d)) because of the reduced cross-sectional area of the IN718 material, and hence this 

slice will be discussed in detail in Section 5.5. 
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Figure 5.1 (a) Specification of the specimen for X-ray characterization experiments, (b) Void 

distribution in the region of interest around seeded voids, (c) Cross-section A of the ROI showing 

the shape of the seeded voids and the natural voids around them, and (d) Cross-section B at the 

largest area of the seeded voids marked with a void coalescence site that will be discussed in detail. 
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  Loading and X-ray Characterization Experiment 

The in-situ loading and X-ray characterization experiment was performed in the E hutch of 

beamline 1-ID at the Advanced Photon Source in Argonne National Laboratory. The specimen 

was loaded via a portable in-house load frame, used previously in [64]. The load frame employs a 

displacement controlled screw-driven motor to apply a tensile load to the specimen. During 

loading, a Prosilica GX2750 camera was used to conduct digital image correlation (DIC) on the 

face of the specimen, in order to determine and track the macroscopic strain state. Loading was 

guided by baseline stress-strain curves for similar sample geometries with seeded voids.  The 

sample was loaded in displacement control and the tests were interrupted at distinct displacements 

to perform X-ray characterization techniques. The sample was loaded up to 3.44% macroscopic 

strain. The states marked in Fig. 5.2(a) will be discussed in the remainder of this paper. States 1 

and 2 are chosen to represent the macroscopic strains before and after the macroscopic yielding of 

this sample. Due to the reduced cross-section in and around slice B, most of the deformation within 

the gauge length of this specimen are localized in this region.  States 5 and 6 are captured before 

and after instances of void coalescence, respectively, in slice B within the sample. 

High energy X-rays at the Re K-edge corresponding to energy, E = 71.676 keV, and a 

wavelength, 𝜆 = 0.172979 Å, are used to characterize the 1.5 mm X 1.5 mm square cross-section 

of the Ni-based superalloy.  Two X-ray techniques are employed throughout this study in sequence.  

First, µ-CT was performed in the parallel beam configuration using an area detector with a 3 mm 

field-of-view and 1.5 µm pixel size, at   ̴100 mm distance from the sample. The X-ray beam size 

used for µ-CT in this study was 1.5 mm tall and 2.5 mm wide. The sample was rotated over a 360° 

angular range and radiographs were captured after every 0.2° increment. The posts of the load 

frame blocked the direct X-ray beam for an angular range of ~25°, while rotating along the loading 

axis (ω). The scans were reconstructed through TomoPy [181]. The missing projections have been 

calculated through the use of ω frames before and after the beam was blocked in the procedure 

described in [107]. Finding the region of interest was fairly straightforward, since the large seeded 

voids were visible in the radiographs.  Noise was reduced via a median filter along with erosion 

and dilation processes within ImageJ [182]. Ring artifacts were suppressed through the Gaussian 

localization of the ring center in Hough parameter space followed by polar transformation and 

removal of the obtained linear stripes through a median template filter [183], the entire algorithm 

has been outlined by Jha et al. [42]. The voids inside the region of interest have a darker intensity 
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in the reconstructed images, which was used for segmentation. The statistics of the void 

distribution and its evolution upon loading is discussed in Section 5.5. Voids as small as 3 µm3 

could be detected at the resolution limit, according to the Nyquist theorem. Upon µ-CT analysis, 

we observed unmelted, loose powders trapped within the seeded voids.  Due to the low packing 

density of these powders, they did not carry load and influence the subsequent experiment. In Fig. 

5.2 (b-f), the evolution of the region of interest is depicted. After 0.9% strain, the sample 

experiences macroscopic yielding, and by 3.08%, necking of the sample can be clearly observed 

in the radiographs, please see Fig. 5.2 (e-f). Between 3.08% and 3.44%, void coalescence occurred 

at a few locations around the large seeded voids. Two of these locations have been marked in Fig. 

5.2(g). 

The state of the grain structure around the voids was characterized through far-field HEDM. 

Far-field HEDM requires a setup identical to µ-CT except with a flat panel detector with a large 

field of view kept further downstream. An amorphous silicon flat panel detector with an array of 

2048 X 2048 pixels and 200 µm/pixel was placed   ̴850 mm from the sample. The sample was 

rotated along the loading axis over a range of 360° and frames were saved every 0.25°, while the 

sample was illuminated by an X-ray beam 30 µm tall and 2.5 mm wide. A 30 µm beam was chosen, 

in order to capture the large range of grain sizes in this material considering accurate indexing of 

all associated diffraction spots is limited by the dynamic range of the detector. Twenty scans were 

used to characterize the 600 µm tall volume, centered around the large seeded voids. Re-centering 

around the region of interest after each load state is crucial for tracking the indexed grains. A rigid 

body translation in the vertical direction is informed by loading displacements measured by DIC 

and employed for correction of the sample position, as described in [64]. This correction facilitated 

the re-centering of the region of interest in the X-ray beam.   
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Figure 5.2 (a) Macroscopic stress vs. DIC strain curve. States which will be discussed in this paper 

have been indicated, (b)-(f) µ-CT reconstruction and segmentation results at each characterized 

state. The onset of ductile failure is captured through macroscopic necking at State 5 (e) and 6 (f), 

(g) Sites of void coalescence in cross-section A are shown at State 6. 
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Grains were indexed by using the third through eighth Debye-Scherer rings corresponding to 

the {220}, {131}, {222}, {040}, {331}, and {240} lattice planes. The inner rings were attenuated 

using lead tape, in order to obtain higher intensity on the outer rings to obtain higher strain 

resolution. The setup was calibrated, and the scans were reconstructed through the microstructural 

imaging and diffraction analysis software (MIDAS) [51,52]. The reconstructions provide the grain 

centroid position, grain averaged orientation, and the grain averaged lattice strain for each grain 

illuminated in the region of interest. A spatial resolution of ~20 µm for the centroid position, an 

angular resolution of 0.1° for the orientation, and a lattice strain resolution of 1e-4 are commonly 

reported for the far-field HEDM technique [52,53]. The indexing procedure relies on accurate 

determination of the centroid of a diffraction spot, a task that becomes increasingly difficult with 

spot spreading due to deformation of the diffraction grain. The search space was seeded with 

orientations of grains found in the initial state and their positions and strains were refined for 

successive load steps, in order to improve the accuracy of reconstruction at higher strain states. 

Approximately 150 grains were found in each 30 µm box at the initial state. The results will be 

discussed in Section 5.5. The stress is calculated from the lattice strains through the single crystal 

stiffness tensor for IN718 provided in [184] with C11= 242.36 GPa, C12 = 139.73 GPa and C44 = 

104.44 GPa.  The stiffness tensor was confirmed via a series of modeling efforts for this material, 

as described in [167]. 

Spot spreading is primarily due to the deformation of the lattice in the diffracting grain. The 

damage to the lattice can be broadly divided into two contributing, yet distinct, parts: the curvature 

in the lattice and the distribution of the lattice strains within the grain (i.e. an elastic strain gradient). 

Since X-ray diffraction measures the orientation of the lattice planes and the lattice spacing with 

high resolution, it is inherently able to capture these curvatures and heterogeneities within a grain. 

In an ideal case, the well order lattice within a grain, between voids, will have perfectly aligned 

lattice plane normals and a lattice spacing that is consistent throughout the grain, as shown in Fig. 

5.3(a). This results in a sharp and well defined diffraction spot. In Fig. 5.3, a schematic of the 

evolution of two voids are shown, where the radius of the initial spherical voids is indicated by 𝑅𝑖, 

and after growth of the voids, the major and minor axes of the voids are indicated by 𝑅0
𝑓
 and 𝑅𝜋/2

𝑓
, 

respectively (with notation adopted from [156]).  Hence, as the voids grow (𝑅0
𝑓

> 𝑅𝑖) and the 

spacing between the voids reduces (𝑆𝑓 < 𝑆𝑖), the geometric deformation is accommodated by the 

lattice of the grains through their curvatures and strain heterogeneities, as shown in the schematic 
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in Fig. 5.3(b). Commonly the spot spreading is quantified through the full width at half maximum 

(FWHM) metrics, along two decoupled polar directions.  Along 2θ or the radial direction, the 

FWHM corresponds to the heterogeneity in the lattice strains within the grain [57,58].  The FWHM 

along η (along the azimuth on the detector) or ω (across frames during rotation of the sample) 

corresponds to the curvature of the lattice planes within the grain [57,59]. In this polycrystalline 

sample, multiple grains accommodate the deformation in the region of interest. An in-house code 

was developed in an effort to quantify this damage within the grains via the FWHM measures on 

all diffracting planes. A virtual diffraction simulation, as described in [58], was adapted from 

algorithms in MIDAS and used to determine the peak positions from the reconstructed grains. The 

simulator was coupled with an extraction and thresholding procedure, in order to determine the 

FWHM of all the spots indexed to a grain. 

 

 

 

Figure 5.3 Schematic of lattice deformation in the matrix within the inter-void region represented 

through a single grain at (a) the initial state, before loading, with a well ordered lattice and at (b) 

after void growth, due to a macroscopic load, with damage accommodated through lattice 

curvature and intragranular strain heterogeneity. 

 

 Results 

The registration between the multimodal X-ray characterization techniques of µ-CT and far-

field HEDM is necessary to accurately determine and track the grains around the voids. In Fig. 

5.4(a), the grain centroid and void distribution, determined from the two techniques, have been 

compiled and consolidated. After consolidation, a pipeline in Dream3D was used to create a 
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Laguerre tessellation from the grain centroids, in order to fill the scanned volume and render the 

region of interest. Laguerre tessellations are weighted by the size of the grains, which are correlated 

to the relative intensity values of the diffraction spots through MIDAS, and thus, represent a truer 

representation of the microstructure within the region of the interest (Fig. 5.4(b)). The grains in 

the slice at the center of the gauge, around the two large seeded voids and several smaller natural 

voids, will be shown in the remainder of this section, please see Fig. 5.4(c). 

 

 

 

 

Figure 5.4 (a) Scatter plot of the grains found through far-field HEDM reconstruction after 

registration with the void distribution in the specimen determined through µ-CT. (b) Laguerre 

tessellation performed in Dream3d to render the region of interest. (c) Grains in cross-section B, 

around the voids have been extracted for further analysis. 

 

5.5.1 Void evolution 

The change in porosity due to tensile loading has been determined via µ-CT and depicted in 

Fig. 5.5(a). The majority of the initial volume of voids is due to the two large seeded voids in the 

gauge section. As expected, the porosity increases with tensile loading. The slope of the initial 

segment, before 0.6% strain, is fairly gentle, as the material is predominately elastically loaded. 

The increase in porosity is almost entirely due to the growth of the two seeded voids. The increase 

after 0.6% and before 3.08% strain is very stable. Between these states, the sample is 

macroscopically plasticizing. Between 3.08% and 3.44%, voids coalesce at a few locations, please 
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see Fig. 5.2(g). The rupture of the material between these voids causes a sharper increase in the 

amount of porosity. The sample fractures right after 3.4% macroscopic strain.  

 

 

 

Figure 5.5 (a) Change in porosity due to macroscopic loading and (b) the cumulative distribution 

function of the equivalent spherical radius of the voids with reference to the grain size (from EBSD) 

and the size of the seeded voids.  
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In this study, we have a large range of void sizes, as shown in Fig. 5.5(b). The smallest void 

that can be detected is 2 pixels wide in each dimension, which for the current detector is equivalent 

to a sphere with a radius of 1.5 µm. The mean natural void radius, at the initial state, is 8 µm, while 

the largest natural void found at the initial state is 44 µm.  The natural voids are a consequence of 

trapped gas during the AM build and are either spherical or slightly oblate along the tensile axis 

of the specimen.  No keyhole or lack of fusion-bonding type voids were observed in these 

specimens.  The seeded voids, manifesting from the computer aided design of the part, are 162 µm 

and 170 µm in equivalent spherical radius at the initial state. Likewise, the seeded voids are 

initially oblate in shape aligned with the tensile axis of the sample. The growth of voids is not 

isotropic in nature; the voids elongate in the tensile dimension, while they contract in the transverse 

dimension [156]. Therefore, the voids in the sample become prolate with tensile loading. The 

growth of the voids is tracked by calculating an equivalent spherical radius which is a close but 

approximate measure of the actual oblate or prolate shape of the void. Thus, the change in the 

cumulative distribution function of the equivalent void radius, with tensile loading, is minimal (Fig. 

5.5(b)) despite the change in total porosity captured in Fig. 5.5(a).  The implementation of the Rice 

and Tracey model to account for the non-uniform growth of the voids will be discussed in Section 

5.5.3. 

5.5.2 Finite element simulation 

 Classical models for ductile failure are predicated upon a homogenized description of the 

material; often in an idealized fashion with a single void in a unit cell or a well ordered distribution 

of voids generally of the same size. This conventional rendition is useful in understanding the 

mechanisms of ductile failure, but, is not representative of real materials which have a stochastic 

distribution of void shapes, sizes, and locations. First, a finite element simulation was initialized 

with a homogenized material description and an identical state of void distribution, as that captured 

for the sample upon the initial µ-CT characterization. This allows us to bridge the rationale behind 

the conclusions from classical studies of void growth and coalescence (representing the 

mechanical state due to the actual void distribution), while providing a comparison to the 

micromechanical state identified from the HEDM experiment. A linear elastic-plastic material 

model with J2 plasticity (determined from the macroscopic stress-strain data [151]) was used in 
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Abaqus to describe the homogenized continuum. The voxelized µ-CT data was meshed in 

Paraview. The distribution of the micromechanical fields from the simulation have been depicted 

in Fig. 5.6, specifically the total strain component in the loading direction, the stress in the loading 

direction, the hydrostatic stress, and the stress triaxiality (which is defined as the ratio of the 

hydrostatic stress to the von Mises stress). Through this simulation, we can determine the local 

value of these stress measures in the sample due to the actual shape, size, and location of the voids.  

 

 

 

Figure 5.6 Results of the elastic-plastic FEM simulation of the homogenized continuum for 

cross-section B: (a) total strains in the loading direction, (b) stress in the loading direction, (c) 

hydrostatic stresses, and (d) the stress triaxiality. 

 



116 

 

 

The stress in the loading direction is high in the transverse plane containing the voids. As 

expected, the hydrostatic stress and the stress triaxiality are concentrated in the inter-void region 

(between the seeded voids and natural voids) as shown in the inset in the last column of Fig. 5.6(c). 

A high value of these stress measures is associated with rupture in the material, which is described 

through nucleation of secondary voids [158,185,186], typically an order of magnitude smaller in 

size than the primary voids, that accelerate the damage process. Moreover, another perturbation to 

the micromechanical fields is observed due to natural voids existing above and below the plane 

shown in Fig. 5.6.  These natural voids create low stress regions in the slice shown, please see inset 

in the last column of Fig. 5.6(a). This creates sharp gradients in the stress fields. From the 

continuum simulations, we observe that several factors, including the shape, size, and proximity 

of the voids, play a role in the micromechanical response. The inter-void region will be discussed 

further in Section 5.6, in order to understand the mechanism of void coalescence in 3D. 

The two seeded voids have high stresses around them, since they act as stress concentrators. 

These stresses are very high, even at 0.6% macroscopic strain, which is before the macroscopic 

yield point. This stress concentration explains why the large seeded voids start to grow much 

before the macroscopic yield for the material (as mentioned in Section 5.5.1). The natural voids 

show similar stress concentrations but to a lesser degree due to their smaller size. Some natural 

voids have irregular shapes, which increases the stress concentration around them, please see inset 

in last column of Fig. 5.6(c) for an example. With successive loading, the stress fields around the 

large seeded voids expands and is superimposed with the stress field around the adjacent smaller 

natural voids. Between 3.0% and 3.4% macroscopic strain, several natural voids coalesce with the 

bigger seeded voids, as shown in Figs. 5.1(d) and 5.2(g). These regions have been extracted and 

will be discussed in Section 5.6. 

5.5.3 Grain-averaged micromechanical state 

 The average grain size for this material is 48 µm, when twins are considered as separate grains. 

As previously mentioned, the grain size distribution is broad, implying that there are very small 

and very large grains in this material [151]. More heterogeneity in the strain response around the 

void is expected, as the ratio between the void size and the grain size decreases [163]. Thus to 

understand the failure mechanism, it is necessary to incorporate the evolution of the 
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micromechanical state of the grains, especially around the voids. The lattice strain and stress 

distributions, determined from the far-field HEDM characterization of the region of interest, have 

been shown in Fig. 5.7. Immediately, the heterogeneity in stress distribution due to the 

microstructure is evident. Small misalignments from the load frame and imbalances in the sample, 

due to the distribution of voids, result in a slight bending load present in the initial stages of the 

experiment. As shown in the first column of Fig. 5.7, the sample developed a small tensile load 

towards the left corner of the images shown and a compressive load towards the right corner. There 

are also small variations due to the type II residual stresses in the microstructure. The initial state 

and the type II residual stresses in the grains are very small but can affect the response of the 

material [187].   

With successive loading increments, the strains and stresses increase in the cross-section 

shown in Fig. 5.7. From the plots for the hydrostatic stress and the stress triaxiality in Fig. 5.7(c-

d), the stresses concentrate around the two large seeded voids, but are extremely heterogeneous 

from 0.6% onwards. The stresses concentrate at the center of the sample and towards the left corner 

by 0.9% strain. Between 3.08% and 3.4% strain, some cases of void coalescence occur which 

relaxes the stress in several locations [188]. Far-field HEDM relies on the accurate determination 

of the centroidal position of the diffraction spots on the detector, which are used to measure the 

lattice strains in each grain. After the sample has been significantly deformed, these diffraction 

spots start spreading, images of spot spreading have been shown previously for this material in 

[151]. This leads to higher possibility of errors for the elastic strain determined for each grain. At 

the same time, the values of the FWHM, determined from reciprocal space mapping, become 

significant and useful to explain the mechanical behavior. All the grains found in the initial state 

have been identified and their orientations are seeded in subsequent reconstruction analyses 

through the six loading states, in order to reliably track the lattice strains evolution in each grain. 

The damage in selected grains, around coalescence sites, is determined from reciprocal space 

mapping of their respective lattice structures and will be discussed in Section 5.6. 
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Figure 5.7 Results from the far-field HEDM reconstruction for cross-section B: (a) lattice strains 

in the loading direction, (b) stress in the loading direction, (c) hydrostatic stresses, and (d) the 

stress triaxiality. 

 

5.5.4 Rice and Tracey model 

 Rice and Tracey [156] described a variational principal to characterize the flow field in an 

elastically rigid and incompressible plastic material, containing an internal spherical void or voids, 

subjected to a remote stress field. The evolution of an initially spherical void with radius 𝑅𝑖 is 

described through the following relation: 
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𝑅0
𝑓

= [exp(𝐷휀𝑡) +
1+𝐸

𝐷
(exp(𝐷휀𝑡) − 1)] 𝑅0

𝑖             (5.1) 

𝑅𝜋

2

𝑓
= [exp(𝐷휀𝑡) −

1+𝐸

2𝐷
(exp(𝐷휀𝑡) − 1)] 𝑅𝜋

2

𝑖                 (5.2) 

Where 𝑅0
𝑓

 and 𝑅𝜋

2

𝑓
 are the principal radii of the ellipsoidal void in the tensile and transverse 

directions, respectively. The macroscopic true strain, in the loading direction, is given by 휀𝑡. In 

Eqs. 1 and 2, the growth of a void is established as the superposition of a uniform volume changing 

term (described by a scalar D) and a shape changing term (described by a scalar 1+E). The 

dilatational field, D, is defined as follows: 

𝐷 = 0.588 sinh (
3

2

𝜎𝐻

𝑌
) + 0.008 cosh (

3

2

𝜎𝐻

𝑌
)        (5.3) 

According to Rice and Tracey, the shape changing term is dependent on the hardening behavior of 

the material, where E = 5/3 is appropriate for strong hardening or very low triaxiality in a non-

hardening material or E = 2 is appropriate for weaker hardening or higher triaxiality in a non-

hardening material.  For the present material in this study, E = 2 is appropriate to describe the 

shape changing behavior. In Eq. 3, the ratio of the hydrostatic stress (𝜎𝐻) and the yield stress (Y) 

represent a form of the stress triaxiality, which is determined by [174,189], as follows:  

𝜎𝐻

𝑌
=

1

3
+ ln (1 +

1

2
√휀𝑡 − 휀𝑛)       (5.4) 

The necking strain (휀𝑛) is determined from the intersection of the true stress (𝜎𝑡) and the work 

hardening rate (
𝑑𝜎𝑡

𝑑𝜀𝑡
) curves as a function of the true strain (휀𝑡). The stress-strain curves from [151] 

were used for calculating 휀𝑛, which was found to be 0.55%. 

The above equations were used to determine the expected growth of an internal void or voids 

for the actual sample. The true change in the tensile and transverse dimensions of all the voids in 

the sample has been determined through µ-CT. The cumulative change in the dimensions of the 

voids in the region of interest has been plotted in Fig. 5.8(a) with solid lines. The curves of the 

prediction of the model have been plotted in Fig. 5.8(a) through dashed lines. The Rice and Tracey 

model displays a good agreement with the experimental measurements.  From the graph, the model 

provides an incomplete description of this behavior at two particular locations – the macroscopic 

yield point of the material and the point prior to material failure. The reason behind these 

deviations will be discussed in Section 5.6. 
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Figure 5.8 (a) Comparison between the cumulative dimension of the aggregate of voids, in the 

tensile and transverse directions, determined from the µ-CT reconstruction and predicted by the 

Rice and Tracey model.  The change in void volume and aspect ratio (shape distortion) of: (b) the 

large seeded voids and (c) largest naturally occurring void in the region of interest. 
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 Discussion 

The Rice and Tracey [156] model has been implemented for the present specimen by 

employing information from the macroscopic true stress-strain curve and shows good agreement 

with the growth of the aggregate of voids captured through µ-CT. As shown in Fig. 5.8(a), the 

model predictions deviate from experimental observation of the cumulative change in the 

dimensions of the voids around the macroscopic yield point and after 3.08% macroscopic strain is 

applied. The deviation at the macroscopic yield of the material was due to ambiguity in 

determining the true strain at necking, while the deviation after 3.08% strain is due to coalescence 

events. The Rice and Tracey model [156]  captures the experimental trend, because it is based on 

a macroscopic definition of stress triaxiality, which in this implementation, adopted from 

[174,189], is based on the change in the tensile and/or transverse dimensions of the specimen’s 

cross-section for the necked region. Since void nucleation is bypassed, due to the presence of 

inherent porosity from the AM process, the increase in the tensile dimension and associated 

decrease in the transverse dimension in the necked region (as shown in Fig. 5.2(e,f)) is 

accommodated by deformation of the voids present. Due to its concurrence with experimental 

results at the specimen scale, the Rice and Tracey model has been widely adopted. However, if the 

evolution of each individual void is checked, as shown in Fig. 5.8(b-c), the Rice and Tracey model 

is more applicable for the large-seeded voids than the smaller natural voids in many cases.  

The failure criteria for a specimen scale implementation of the Rice and Tracey model [156] 

is based on achieving a critical change in the dimensions of the voids (ratio of final longitudinal to 

initial longitudinal dimension). The only physical attribute that is considered at this scale of 

analysis is, therefore, the effective porosity or void fraction. Coalescence is not considered 

explicitly in the Rice and Tracey model and thus for the present study, after state 5, at 3.08% 

macroscopic strain, the experimental results significantly deviate from the Rice and Tracey 

predictions. Though the deviation in Fig. 5.8(a) might seem subtle, local variations in the response 

of the material can result in large changes in the effective fracture strain and is thus insufficient to 

properly understand ductile failure, let alone predict fracture strain. The basis of the Rice and 

Tracey model [156] is the role of the stress triaxiality in driving the growth of voids, which is 

explored further in the next paragraph at the microscale. 

A homogenized description of the material in a linear elastic-plastic finite element simulation 

that has been instantiated with the exact size, shape, and location of all voids within the specimen 
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is able to accurately predict the potential sites of coalescence around the seeded voids. The 

homogenized material model is effective, because it can capture the stress concentrations due to 

the initial void structure in response to macroscopic loading. The model predicts that regions of 

the highest stress concentration, in terms of 𝜎33, 𝜎𝐻𝑦𝑑, and 𝜎𝑇𝑟𝑖𝐴𝑥 as shown in Fig. 5.9, are created 

around the large-seeded voids. An analysis of the µ-CT reconstruction at State 6 (3.4% 

macroscopic strain) reveals that the locations of void coalescence match with those predicted by 

the simulation, as shown in Fig 5.10(a,b). Regions between C1-C4 around the seeded void on the 

left of Fig 5.10(a,b) and between sites C5-C8 around the seeded void on the right form almost 

contiguous regions of coalescence and crack formation in the manner determined by the model.  

 

 

 

 

 

Figure 5.9 Sites of stress concentration after a macroscopic strain of 3.08% was applied through a 

linear elastic-plastic FEM simulation. (a) Metric: stress in the loading direction: µ (1270 MPa) + 

2𝜎 (248 MPa) > 1765 MPa; (b) Metric: hydrostatic stress: µ (423 MPa) + 3𝜎 (179 MPa) > 960 

MPa; (c) Metric: stress triaxiality: µ (0.3152) + 2.5𝜎 (0.1721) > 0.7454. All three metrics suggest 

similar locations of high stress concentration, regions above the threshold have been highlighted 

in red.   
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Figure 5.10 Sites of coalescence captured via µ-CT (a) 3D view of voids inside the region of 

interest; Cross-section B (as defined in Fig. 1) in dark grey marks the approximate slice of 

coalescence events around the seeded voids; specific planes, marked in red, have been extracted 

to show coalescence events. (b) Cross-section B and the coalescence sites, as marked in (a), at the 

final state of 3.4% macroscopic strain. (c-k) Coalescence sites around the seeded void between the 

initial (left) and final (right) states respectively. The path of coalescence suggests different modes 

of coalescence as marked in (j) and (k). 
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Carroll et al. [163] and Battaile et al. [164] have shown that the stress concentration due to 

voids becomes dominant when the size of voids is of the order or larger than that of the grains. 

Their studies were carried out with a single void/hole with respect to the microstructure. In this 

paper, several voids over a range of sizes were studied in proximity to their neighbors, as would 

exist in real AM materials. The simulations show, for this void distribution, the largest stress 

concentrators, which are expected to dominate the response of the material, occur at the locations 

between the natural and large-seeded voids. The physical attributes that should be considered at 

this scale of analysis, include statistics on the distribution of sizes and shapes, especially sharp 

features that result in stress concentrations. Analytical solutions attempt to incorporate shape 

effects through empirical constants like those adopted in [190], which is captured via a finite 

element implementation that incorporates a full-field method to account for these distributions. 

Moreover, the proximity of the voids to neighboring voids is particularly important, due to 

interaction effects.  

The µ-CT reconstructions, shown in Fig 5.10(j,k), reveal that multiple modes of void 

coalescence may be active in the material. In this regard, the plot of stress triaxiality (Fig. 5.9(c)) 

is of particular interest because classically, stress triaxiality is used to differentiate mechanisms of 

void coalescence [162]. The simulation predicts high triaxiality at all sites of void coalescence, 

which suggests only one mechanism is active at each of the coalescence sites - inter-void necking, 

due to a homogenized description of the material with an isotropic yielding model in these 

simulations. The purpose of the present simulation was to capture the effect of the geometrical 

stress concentrators in the region of interest through a simple finite element implementation to 

assess its advantages and disadvantages. The homogenized material model is able to accurately 

determine the sites of void coalescence, but does not capture the correct coalescence mechanism 

at each of these sites. These models would be deemed as phenomenological and not necessarily 

physics-based.  Further, the mechanisms proceed via different means, resulting in a deviation in 

the total strain to failure.  Hence, by not capturing the appropriate mechanism in the model, there 

is uncertainty in the prediction of the strain to failure.  The effect of the grain structure needs to be 

explored at this point to identify its relevance for ductile failure in this material. 

The evolution of the micromechanical state measured at the grain scale was hypothesized, at 

the beginning of the paper, to capture the necessary and sufficient conditions to understand the 
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regime of ductile failure. To mediate a grain scale analysis, small volumes from the tessellation 

were extracted around known coalescence sites as shown in Fig. 5.11.  

 

 

Figure 5.11 Extraction of the grain structure (~70 grains) surrounding the coalescence site marked 

in Fig.1: (a) the initial state before coalescence; (b) at 3.4% strain, after coalescence; (c) region 

extracted around coalescence site; and (d) grain structure in the region of interest. 

 

For this critical region, a direct comparison of the distribution of the stress triaxiality between 

the experiment and simulation identifies the potential limitations of the simulation approach, as 

shown in Fig. 5.12. The heterogeneity in stress triaxiality in this small region is not captured by 

the simulation. It is important to capture the distribution of stress triaxiality states, particularly the 

low and negative stress triaxiality values, because they correspond to a different mechanism of 

void coalescence, i.e. through inter-void shearing [191–193]. In this study, we find that the grains 

at specific locations of coalescence show low (<1/3) to negative stress triaxiality (Fig. 5.13(b,f,j,n)), 

thus mediating a shear dominated coalescence event. This mechanism has received less attention 

in literature, and is not captured by widely-used, homogenized models, such as in [157]. The other 

active mechanism is inter-void necking, which is mediated by high triaxiality, as shown in Fig. 

5.14(b,f).  The simulations predicted high triaxiality, and as a consequence inter-void necking, at 

all experimentally observed coalescence sites, albeit as shown in Fig. 5.13, several of these sites 

exhibited shear dominated coalescence. Noell et al. [194] conducted detailed fractography after 

ductile failure and suggested as many as seven different mechanisms can be operative, in a 

sequential progression. In this study we show, similarly, that multiple mechanisms of void 

coalescence are active simultaneously around the seeded voids. The activation of a mechanism is 

dependent on the response of a very localized region between the two voids, which has been 

captured explicitly through the characterization of grains in this study. While the dominant stress 

concentrations within this sample were present near the large-seeded voids, the nuanced 
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micromechanical information necessary to understand the mechanisms driving ductile failure were 

only identified via the grain level response provided by far-field HEDM. And with the proper 

understanding of the physics-based mechanisms, predictive models can be generated for ductile 

failure. 

 

 

 

Figure 5.12 (a) Stress triaxiality in the region extracted around the void coalescence site. (b) 

Comparison between the results from far-field HEDM and FEM elastic-plastic simulation of the 

homogenized continuum. The far-field HEDM results are plotted with solid lines. The FEM results 

are plotted through rectangles, where the width represents the range between the 25th and 75th 

quantile of the stress triaxiality in the extracted region and the height represents the cumulative 

probability for the range with respect to the experimental curves. (c) The inset from (b), magnified 

to show the narrow distribution of the stress triaxiality from the isotropic FEM simulation.   
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Figure 5.13 Void coalescence through inter-void shearing around (a) site C5, (e) site C6, (i) site 

C7, and (m) site C1, because of low to negative stress triaxiality marked by blue color in (b,f,j,n). 

Black line marks the path of coalescence as observed via µ-CT. No trend is found in the FWHM 

measures along η (c,g,k,o) and 2θ (d,h,l,p). 
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Figure 5.14 Void coalescence through inter-void necking at (a) site C3 and (e) site C8 is associated 

with high stress triaxiality, marked by the red color in (b,f) and concentration of the FWHM along 

η (c,g) and 2θ (d,h). The white/black lines mark the path of coalescence. In (b,c,d), a single grain 

is outlined by a white boundary, in the spacing between voids, that accommodates the plasticity 

and strain heterogeneity. 

 

High triaxiality has been purported as a sufficient criterion for inter-void necking, although 

this may be too broad of classification, due to the following (i) many regions within the specimen 

display high triaxiality that do not lead to void coalescence and (ii) high triaxiality is a reported 

condition for additional mechanisms, such as void nucleation.  For this reason, additional criteria, 

along with high triaxiality, are necessary to sufficiently describe inter-void necking, which are 

elucidated via reciprocal space mapping.  High-energy X-ray diffraction techniques have the 

ability to provide data that can facilitate this distinction because of their sensitivity to the 

underlying crystal lattice within the grains. Although, before we accomplish this, there is a need 

to interpret the diffraction-based measures in terms of classical understanding of plasticity and 

strain heterogeneity. In this study, we show one such interpretation (please see schematic in Fig. 

5.3) of the FWHM measures, obtained from analysis of the diffraction spots that are indexed to a 
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grain. The grains between voids accommodate necking through plasticity, which results in lattice 

curvature, and intergranular strain/stress heterogeneity. In Fig. 5.14, two regions of inter-void 

coalescence are shown, along with the values of the triaxiality and FWHM measures (along  and 

2) in the surrounding grains.  The grains that result in inter-void necking display high values of 

both triaxiality and FHWM measures.  As can be seen in Fig. 5.7(d), there are many grains that 

exhibit a high value of stress triaxiality, which do not result in inter-void necking.  Thus, high 

FHWM metrics, indicative of plasticity and strain heterogeneity, along with high values of 

triaxiality form a necessary and sufficient criterion for inter-void necking. These reciprocal space 

mapping approaches represent grain average values of the FWHM metrics, thus homogenizes 

spatial information near the pore, over the length-scale of the entire grain.  For higher fidelity 

measurements, advanced X-ray techniques can be used, such as a point focused beam with a very 

far-field detector [176] to maximize the spatial and reciprocal space resolution near a pore or 

through analogous techniques like dark field X-ray microscopy [149]. 

Only a very small number of ductile failure studies have reported measurements at the 

microscale, particularly the grain scale [169,170]; macroscale quantities and surface measurements 

are still much more commonly reported for ductile failure. In this paper, we have shown that there 

are advantages to exploring ductile failure at the grain-level scale, which offers a departure from 

homogeneous descriptors.  Further, grain level attributes capture all the necessary and sufficient 

information to predict the location and the mechanism of ductile failure. Multiple mechanisms are 

simultaneously operative in the bulk of the material, due to stress concentrating geometries over a 

range of sizes, while the grain level micromechanical attributes offer the necessary information to 

isolate and differentiate the individual mechanisms. As concluded by one of the results of the 

Sandia Fracture challenge [33], grain-level orientation dependence and localized deformation, 

among other factors, is essential for accurate predictions of ductile failure. Models, which work at 

the grain scale and are calibrated to experimental information like that provided in this paper, hold 

great promise for high fidelity predictive capabilities in the regime of ductile failure.   

 Summary and Conclusion 

High-energy X-ray characterization experiments have been carried out to mediate a multi-scale 

analysis of ductile failure through void growth and coalescence in an additively manufactured Ni-

based superalloy. The size and shape of each void along with their positions, with respect to the 
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surrounding voids in the region of interest, have been determined via µ-CT. The growth and 

coalescence between voids have been captured at several locations and the path of coalescence has 

been found to be indicative of the mechanism of coalescence prior to ductile failure. 

A specimen scale analysis of void growth, through the Rice and Tracey model implementation, 

has shown good correspondence with the aggregate geometric changes in porosity but is not 

representative of the evolution of individual voids. Local coalescence events are not explicitly 

captured through the Rice and Tracey model, which results in deviation from experimental 

observations.  Further, a linear elastic-plastic finite element simulation has been instantiated with 

the exact size, shape, and location of all the voids in the region of interest, which allows for an 

accurate description of the stress concentrations due to the interaction between voids. The finite 

element simulation determines the precise sites of experimentally-observed void coalescence, 

however, the exact mechanisms of coalescence are not ascertained with a homogenized material 

model. 

The grain structure surrounding the voids has been characterized through far-field HEDM to 

determine the position, orientation, and lattice strains in each grain of the region of interest, and 

consolidated with the µ-CT information of the coalescence sites. The heterogeneity created in the 

material, due to the response of the grain structure to macroscopic loading, creates large 

variations in the micromechanical states, which are not captured by the homogenized material 

model. Two mechanisms of ductile failure were observed: (i) inter-void shearing, which 

corresponds to grains exhibiting low stress triaxiality and (ii) inter-void necking, which 

corresponds to grains exhibiting high stress triaxiality.  Albeit, many grains in the region of 

interest display high stress triaxiality values, which indicates that high stress triaxiality is not a 

sufficient criterion for inter-void necking. High levels of plasticity and stress heterogeneity 

within the lattice of the grain(s) between voids provides the additional information, along with 

high stress triaxiality, to provide the necessary and sufficient criteria for inter-void necking based 

failure.  In summary, a grain scale description of the micromechanical state has been proven to 

accurately capture both the sites and the mechanisms of void coalescence at the onset of ductile 

failure, and thus provides an ideal physical basis to understand the fundamentals of ductile 

failure; instilling trust in the predictive capabilities of models that incorporate the response of the 

grain structure for studying fracture.  
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6. CONCLUSIONS AND FUTURE WORK 

 Conclusions 

The overarching goal of this thesis was to supplement the understanding of various defect 

mediated damage mechanisms by leveraging the advent of advanced X-ray characterization 

techniques to elucidate the structure and micromechanical state at the grain scale in the vicinity of 

critical locations of material failure. Towards the fulfillment of this objective, samples were 

designed to have (i) a seeded inclusion, (ii) a naturally initiated crack, and (iii) voids in the bulk 

of polycrystalline Ni-superalloy specimens. Computed micro-tomography (μ-CT) was undertaken 

to characterize the morphology and positions of the defect structure at the initial state and track it 

during successive loading. High energy diffraction microscopy (HEDM) was employed to 

elucidate the region of interest surrounding the defects by revealing the underlying heterogeneous 

(i) grain structure (orientation maps), (ii) the stress state in each discovered grain, and (iii) the 

intragranular lattice curvature and lattice strain heterogeneity which accommodates the 

deformation within the grain. Simulation tools were employed to prove the contribution of factors 

that were identified to be essential to the mechanism of failure for each of these defects. The main 

factors behind each defect mediated mechanism is as follows:     

6.1.1 Case Study 1: Inclusion driven failure  

Absorption contrast μ-CT was used to determine when, and more importantly where, the crack 

initiated. FF-HEDM was performed to map the microstructure surrounding the inclusion, including 

the orientations and 3-D intergranular strain states of each grain. The cyclic loading generated 

heterogeneity in stress distribution and a gradient was found to exist in the magnitude of strain 

across the crack initiation site which was revealed to create the necessary conditions for a crack to 

initiate. The main factors that resulted in this gradient have been corroborated through proof of 

principle 3-D EVP-FFT simulations, they are as follows: 

 Debonding at the inclusion-matrix interface; 

 Residual state induced by the inclusion in the surrounding matrix; 

 Geometrical contribution of a large rigid inclusion at an inclination to the loading axis; 
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6.1.2 Case Study 2: Short fatigue crack driven failure  

The tortuosity and progression of the short fatigue crack was determined through μ-CT in 

various modes. The heterogeneity in the evolving mechanical stress fields in conjunction with the 

deformation state within the grains, around the SFC, was determined through diffraction data from 

NF-HEDM, FF-HEDM, and reciprocal space mapping. The interaction of the SFC with ~50 

adjacent grains has been studied in detail in regard to these micromechanical fields to discover 

that: 

 The crack plane, during intragranular crack growth, conformed to the slip planes of the 

active slip system determined by the 𝜏𝑀𝑅𝑆𝑆 . The normal stress relative to the most 

active slip plane served as an opening stress during intragranular crack propagation. 

 The crack growth direction, during intragranular crack growth, conformed to the slip 

directions of the active slip system determined by 𝜏𝑀𝑅𝑆𝑆;  

 The crack growth rate shows a correlation with the 𝜏𝑀𝑅𝑆𝑆  on the conforming slip 

system within the grain; 

 The crack growth direction, at the transition to a new grain, can be determined through 

the severity of the plasticity in the grains ahead of the crack front in terms of the FWHM 

measures for intragranular misorientation or lattice strain gradient within the grain. 

 

Intergranular SFC growth, highly unlikely at room temperature and in ambient lab 

environments, was also observed along low energy grain boundaries; these grains were easily 

identified due to large misalignment in their stress state as determined through their stress 

coaxiality. 

6.1.3 Case Study 3: Void growth and coalescence driven failure  

The size and shape of each void along with their positions, with respect to the surrounding 

voids in the region of interest, have been determined via µ-CT. The grain structure surrounding 

the voids has been characterized through far-field HEDM to determine the position, orientation, 

and lattice strains in each grain of the region of interest, and consolidated with the µ-CT 

information of the coalescence sites. The growth and coalescence between voids have been 

captured at several locations and the path of coalescence has been found to be indicative of the 
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mechanism of coalescence prior to ductile failure. To capture both, the location and the mechanism 

of failure, the main factors were found to be:  

 

 Inter-void shearing, which corresponds to grains exhibiting low stress triaxiality 

 Inter-void necking, which corresponds to grains exhibiting high stress triaxiality.   

 High levels of plasticity and stress heterogeneity within the lattice of the grain(s) 

between voids provides the additional information, along with high stress triaxiality, to 

provide the necessary and sufficient criteria for inter-void necking based failure.   

 

In summary, from all three case studies, we find that a grain scale description of the 

micromechanical state can be unambiguously determined through experiments to examine the 

heterogeneity around defects in the material. This description has enabled us to identify and isolate 

the nature of factors essential to activate specific mechanisms at the onset failure. The grain scale 

thus provides an ideal departure from a homogenized description of the material and a physical 

basis that is necessary and sufficient to understand the fundamentals of defect mediated damage 

and failure. The datasets, that have been generated, can be used to instantiate and calibrate crystal 

plasticity models, at the grain level, for higher fidelity.  

 

 Future work and Recommendations 

The case studies undertaken in this thesis are the first of their kind in their setup which 

combines in-situ mechanical loading and X-ray characterization techniques to elucidate the 

structural and micromechanical state locally around purposefully seeded defects in bulk 

polycrystalline metallic alloys. One of the main issues with leading such studies has been with 

designing experiments that are robust enough to succeed on their first try during precious and 

limited beam-time earned at a synchrotron source. This is partly due to a severe limitation during 

beam-time with long collection times for HEDM scans and real-time reconstructions to guide and 

inform the remainder of the experiment. There is fine balance that needs to be struck with the size 

of the region that needs to be scanned and the number of states that need to be interrogated with 

the expectations of capturing something noteworthy because of very limited feedback during the 

experiment. 
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In order to ensure success, in all three case studies, we incorporated defects which were 

larger in scale than the inherent scale of microstructural elements and would be found in only a 

few remote scenarios in production. This enabled us to predict regions of interest where activity 

would be localized and during the experiments we could scope out these regions quickly via µ-CT. 

Delineating such regions allowed precision scans with HEDM techniques that ensured enough 

detail was captured while saving time for more successive load states to be interrogated. On the 

flipside, there was a well-founded fear for the large scale of the defects to render the microscale 

information futile and reduce the problem to a simple geometric solution. We analyzed the data in 

detail to find relevance of the grain scale and demonstrated that it serves as a natural length scale 

that offers the perfect departure from a homogenized description of the material and an essential 

physical basis to understand various modes of failure. 

One of the main comments is centered around creating samples with more representative 

defect structures and dividing the experiment into different parts with time in between to observe 

trends in the material and employ the predictive capabilities of models. This will serve the two-

fold objective of creating well calibrated models and checking their fidelity through blind 

predictions of the outcome of the experiment. The predictions, irrespective of their veracity, will 

in-turn help direct the successive leg of the experiment.  

Experimental techniques are available at both a length scale lower and higher than the grain 

scale. For instance: 

 EBSD and DIC offer high resolution measurements of the structure and strain state at the 

surface analogous to µ-CT and HEDM in the bulk. One of the current undertakings in our 

lab, led by John Rotella, is to compare the two sets of techniques in order to ascertain the 

relevance of a 3D vs 2D surface measure of the micromechanical state. 

 X-rays optics before illuminating the sample can be focused to create point focused beams 

for higher spatial resolution. Similarly, the diffracted beam can be magnified through 

either the optics (for ex. Dark field microscopy [149], coherent diffraction imaging [195]) 

or longer hutches for larger sample to detector distances (very far-field HEDM or high 

resolution reciprocal space mapping [196]) to extend the orientation and strain resolution 

of the measurements. However, the applicability of these techniques is concomitant to 

identifying even smaller regions of interest and onerous task of extracting miniature 

samples around these regions. One such undertaking is being led by Sven Gustafson to 
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better understand the phenomenon of twin interaction in Ni-superalloys that create a 

heterogeneous stress state. 

 The choice of the experimental technique is based on the scale of the problem and in many 

cases lower resolution techniques like Energy Dispersive X-ray diffraction [197] or 

Neutron diffraction [198] techniques can offer complementary information at a scale that 

is sufficient for the mechanism. One such undertaking has been published by Ritwik 

Bandyopadhyay [197] has been used to study residual strain analysis in linear friction 

welds of similar and dissimilar titanium alloys. 

One of the main outputs of each of these case studies is a rich multi-modal dataset that can be used 

to inform models at the grain scale. 

 The grain level information can be used to instantiate accurate sample geometry and grain 

structures while initializing them with type-2 residual stresses in the model [187] 

 The data can be used to calibrate the model to local grain scale response 

 The outcome of the experiment can be used to corroborate the predictions of the models 

to ensure high fidelity and instill faith in the model 

 Finally, a sensitivity study and uncertainty quantification can prove to be a powerful tool 

with the help of actual data to assess the contribution of the numerous variables and fine 

tune the models themselves. 

These modeling efforts are a continuous endeavor in the ACME2 lab. The author has accepted a 

post-doctoral research position at the Air Force Research lab where he hopes to continue this line 

of research. 
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