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Irradiation of metals with energetic particles causes heavy damage effects in microstructure and 

mechanical properties, which is closely associated with irradiation conditions, presence of 

impurities, and microstructural features. It has been proposed that the radiation tolerance of a 

certain material can be enhanced by introducing a high density of interfaces, acting as ‘sinks’ that 

can frequently involve in attracting, absorbing and annihilating defects. Nanostructured materials 

with large volume fraction of interfaces, therefore, are assumed to be more radiation tolerant than 

conventional materials. This thesis focuses on the radiation damage effects in nanostructured Cu 

via the methods of in-situ TEM (transmission electron microscope) radiation experiments, post-

irradiation TEM analyses, small-mechanical tests (nanoindentation and micro-pillar compression), 

and computer simulations (molecular dynamics and phase-field modeling).  

We design and fabricate nanostructured Cu using direct current (DC) magnetron sputtering 

deposition technique, a typica physical vapor deposition (PVD) method and a bottom-up way to 

construct various nanostructured metals. High-density twin boundaries (TBs) and nanovoids (NVs) 

are introduced into two distinct nanostructured Cu films, including nanovoid-nanotwinned (NV-

NT) Cu (111) and nanovoid (NV) Cu (110). The in-situ high-energy Kr ++ (1 MeV) and ex-situ 

low energy He+ (< 200 keV) irradiations are subsequently preformed on the as-deposited Cu 

samples.  On the one hand, the in-situ TEM observations suggest that TBs and NVs can influence 

the formation, distribution and stability of radiation-induced defects. Meanwhile, the preexisting 

microstructures also undergo structural change through void shrinkage and twin boundary 

migration. On the other hand, the ex-situ micro-pillar compression tests reveal that the He-

irradiated NV-NT Cu contains less defect clusters but experiences more radiation-induced 

hardening. The underlying mechanisms of void shrinkage, twin boundary migration, and radiation-

induced hardening are fully discussed based on post-irradiation analyses and computer simulations.    
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 INTRODUCTION 

There are grand challenges for developing and advancing nuclear technology in many peaceful 

applications, such as electricity, industry, medicine, space missions, and so on  [1]. This thesis 

concerns the materials challenges in nuclear energy. A review in this chapter provides the 

background on fundamentals of ion-solid interactions, radiation damage effects, and recent 

radiation studies in nanostructured metals.  

1.1 Materials Challenges in Nuclear Energy 

Nuclear power energy provides about 15 % of electrical power worldwide, and it holds promise as 

one of the next-generation sustainable energy source [2]. Many of the currently used fission 

nuclear reactors (Generation II), built in the 1970s and 1980s, are approaching their originally 

designed lifetime (~ 40 years) [3]. Therefore, it is of great significance to develop new concepts 

of advanced fusion and fission nuclear energy systems that are expected to be safer, more economic, 

and more efficient [4]. However, there are a couple of technological challenges in bridging the gap 

from concept to reality, such as how to design and manufacture structural materials used for 

building and operating these nuclear reactors [5].  

In a nuclear energy system, the structural materials face the most intense radiation environments, 

especially in the core of a nuclear power reactor where energetic neutrons are continuously created 

by nuclear reactions [6]. Figure 1.1 shows the temperature and dose requirements for in-core 

structural materials of the next-generation nuclear power systems [7]. Note that the X-axis in 

Figure 1.1 refers to the displacement per atom (dpa), a standardized parameter defined to quantify 

the amount of radiation damage produced in materials. In addition to the high doses and 

temperatures, in-core structural materials also suffer from high stresses and chemically aggressive 

coolants [8-10]. 
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Figure 1.1. Working conditions required for the in-core structural components of the next-

generation nuclear power systems. [5]. 

1.2 Fundamentals of Ion-solid Interactions  

To understand the radiation damage effects in materials, it is necessary to investigate the detailed 

interactions between energetic incident particles (ion or neutron) and target atoms. In this section, 

general features and fundamental concepts regarding atomic displacements are first introduced, 

followed by a quantitative description of such damage displacements. 

1.2.1 Radiation Damage and Cascade 

The radiation damage is initially triggered by incident projectiles into the target atoms, and it 

concludes in the resulting spatial rearrangement of target atoms [11]. The atomic displacement 

will occur when the transferred energy exceeds a threshold that is usually called the displacement 

energy (
dE ), approximately 25 - 90 eV for most metals [12]. It is assumed that the displacement 

damage is confined in a small region. Brinkman [13] first pictured the structure of the region as a 

displacement cascade (or thermal spike) that is briefly described by a vacancy core and its 

interstitial shell, as schematically illustrated in Figure 1.2 [14].  
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Figure 1.2. Schematic illustration of radiation-induced atomic displacements [15]. 

 

The damage cascade creates substantial “Frenkel pairs”, the equal numbers of vacancies and self-

atom interstitials (SAIs), and it develops rapidly at picosecond scale [15]. In its final stage, the 

cascade energy drops, and annealing process initiates through the recombination between SAIs 

and vacancies. Eventually, only part of the displaced atoms can survive the cascade and form 

individual point defects or defect clusters. The routine way currently used for studying the 

radiation damage cascades is through the molecular-dynamics (MD) simulations [16], and a typical 

MD simulation from a 20 keV cascade in iron at 100K is shown in Figure 1.3 [18].  

 

 

Figure 1.3. A typical MD simulation on 20 keV cascade in iron at 100K [17]. (a) Peak damage 

state. (b) Residual defect configuration. 
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1.2.2 Radiation Damage Calculation  

The magnitude of radiation damage is indicated by displaced atoms resulting from incident 

particles (neutrons or ions), in the unit of ‘dpa’ that is the displacements per atom in the solid. The 

radiation dpa dose is determined by two key parameters: the fluence (the integration of the flux in 

a certain period) and the absorbed dose. Therefore, the number of displacements per unit volume 

per unit time, R , can be described by [11]: 

( ) ( , ) ( )

E T

i i i

E T

R N E E T T dTdE  

 

 

       Equation 1.1 

where N  is the atom number density; 
iE  is the initial energy of the incident particle, E



 and E


  

are the minimum and maximum initial energies; T  is the transferred energy to the struck atom,   

T


 and T


 are the minimum and the maximum transferred energies;   is the energy-dependent 

particle flux;   is the cross section for the collision of a particle of energy   that results in a transfer 

energy   to the struck atom;   is the number of displacements per PKA. 

The term ( , )iE T  in Equation 1.1 describes the scattering probability for the incident particle of 

energy 
iE . If a neutron passes through a solid, its collision with nuclei can be presented as 

colliding hard spheres by virtue of its electrical neutrality. The method in dealing with neutron 

scattering probability is therefore straightforward. However, if the incident particle is charged, the 

scattering probability cannot not be certainly determined unless the interatomic potentials are 

specified. Unfortunately, there is no single potential function that is universal for describing all 

particle interactions. Appropriate potential functions must be cautiously chosen according to the 

incident particle energies [18]. Three frequently used potential functions include Born-Mayer 

potential  (for low-energy ions and near head-on elastic collisions) [19], Coulomb scattering 

potential (for heavy energetic ions) [20], and inverse square potential (for heavy slow ions) [21].  

Another term ( )T  in Equation 1.1 refers to the total number of displacements that the PKA travels 

through the lattice. Based on hard-sphere assumptions, Kinchin and Pease developed a simple 

model (often termed as K-P model) to estimate the average number of displaced atoms [22]. 

According to this model, the displacement is certain to occur when 
dT E , and then ( )T  

increases linearly with increasing T  until it reaches a plateau, as illustrated in Figure 1.4. The term 
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cE in Figure 1.4 is the cut off caused by electron stopping beyond which no additional 

displacements can occur until electron energy losses reduce the PKA energy to 
cE . It is worth 

noting that K-P displacement model is oversimplified without considering the 
dE  in the energy 

balance [23], the realistic energy transfer cross sections [24], the energy loss by electronic 

excitation [25], and the effects of crystallinity [18]. For more accurate calculations, further 

modifications on the K-P model are necessary.  

The analytical solutions for Equation 1.1 would be complex for practical problems, and more 

reliable solutions are hence expected to be based on computer simulations. Currently, the most 

widely adopted method for calculating radiation damage of ions is through the Stopping and Range 

of Ions in Matter (SRIM), a computer program developed by Ziegler based on the Monte Carlo 

[26].  

 

Figure 1.4. The K-P model used for determining the number of displacement atoms in the 

cascade [22]. 

1.3 Radiation Damage Effects  

A cascade of atomic collisions ends with large numbers of individual vacancies and SAIs that 

subsequently diffuse and agglomerate into defect clusters.  The motion and interaction of these 

defects in solids lead to significant microstructural alteration, which typically causes degradation 

in physical and mechanical properties [27-32]. 
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1.3.1 Defect Reaction Rate Theory 

The diffusion of point defects is the foundation for understanding the radiation damage effects in 

materials. According to classical diffusion theory, the flux of atoms through materials is 

determined by the diffusion coefficient and concentration gradient [33]. For the point defects in 

crystalline lattice, they can diffuse through several mechanisms [34], including exchange and ring 

mechanisms, vacancy mechanism, interstitial mechanism, interstitialcy mechanism, dumbbell 

interstitial mechanism, and crowding mechanism. Therefore, the total and effective diffusion 

coefficient (
radD ) under radiation is the sum of all the operative mechanisms of diffusion, simply 

written as:  

rad t t t

t

D f D C     Equation 1.2 

where 
tf  is the correlation coefficient, 

tD is the diffusion coefficient of  a certain diffusion 

mechanism, and 
tC  is the corresponding point defect concentration.  

Equation 1.2 indicates that the diffusion process under irradiation is substantially accelerated due 

to the supersaturated point defects resulting from damage cascade. In irradiated materials, the point 

concentration at a given time can be determined by the point defect balance equations as follows 

[35]: 
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    Equation 1.3 

where 
vC  (

iC ) is vacancy ( interstitial) concentration, 
0K  is the defect production rate, 

ivK  is the 

vacancy-interstitial recombination rate, 
vsK  (

isK ) is the vacancy-sink (interstitial-sink) reaction 

rate coefficient, 
sC  is the defect sink concentration, 

vD  (
iD ) is the vacancy (interstitial) diffusion 

coefficient. For a given system under irradiation, the concentration of point defects initially builds 

up rapidly, and then it starts to level off when the system reaches a “quasi-steady-state” with the 

defect production rate compensated by the recombination rate. On this occasion, the Equation 1.3 

can be simplified by setting the left two terms as zero. However, in most cases the equations are 

stiff, so they can only be properly solved via numerical methods.  

The terms of 
vs v sK C C  and 

is i sK C C  in Equation 1.3 describe the loss of point defects (vacancy or 

interstitial) to various pre-existing microstructures, namely defect sinks that can be simply divided 
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into three categories: (1) neutral (unbiased) sinks, (2) biased sinks, and (3) variable sinks [11]. The 

neutral sinks show no preference for capturing vacancies or interstitials, while the biased sinks 

could exhibit preferential attraction for one type over the other. Grain boundaries, voids, and 

incoherent precipitates are classified as neural sinks; dislocations, by contrast, are regarded as 

biased sinks with a stronger preferential attraction for interstitials. Especially, the coherent 

precipitates can initially capture a certain type of defect until it is annihilated by the opposite type, 

so they are regarded as variable biased sinks. The tendency of the loss of defects to sinks is 

quantified by sink strength, denoted by 2

svk  (or 2

sik ) and defined as: 

2 sv v
sv

v

K C
k

D
  (or 

2 si i
si

i

K C
k

D
 )     Equation 1.4 

Note that the sink strength has a unit of [cm-2], and 1

svk   (or 1

sik  ) has the physical meaning of the 

mean distance a free vacancy (or interstitial) travels in the solid before it is trapped by a defect 

sink.  

1.3.2 Radiation-induced Defect Clusters 

The most profound radiation damage effect on microstructure is the creation of various types of 

defects, including equal numbers of individual vacancies and interstitials, as well as their clusters, 

such as loops, voids, bubbles, and stacking-fault tetrahedra (SFT) [36]. 

1.3.2.1 Characterization of Defect Clusters by TEM  

Radiation-induced defect clusters present complicated geometric configurations and range from 

atomic scale to tens of micrometer in dimensions. Some of them can be clearly identified using 

appropriate Transmission Electron Microscope (TEM) techniques under certain imaging 

conditions [37], such as rel-rod imaging condition for characterizing the disc shape (edge-on 

direction) of Frank loops [38], weak-beam dark filed (WBDF) imaging condition for 

characterizing triangular shape of SFTs [39], and ‘out-of-focus’ imaging condition for 

characterizing spherical or faceted cavities (bubbles or voids) [40].  Figure 1.5 compiles the 

representative TEM micrographs of various defect clusters encountered in some irradiated 

materials [8].  
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1.3.2.2 Stability and Mobility of Defect Clusters  

The radiation-induced defects present complexed configurations and vary from material to 

material, depending on radiation conditions and the presence of impurities, like the transmutant 

elements of Hydrogen or Helium [36]. As shown in Figure 1.5, for instance, the radiation-induced 

defects show a strong dependence on irradiation temperature [8].  

 

 

Figure 1.5. TEM micrographs of radiation-induced defect clusters, ordered as a function of 

homologous irradiation temperature ( / MT T , where 
MT  is the melting temperature) [8]. 

 

For a given material under certain conditions, the configuration stability of defect clusters is related 

with host material and defect size [36]. From the viewpoint of thermodynamics, defect clusters 

tend to take up the minimum energy configuration. Therefore, it is reliable to predict their stability 

by comparing their energy states [41]. For instance, in irradiated face-centered-cubic (FCC) metals 

a vacancy cluster could exist in the form of a void, SFT, perfect loop, or faulted loop. The energy 

of a spherical void, 
VE , with the radius 

Vr  is given by: 
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24V VE r      Equation 1.5 

where   is the surface energy. The energy of an SFT, 
SFTE , with the edge length 

SFTL  is given by 

[42, 43]:  
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where   is the shear modulus, 
sb  is the Burger’s vector of the stair rod dislocation (SFT edge 

dislocation),   is the Poisson’s ratio, a  is the lattice parameter, and 
SFE  is the stacking fault 

energy. The energy of a perfect loop, pE , with the loop radius 
Lr  is given by [44]: 
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where 
cr  is the dislocation core radius, and pb  is the Burger’s vector of the perfect loop. The 

energy of a Frank loop, 
FE , with the loop radius 

Lr  is given by [45]: 
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where 
Fb  is the Burger’s vector of the Frank loop.  

Using Equation 1.5-1.8, the formation energy for various vacancy clusters in Cu is plotted in Figure 

1.6 [41]. The calculations suggest that SFT is the most table configuration over the other smaller 

vacancy clusters (< 1000 vacancies), which is good agreement with post-radiation analyses [46].  
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Figure 1.6. Formation energy for various vacancy clusters in copper [41] 

 

In addition, in-situ TEM observations show that nanometer-size defect clusters could be highly 

mobile and migrate frequently in irradiated materials [47, 48]. Figure 1.7(a) shows an interstitial 

dislocation loop 1/2<111> in Fe that performs one-dimensional migration along its Burger’s vector 

upon heating even in the absence of external and internal stresses [49]. The proposed mechanism 

for such migration is based on thermally activated dense fluctuation of “crowdions”, in the dense 

packed atomic direction, as schematically shown in Figure 1.7(b) [50]. It is assumed that the defect 

mobility plays an important role in the microstructure evolution of materials [49, 50]. For instance, 

the migration of nanovoids (NVs) driven by thermal gradient could account for the formation of 

central holes and intragranular bubbles in nuclear fuels [51-53]. 
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Figure 1.7. (a) One-dimensional migration of an interstitial loops 1/2<111> in Fe at 575 K [49]. 

(b) Schematic sketch of the migration mechanism for an interstitial loop [50]. 

 

1.3.3 Radiation-induced Swelling 

Radiation-induced volumetric swelling, caused by voids and bubbles at elevated temperature, is of 

great interest for the nuclear material community since the first observation of radiation-induced 

voids in stainless steel in 1967 [54]. Figure 1.8(a) shows one typical example of radiation-induced 

voids in an 316 stainless steel (SS) bolt from a pressurized water reactor [11].  In this case, the 

voids are influenced by radiation dose and temperature at different locations, so they vary in size 

and density along the bolt length. The formation of high-density voids in irradiated components 

can cause significant dimension changes up to tens of percent in volume [11]. For instance, Figure 

1.8(b) compares the intensive volume change of 316 SS rods before and after irradiation at 533 oC 

to a fluence of 1.5 × 1023 neutrons/m2 in a faster reactor [55]. 
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Figure 1.8. Irradiation-induced void swelling. (a) Void distribution along the bolt length in an 

irradiated cold-worked 316 SS baffle bot  [11]. (b) 316 SS steel rods before and after irradiation 

in a fast reactor [55]. 

 

The driving force for the void nucleation in metals is the vacancy supersaturation, given by: 

0

v
v

v

C
S

C
     Equation 1.9 

where 0

vC  is the thermal equilibrium concentration of vacancies, and 
vC  is the vacancy 

concentration in matrix. The growth (or shrinkage) of voids is determined by absorption or 

emission of point defects (interstitials or vacancies), and the void growth (or shrinkage) equation 

in a common form is given as: 

[ ( ) ]V

v v v i i

dR
R D C C DC

dt R


        Equation 1.10 

where R  is the void radius,   is the atomic volume, 
vD  and 

iD  are the vacancy and interstitial 

diffusivities, 
vC  is the vacancy concertation in matrix, 

V

vC  is the vacancy concentration at void 

surface, and 
iC  is the interstitial concentration in matrix. Equation 1.10 yields the volumetric 

swelling arising from void growth as follows:  

24
dV

R R
dt

     Equation 1.11 

The void evolution is a complicated kinetic process that involves thermodynamic factors and 

considerations of interfacial reactions [56-59]. For simplicity, Equation 1.10 can be rewritten as: 

0 ( ) thR R F R      Equation 1.12 
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The first term 0 ( )R F   in Equation 1.12 refers to the growth rate of voids arising from a net 

absorption of vacancies, and the second term thR  refers to the reduction rate due to thermal 

emission of vacancies. At low temperature, vacancies are practically immobile, so 0 ( )R F   is low 

in value. With increasing temperature, the growth rate increases, while the emission rate, the 

second term in Equation 1.12, also increases and counterbalances the net vacancy influx. As a 

result, the Equation 1.12 predicts that the plot of void swelling should be characterized by a peak 

at intermediate temperature. Such prediction has been confirmed by experimental evidences, as 

typically demonstrated in Figure 1.9 [40, 60]. In addition to temperature, other influential factors 

of void swelling include the effect of inert gas [61] and impurity atoms [62], role of biased sinks 

[63], dose and dose rate dependence [64], as well as stress dependence [65].  

 

 

Figure 1.9. The peak swelling of irradiated Cu and Cu-B alloy at ~ 300 oC [40, 60]. 

 

Recently, phase-filed (PH) modeling has been proved successful in understanding and unravelling 

the underlying mechanisms of void swelling in irradiated metals [59, 66-70]. Figure 1.10 illustrates 

a simulation result regarding the void nucleation and growth in irradiated polycrystalline metals 

subjected to on-going vacancy concentration due to cascades [67]. In this study, the void surfaces 

and the grain boundaries act as sinks for supersaturated vacancies, so a void denuded zone (VDZ) 

surrounding the peripheries of grains are present in Figure 1.10(f).  
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Figure 1.4. The phase-field simulation illustrates void evolution within polycrystalline grains at 

progressive instances in time [67]. 

 

1.3.4 Radiation-induced Hardening and Embrittlement   

The radiation damage effects on microstructure directly result in significant damage effects on the 

physical and mechanical properties of the irradiated material [71].  For crystalline metals that 

deform plastically through dislocation multiplication and migration, radiation-induced defects can 

act as barriers against dislocation movement, and thus controlling deformation mechanism and 

causing strengthening and hardening [72]. Figure 1.11 shows one typical example of the radiation 

effect on the stress-strain behavior in 316 SS [11].  
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Figure 1.5. Radiation-induced strengthening (hardening) in 316 SS [11]. 

 

Note that the yield strength (
y ) of irradiated 316 SS increases with increasing radiation dose. To 

describe such strength increment (
y ) in irradiated metals, two approximate dislocation barrier 

models have been developed [73]. On the one hand, for strong obstacles, such as precipitates, 

dislocation loops or SFTs, their strengthening effect can be well described by the dispersed barrier 

hardening model [74], according to which the magnitude of strength increment is described by 

[75]: 

y M b Nd        Equation 1.13 

where  is a parameter depending on the average barrier strength of radiation-induced defect 

clusters, and a perfectly hard barrier would have a value of 1  ; M  is the Taylor factor, a ratio 

of uniaxial yield strength to resolved shear strength with an average value of 3.06 for both face-

centered-cubic and body-centered-cubic lattices [74];  and b are material shear modulus and 

Burgers vector; N  and d  are density and size of radiation-induced defect clusters. Equation 1.13 

simply derives from the dispersed barrier hardening model with little considerations for the defect 

structure. In addition, the defect clusters must be so ‘strong’ that moving dislocations would bow 

out in order to continuously migrate through the lattice. On the other hand, however, for large 

voids or under-pressurized bubbles that are classified as weak barriers, moving dislocations can 

directly cut through them. To describe their strengthening contribution, Friedel-Kroupa-Hirsch 
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established an alternative model, known as FKH model, according to which the strength increment 

is given by [76]:  

2/31

8
y M bdN       Equation 1.14 

where M ,  , b , d , and N are the same parameters defined in Equation 1.13.   

In addition to strength (or hardness) increment, Figure 1.11 also suggests that the elongation of 

irradiated 316 SS decreases with increasing dose. From the viewpoint of mechanics, the strength 

and toughness are generally mutually exclusive [77]. The increment in hardness and strength is 

accompanied with the reduction in material ductility and toughness [78]. As a result, radiation 

invariably renders irradiated metals less ductile, in other words more brittle, than the unirradiated 

condition [79]. The notched bar impact test is the conventional way to quantify the embrittlement 

characteristics of irradiated metals [11]. In the test, the notched specimen is impacted by a heavy 

swinging pendulum as shown in Figure 1.12(a). After breaking, the pendulum continues to move 

until it stops somewhere, through which the energy absorbed in fracturing the specimen can be 

measured. The radiation effects on ductility is then assessed based on the magnitude of energy 

absorbed. Figure 1.12(b) illustrates a typical example of the effect of irradiation on steel. It is clear 

that there is a shit of the curve to higher temperatures after irradiation, indicating a reduction in 

the upper shelf energy (USE), in other words the trend for embrittlement.  

 

 

Figure 1.6. (a) Notched bar impact testing.  (b) Radiation-induced the reduction in energy 

absorbed [11]. 
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1.4 Radiation Damage Tolerant Nanostructured Materials 

In the past few decades, nanostructured materials have been of great interest to material scientists 

and engineers due to their superior properties over conventional materials [80]. The superiority 

arises from high density of intrinsic interfaces introduced during materials processing and 

manufacturing, such as grain boundary (GB), phase boundary, twin boundary (TB), and free 

surface [81]. In radiation studies, such interfaces are often referred as defect sinks that are 

frequently involved in defect production, diffusion, and annihilation process [82, 83]. There are 

increasing evidences that show nanostructured materials exhibit enhanced radiation tolerant in 

terms of lower defect density [84], less radiation hardening [85] and swelling [30]. Figure 1.13 

illustrates several typical nanostructured materials that contain large volume fraction of interfaces 

(defect sinks) with enhanced radiation tolerance [86].  

Among all the proposed nanostructured materials, nanograined materials are the mostly studied, 

and their radiation performance shows a strong dependence on grain size [87]. Early in 1997, M. 

Rose et al. found that the radiation-induced defect clusters in ZrO2 and Pd samples decreases with 

decreasing gain size [88]. Similar observations are also reported by Zinkle, SJ et al. in Cu [89],  

Edwards et al. in stainless steels [38], C. Sun et al. in Ni [90] and  M. Song et al. in T91 steel [91]. 

In addition, a great many studies on bubbles under Helium irradiation have also confirmed that 

smaller grains contain lower bubble density [92-96]. 

The underlying mechanism of such enhanced radiation tolerance for nanograined materials is 

closed associated with the GB’s effect on defect formation and distribution [97]. Post-irradiation 

analysis revealed a void-denuded zone that is formed along GBs as shown in Figure 1.14(a), 

suggesting the vacancy supersaturation at GBs is too low to drive void nucleation and growth [60, 

67]. Moreover, as shown in Figure 1.4(b), the in-situ TEM irradiation captured direct absorption 

of mobile defect clusters by GBs, which is ascribed to the defect concentration gradient near GBs 

that serves as the driving force for the directional defect migration towards GBs [90].   
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Figure 1.7. Radiation tolerant nanostructured metals with various types of interfaces (defect 

sinks) [86]. 

 

 

Figure 1.8. GB-defect interactions. (a) Void-denuded zone along a grain boundary in neutron-

irradiated copper at 350 oC [60]. (b1-b4) Absorption of an individual loop (marked by an arrow) 

by a grain boundary (dashed lines) in heavy ion (1 MeV Kr++) irradiated Ni at room temperature 

[90]. 
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Theoretically, molecular dynamic (MD) simulation studies demonstrate that GBs can highly 

promote vacancy-interstitial recombination process while remaining their structural integrity [98]. 

Figure 1.15 shows the selected snapshots of the MD simulations on damage self-healing near a 

GB; the smaller black spheres represent pristine atoms, larger green spheres are interstitials, and 

red cubs mean vacancies. It was found that the GB can first capture interstitials and become 

overloaded as shown in Figure 1.15B, and then the interstitial-rich GB fire interstitials back into 

the lattice to annihilate any vacancies that come within a few nanometers of the GBs as shown in 

Figure 1.15C-I. This ‘loading-unloading’ mechanism of interstitial emission proves to be highly 

efficient, because point defect diffusion becomes easier in the interstitial-loaded GB than that in a 

pristine boundary without initials. 

 

 

Figure 1.9. MD snapshot showing the damage self-healing mechanism near GB [98]. 

1.5 Nanotwinned Metals  

In spite of their improved radiation tolerance, nanograined metals usually suffer from poor thermal 

stability due to the high excess energy stored in conventional high-angle grain boundaries [99]. It 

has been reported that radiation-induced grain-coarsening occurs even at room temperature [27]. 
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In addition, nanograined metals tend to become brittle and show little ductility when the grain size 

reduces to several and tens of nanometer scale [100]. Comparing with conventional grain 

boundaries, twin boundaries (TBs) are special high-angle boundaries with peculiar microstructures 

and lower energies [101]. Nanotwinned (NT) metals have been of great interest to material 

scientists in the past decade, because of their super thermal stability [102, 103], high electrical 

conductivity [104, 105], remarkable mechanical properties [106-108], and improved radiation 

tolerance [109, 110]. 

Twin structures are widely observed in various face-cubic-centered (FCC) metals with low 

stacking fault energy (
SF ). Some typical examples are displayed in Figure 1.16, including NT-Cu 

(
SF  = 45 mJ/m2) [104, 111, 112], NT-Ag (

SF  = 16 mJ/m2) [106], NT-Au [113] (
SF  = 32 mJ/m2) , 

and NT-austenitic stainless steel [114] (
SF  = 20-50 mJ/m2). In this section, a review is presented 

on recent investigations of NT metals with emphasis on their microstructures, mechanical 

properties, and radiation performance.  

 

 

Figure 1.10. Typical examples of nanotwin structures in FCC metals with lower stacking fault 

energy [104] [106] [114] [105] [113].   
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1.5.1 Microstructure of Twin Boundaries  

Twin structures can be introduced by fabrication processing (growth twins), plastic deformation 

(deformation twins), or recrystallization (annealing twins) [115]. The NT metals are characterized 

by a high density of twin boundaries (TBs), including Σ3 {111}  coherent twin boundaries (CTBs) 

and Σ3 {112}  incoherent twin boundaries (ITBs). Figure 1.17 shows a cross-sectional TEM 

micrographs of twin boundaries in epitaxial NT-Cu film [116]. Figure 1.17 (a) is the bright-field 

(BF) TEM image recorded from the <110> zone axis, and the inset selected area diffraction (SAD) 

pattern in Figure 1.17 (b) shows typical symmetrical spots of twin structure. The high-resolution 

(HR) TEM image in Figure 1.17 (c) reveals two distinct twin boundaries of CTBs and ITBs. The 

CTBs are straight and narrow, located on {111}  planes with twin and matrix symmetrically aligned 

on either side.  The ITBs, however, exhibit a narrow or diffuse feature depending on the local 

stress state, as respectively illustrated in Figure 1.17 (d) and 1.17 (e). ITBs are found to be highly 

mobile under electrical [117], thermal [118], and mechanical [119] extreme conditions, and their 

migrations lead to detwinning phenomenon accompanied with the reduction of twin boundary 

density [120].  

 

 

Figure 1.11. HRTEM micrographs of twin boundaries in epitaxial NT-Cu film [116]. 
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To describe the structure and migration behavior of ITBs, a dislocation model is proposed based 

on atomistic observations [121, 122] and simulations [116, 123], as schematically illustrated in 

Figure 1.18 [124].  According to this model, the ITBs contain groups of Shockley partial 

dislocations on successive {111}  planes. In Figure 1.18 (a), the three partials are denoted as Aδ, 

Bδ, and Cδ using the notation of the Thompson tetrahedron, and note that the sum of their Burgers 

vectors in one triple unit equals zero. Under shear stress, the pure edge dislocation Aδ is expected 

to be able to glide individually on {111}  plane. Bδ and Cδ, however, are two mixed dislocations 

with opposite sign screw components, and they migrate together due to their mutual attractive 

forces [123]. Consequently, their migrations give birth to the 9R stacking arrangement of 

BCACADABC, as shown in Figure 1.18 (b).  

 

 

Figure 1.12. Dislocation structures for (a) a narrow ITB and (b) a diffuse and wide ITB with 9R 

phase.  

 

1.5.2 Mechanical Properties of Nanotwinned Metals  

The conventional methods for strength enhancement, such as grain refinement or cold working, 

unfortunately lead to the reduction in ductility [77, 100, 125]. One of the promising ways to evade 

such strength-ductility trade-off dilemma is to utilize twin structures [126]. It has been reported 

that nanotwinned metals are ultra-highly strong, up to 10 times higher than conventional coarse-

grained metals in strength, yet considerably ductile compared with nanocrystalline metals [105]. 
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For instance, Figure 1.19 compares the tensile true stress-strain curve of NT-Cu with those of 

coarse-grained and nanocrystalline (nc) Cu [105].  

The strengthening mechanism for nanometals is attributed to the TBs’ effective block against 

moving dislocations in a manner analogous to conventional GBs [127], which has been extensively 

studied by molecular dynamic (MD) simulations [111, 128-131]. Various plausible dislocation 

interactions at the twin boundaries could occur depending on the characteristics of the dislocations 

and the driving stress [132]. Two typical interactions between an incoming 60o dislocation and the 

CTB in Cu are illustrated in Figure 1.20 [129]. In scenario A, the incoming two dissociated partials 

of Dγ and γA (in Thompson tetrahedron notation) first constrict into a perfect dislocation which 

then cuts through the CTB by splitting into three Shockley partials. Two (A`γ` and γ` D`) of them 

gild in the slip plane of the twin grain, while the third one (Cδ) glides along the twin boundary. In 

scenario B, however, the interaction results in one leading Shockley partial (γ` A`) and one sessile 

dislocation left at CTB called ‘i-lock’, a Hirth lock that is featured by one row of “interstitials”.  

 

 

Figure 1.19. Ultra-high strength with high ductility in NT-Cu. (a) Tensile stress-strain curves for 

a nanotwinned, coarse-grained and nanocrystalline (nc) Cu sample [105]. (b) and (c) TEM 

micrographs of twin lamellae and deformation-induced dislocations along TBs.  
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Figure 1.13. MD snapshots illustrating two distinct interactions between an incoming dislocation 

and a CTB in Cu [129]. 

 

The deformation behavior of NT metals is governed by two essential factors: TB orientation [133] 

and twin thickness [134]. The orientation-dependent plastic response was found in NT samples 

with preferentially oriented twin structures [135]. Experiments and simulations reveal that the 

columnar-grained highly textured NT-Cu exhibits the highest strength but least working hardening 

when the applied stress is oriented at 90o with respect to TBs [133]. Such mechanical anisotropy 

is determined by three distinct deformation mechanisms that can be switched when the loading 

orientation changes [133].  

In addition to TB orientation, TB spacing (or twin thickness) also plays an important role in the 

mechanical behavior of NT metals [134]. Figure 1.21 compiles the yield strength 
Y  of previously 

reported NT-Cu samples as a function of twin thickness t  [136]. When the twin spacing is larger 

than 15 nm, the yield strength follows the conventional Hall-Petch (H-P) relationship, increasing 

linearly with decreasing t . However, when the twin thickness decreases down to 15 nm, softening 

may occur in polycrystalline NT-Cu, presumably because of the dislocation nucleation at grain 

boundary-twin intersections [130]. 
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Figure 1.14. The dependence of twin thickness ( t ) on yield strength for NT-Cu [137]. 

 

1.5.3 Radiation Response of Nanotwinned Metals  

For the irradiated nanotwinned metals that are FCC structure with low-to-intermediate 

stacking fault energy, their dominant defect clusters are expected to be SFTs at nanometer scale 

due to their lower formation energy over other defects as predicted by the Equation 1.5-1.8 [36]. 

As a kind of 3D vacancy clusters, SFTs are stable in structure, and once formed it usually requires 

high temperature and long time to anneal them out [138]. However, they can be easily destructed 

and subsequently annihilated through the interactions with TBs [109, 139]. There are increasing 

evidences that show NT metals are more radiation tolerant than coarse-grained metals in terms of 

lower defect density [109, 110, 140-144]. The in-situ TEM radiation studies on NT-Ag by Yu [109] 

et al. reveal that SFT density drops significantly with decreasing average twin spacing. Figure 

1.22(a) and (b) compare the formation and distribution of SFTs in thick and ultrafine growth twins 

of irradiated NT-Ag. It is evident in Figure 1.22(c) that no SFTs are formed in twin structures 

when the twin spacing reduces to several nanometers that are comparable to the size of SFTs. 

Similar trend has been reported by Chen [110] in in-situ TEM radiation studies on NT-Cu.  Very 

recently, the ex-situ radiation study on NT-316 austenitic stainless steel by de Bellefon [144] shows 

that void swelling is highly suppressed in the presence of deformation twin structures, as shown 

in Figure 1.22(d) and (e). 
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Figure 1.15. Enhanced radiation tolerance in NT metals. (a) and (b) Removal of SFTs by growth 

twin boundaries in NT-Ag irradiated by 1 MeV Kr++ at room temperature [109]. (c) and (d) 

Suppression of void swelling in NT-316 austenitic stainless after irradiation by 3.5 MeV Fe++ at 

500 oC [144].  

1.6 Emulating Neutron Irradiation Effects with Heavy Ions  

Traditional radiation effect studies are conducted in test reactors, followed by comprehensive post-

irradiation analysis [145]. However, in practice such method may impede the advancement for at 

least three factors. First, there are not enough test reactors available for research purpose. Second, 

it takes a long time for test reactors to create adequate damage. For instance, two typical test 

reactors in the US can produce radiation damage at a maximum rate of 8 dpa/year. Third, reactor 

irradiation is extremely high in cost, and yet usually involved in dealing with radioactive samples.  

In order to overcome aforementioned issues, heavy ion irradiation technique was developed in the 

1960s with an initial purpose of supporting the fast breeder reactor program [146]. The fist 

consideration of emulating neutron irradiation effects with heavy ions is to identify the distinction 

between their damage evolution in structures. Figure 1.23 shows a pair of images comparing each 

feature in both ion- and reactor irradiated samples for ferritic-martensitic alloy HT9 (Fe-12Cr-1Mo) 

[145]. Qualitatively, they share the same standard microstructural features, such as (a) dislocation 

segments and loops, (b) G-phase precipitates in matrix, (c) G-phase precipitates along grain 

boundaries, and (d) voids.  
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Figure 1.16. Emulating reactor irradiation damage effects (bottom images) using self-ion 

irradiation technique (top images) [145].  

 

Compared with the test reactor radiation, heavy ion radiations are more efficient, economic, and 

safer.  In addition, heavy ion experiments have the  advantages of better control of irradiation 

parameters over a wide range of values, such as irradiation temperature, dose rate, and damage 

level [137]. Up to date, it has been widely adopted as an effective surrogate to emulate neutron 

radiation damage effects for post-irradiation testing [11, 145].  Nevertheless, one must be cautious 

about some limitations when conducting ion irradiation instead of neutron irradiation. For example, 

heavy ion irradiations have the lack of Helium, the transmutation product of nuclear reactions, 

such as the most promising reaction for a commercial fusion power plant [14]. As Helium atoms 

are hardly soluble in solids, they can rapidly diffuse through the lattice, interact with radiation-

induced defects, and play an important role in microstructure evolution. Therefore, it is suggested 

to implant Helium simultaneously or prior to ion irradiation to take into account the Helium’s 

effect on radiation damage [147]. Table 1.1 summaries several limitations and advantages usually 

encountered in practice [11].  
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Table 1.1. Advantages and limitations of irradiations with heavy ions. 

Advantages Limitations 

High dose rate (10-2 -10-4 dpa/s) Shallow irradiated region 

Amendable radiation parameters Narrow damaged profile 

No radioactive injure Temperature shift caused by high dose rate 

 No transmutation (no Helium) 

 Potential composition changes at high dose 

1.7 Small-scale Mechanical Testing on Irradiated Materials 

In radiation studies using heavy ions, the irradiated region is generally limit on sample surface 

with ion penetration depth at micrometer scale.  As a result, the conventional mechanical testing 

that requires standard specimen in large piece is hardly satisfied. In the past decade, the 

development and advances in electron microcopy systems make it possible to perform small-scale 

mechanical testing, which is gaining more and more popularity in the nuclear materials community 

[148]. Mostly used testing methods include nanoindentation [149], micro bending [150], tension 

[151], and pillar compression [152]. Figure 1.24 is a typical example about nano-compression 

testing of irradiated Cu [153]. The samples, with a dimeter of 80-1500 nm, were prepared by 

focused ion beam (FIB) technique and compressed by a diamond punch inside a TEM, as 

illustrated in Figure 1.24(a). Before compression, the samples contain a high density of radiation-

induced defects, as shown in Figure 1.24(b). The in-situ TEM snapshots in Figure 1.24(c)-(f) 

reveal that deformation and hardening are governed by the bowing and exit of short dislocations, 

indicated by gentle load drops in Figure 1.24(g).  
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Figure 1.17. Nanocompression testing of neutron-irradiated copper [153]  

 

With appropriate small-scale testing methods, it is possible to evaluate mechanical property 

changes from small volumes of irradiated components. However, the small-scale mechanical 

testing inevitably suffers from the so called ‘extrinsic size effect’, arising from sample dimension 

change [154]. It has been pointed out that miniature specimens contain too few dislocation sources, 

so their plastic yielding is much more difficult to be activated until the applied stress approaches 

the theoretical values of material [155]. Consequently, the measured strength of small-volume 

specimens at nanometer or micrometer scale tend to be higher than bulk materials [155, 156]. For 

irradiated samples, their mechanical properties are also influenced by the ‘intrinsic size effect’ 

controlled by the size, density and distribution of radiation-induced defect clusters [157]. Figure 

1.26 schematically illustrates the intrinsic-extrinsic size effect relationship for microchemical tests 

on irradiated (fewer obstacles) and unirradiated samples (more obstacles) [157]. The vertical 

dashed line in Figure 1.26 indicates the transition dimension, beyond which the extrinsic size effect 

is insignificant for irradiated samples. It is worth noting that, in addition to small-scale mechanical 

tests, other complementary techniques and further data analysis are necessary in order to obtain 

bulk emerging like properties and bridge the experimental length-scale gap [158].  
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Figure 1.18. Illustration of the specimen size effect and the influence of irradiation [157]. 

1.8 Motivation and Objective      

The motivation and objective of this thesis is to explore the heavy ion radiation damage effects on 

microstructure and mechanical properties in nanostructured Cu, via the methods of in-situ and ex-

situ radiation experiments, post-irradiation TEM analyses, small-mechanical testing (micro-pillar 

compression), and computer simulations (molecular dynamics and phase-field modeling).  

We chose Cu as our target material for radiation studies, because it is a classical FCC model system 

that has long been used and extensively studied in both radiation damage effects [46, 60, 87, 159-

161] and materials mechanical properties [105, 134]. With the composition little changed, we 

utilize the direct current (DC) magnetron sputtering deposition technique to design and fabricate 

two distinct nanostructured Cu films on Si substrates with different orientations: Nanovoid-

Nanotwinned (NV-NT) Cu (111) and Nanovoid Cu (110). The microstructures are tailored by 

controlling the deposition parameters and the orientation of Si substrates. These microstructure 

differences result in dramatically different mechanical properties and radiation performances. To 

assemble the influence of nanostructured features (twin boundaries) on material properties, a 

coarse-grained counterpart Cu is taken as the reference. The conclusions are finally drawn based 

on the comparisons between our nanostructured Cu and coarse-grained reference, and numerous 

previous works on Cu.  
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 EXPERIMENTAL  

2.1 Magnetron Sputtering 

Cu and CuFe (3 at. %) alloy thin films, ~ 2 μm thick, were deposited onto HF acid etched Si 

substrates via direct current (DC) magnetron sputter deposition technique. Figure 2.1(a) 

schematically illustrates the basic features of a DC sputter deposition system. Prior to deposition, 

the chamber is evacuated to a high vacuum state. Then Ar atoms are introduced, ionized, and 

accelerated toward the target (cathode) at high speed by an imposed electronic field, causing the 

neural atoms of the target source to be dislodged [162]. These atoms transmit through the discharge 

and condense onto the substrate (anode), thus resulting in film growth. In addition, a closed 

magnetic field is superimposed with an electric filed to improve the efficiency of the initial 

ionization process, so that a plasma can be easily generated at lower pressures. Figure 2.1(b) is the 

picture of a home-made magnetron sputtering system used in this thesis. It is operated by Zhang 

Nanometal Group at Purdue University. The system contains four sputtering guns (Kurt J. Lesker, 

Inc.) and two DC power supplies, pumped by both turbomolecular and cyropumps with a typical 

base pressure of < 8 × 10-8 torr. 

 

 

Figure 2.1. (a) Schematic showing the basic features of a DC sputter deposition system. (b) 

Magnetron sputtering system used for depositing thin films.   
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2.2 Texture Analysis and Microstructure Characterization  

2.2.1 X-ray Diffraction  

The microstructure of sputtered films is dependent on film texture [106] that can be examined by 

X-ray diffraction (XRD). XRD analysis is based on the interaction of X-rays with the atomic 

structure of a crystalline lattice. In this technique, the incident X-rays are scattered by the atoms at 

a certain family of crystallographic planes [163]. The diffracted X-rays are collected by a detector 

and form a unique pattern with discrete diffraction peaks. For parallel planes of atoms, with an 

interplanar spacing d, a diffraction peak occurs when Bragg’s Law is satisfied: 

2 sinn d      Equation 2.1 

where n is an integer referring to the order of the observed peak, λ is the wavelength of the X-ray, 

and θ is the incident angle between incident X-ray and diffracting planes.  

The X-ray scans were conducted at Purdue University using a Panalytical Empyrean X'pert PRO 

MRD diffractometer with a Cu Kα1 source. Two kinds of X-ray scans (θ-2θ and φ) are used in this 

thesis, whose operating conditions are schematically illustrated in Figure 2.2. During a θ-2θ scan, 

the sample stage is fixed, while the X-ray source and detector are moving along a circle, as shown 

in Figure 2.2(a). The conventional 2θ-scan can only determine the atomic planes parallel with film 

surface as marked by { }hkl  in Figure 2.2(a). To measure different crystallographic planes and 

determine the orientation-relationship (OR) between film and substrate, the φ-scan is also set up 

as shown in Figure 2.2(b). During a φ-scan, the sample is tilted by χ so that another originally 

inclined family planes, marked by { }mnp  in Figure 2.2(b), can become horizontal. Meanwhile, 

the X-ray incident angle is kept as the diffraction angle of { }mnp  planes, and the angle value θmnp 

can be calculated using the Bragg’s Law in Equation 2.1. To complete a φ-scan, the tilted sample 

stage rotates around its symmetrical axis, while the X-ray source and detector remain stationary, 

as shown in Figure 2.2(b).  
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Figure 2.2. Schematic diagrams for (a) 2θ-scan and (b) φ-scan.  

 

2.2.2 Transmission Electron Microscope  

Transmission electron microscope (TEM) makes use of the properties of electrons, both as 

particles and waves, to characterize material microstructure at nanometer scale. The TEM imaging 

is based on the interaction between incident electrons and target materials through scattering and 

diffraction. Depending on how the electrons are scattered and diffracted, the electron beam can 

change both its amplitude and phase when traversing the specimen, and both types of change can 

give rise to image contrast [164]. TEM has been widely used in the field of radiation damage 

studies for understanding how microstructures develop under irradiation [165]. However, TEM 

technique has its own limitations, and various artefacts may occur during an imaging process. In 

practice, therefore, it is essential to control appropriate imaging conditions for high-quality 

structural characterizations. Figure 2.3(a) compares the operational modes of two most important 

imaging conditions: bright field (BF) and dark field (DF). Their conditions are primarily controlled 

by using of an objective aperture to select transmitted or diffracted beam, resulting in BF or DF 

TEM image, respectively. Figure 2.3(b) shows the picture of a FEI Talos 200X TEM that is used 

in this thesis for TEM imaging and post-irradiation analysis.  
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Figure 2.3. (a) Operational modes of BF and DF imaging conditions. (b) Picture of a FEI Talos 

200X TEM used in this thesis.  

2.3 Heavy Ion Irradiation  

2.3.1 In-situ TEM Irradiation by 1 MeV Kr++ 

Compared with conventional ex-situ radiation experiments, in-situ TEM ion irradiation enjoys the 

advantage of real time observation of defect formation and evolution under well-controlled 

radiation conditions, which is essential for understanding fundamentals of radiation damage in 

materials [166]. The in-situ TEM irradiations in this thesis were conducted in the Intermediate 

Voltage Electron Microscope (IVEM)-Tandem Facility at Argonne National Laboratory (USA), 

as shown in Figure 2.4(a). The TEM foils, estimated as ~ 100 nm thick and transparent to 200 kV 

electron beam, were irradiated by 1 MeV Kr++ with the ion beam incident at 30o from the electron 

beam and 15o from the foil normal, as schematically shown in Figure 2.4(b). Radiation damage 

was calculated using SRIM-2008 [26], with full damage cascades and the displacement energy, 

dE  =  30 eV for Cu [11]. The calculated depth profiles of ion concentration and radiation damage 

for 2 × 1014 ions/cm2 1 MeV Kr++ planted in Cu are given in Figure 2.4(c). According to the SRIM 

calculations, most (~ 95 %) of the Kr++ can transmit through the TEM foil and cause ~ 1 dap 

damage in the foil.  
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Figure 2.4. In-situ 1 MeV Kr++ irradiation. (a) The author standing in front of the IVEM-Tandem 

Facility at Argonne National Laboratory (taken by Jin Li, 2015). (b) Schematic illustration of 

experimental setup for in-situ TEM irradiation. (c) SRIM calculation of radiation damage (in 

dpa) and ion concentration in Cu caused by 1 MeV Kr++. 

 

2.3.2 Ex-situ Multi-He+ Irradiation  

In addition to in-situ TEM irradiations, ex-situ irradiations by He+ was also conducted at the Ion 

Beam Materials Lab, Los Alamos National Laboratory (USA), with three sets of He ion beams 

(with various energies of 50, 100 and 200 keV) sequentially implanted into specimens, as shown 

in Figure 2.5 (a). The corresponding damage profiles and implanted He concentration are shown 

in Figure 2.5 (b). Such multi-He irradiation can produce a desirable region with uniform damaged 

features along the penetration depth, making it more straightforward for conducting and analyzing 

small-scale mechanical testing afterwards. 
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Figure 2.5. He-radiation damage (in dpa) plotted as a function of penetration depth (in nm). (a) 

Radiation damage of individual He irradiation with various energies of 50, 100, and 200 keV. (b) 

The total radiation damage profile (red) along ion penetration depth.  

2.4 Focused Ion Beam 

In the past decade, the focused ion beam (FIB) technique has been developed into a versatile and 

powerful tool for scientists and engineers, successfully applied in various fundamental materials 

studies and technological applications, such as TEM sample preparation, nanomachining, and 

microstructural analysis [167, 168]. In this thesis, the micropillars and TEM samples were 

fabricated from irradiated materials or deformed pillars using a dual-beam FIB-SEM instrument, 

as schematically shown in Figure 2.6. It works inside a FEI quanta 3D FEG SEM that consists of 

a micromanipulator, a highly focused Ga ion beam, and a Pt gas injection. The Ga ion beam is 

designed for precise machining, while the Pt gas injection is used for local mechanical vapor 

deposition. The angle between Ga ion beam and electron beam is 52o, and the sample stage is tilted 

from time to time during an ion milling or lift-out process.  
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Figure 2.6. Schematic illustration of the dual-beam FIB-SEM instrument used for micropillar and 

TEM sample preparation. 

2.5 Micropillar Compression  

The in-situ SEM compression tests on FIB-machined micropillars were performed using a 8 µm 

flat punch on a Hysitron TI 950 TriboIndenter equipped with a transducer with 1 nN load resolution, 

and the thermal drift rate was below 0.05 nm/s, and monitored for 40 s prior to compressions 

conducted at a strain rate of 1 × 10−3 /s. Figure 2.7 (a) schematically shows the experimental setup, 

and Figure 2.7(b) shows a representative as-fabricated micropillar for compression test.  

 

Figure 2.7. In-situ SEM micropillar compression test on irradiated materials. (a) Schematic 

illustration of experimental setup. (b) SEM image of a representative FIB-machined micropillar. 
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 DEFECT EVOLUTION IN HEAVY ION IRRADIATED 

NANOTWINNED CU WITH NANOVOIDS 

The lab work was performed at Argonne National Laboratory by Dr. Youxing Chen and Dr. Jin Li 

with guidance of Dr. Meimei Li. The data analysis and writing were completed by Cuncai Fan 

with guidance and editing by Dr. Xinghang Zhang.  

The following chapter contains content reproduced with permission from “Fan, C., Y. Chen, Jin 

Li, Jie Ding, H. Wang, and X. Zhang. "Defect evolution in heavy ion irradiated nanotwinned Cu 

with nanovoids." Journal of Nuclear Materials 496 (2017): 293-300.” Copyright 2017 Elsevier 

B.V. 

3.1 Overview  

Our previous in-situ TEM radiation studies revealed that the pre-existing nanovoids formed in the 

nanotwinned Cu can enhance the radiation tolerance [169]. Such capability is assumed to arise 

from high density of coherent and incoherent twin boundaries that rapidly capture and transport 

point defects and dislocation loops to nanovoids. To confirm our assumption, this chapter presents 

a follow-up study about how defects evolve in the presence of nanovoids and twin boundaries. 

Epitaxial nanotwinned Cu film with abundant nanovoids surrounding domain boundaries was 

subjected to Kr ion irradiation inside a transmission electron microscope at various dose rates. It 

was found that irradiation-induced defect clusters distributed preferentially near domain 

boundaries during the early stage of radiation. Meanwhile, the pre-existing nanovoids continuously 

shrank. This study suggests that the defect network enabled by the unique combination of 

nanotwins and nanovoids may significantly enhance the radiation tolerance of metallic materials. 

3.2 Introduction  

When metallic materials are subjected to irradiations by high-energy ions or neutrons, a large 

number of vacancy and interstitial clusters are induced in form of Frank (intrinsic or extrinsic) 

loops, perfect dislocation loops, stacking fault tetrahedrons (SFTs), voids and bubbles[36, 38, 60, 

170-176]. These irradiation-induced defects cause dramatic microstructural alteration, leading to 

the degradation of physical and mechanical properties in irradiated materials [172, 177-179]. For 
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instance, the irradiation-induced hardening and embrittlement in metallic materials have been 

frequently reported [180-182]. Therefore, it is of great significance to design advanced materials 

with excellent radiation tolerance. In general, radiation tolerance of a material is largely 

determined by its capability to remove point defects[98, 183, 184]. Thus in principle the radiation 

tolerance of a metallic material can be enhanced by introducing sufficient defect sinks that are 

capable of annihilating defects and consequently suppressing radiation damage[185, 186]. To date, 

various types of defect sinks have been investigated, including grain boundary [90, 91, 98, 187-

190], phase boundary[191-194], free surface[195, 196] and twin boundary (TB)[109, 110, 197]. 

Among them grain boundary alleviated radiation damage has been intensively studied, and prior 

studies revealed that certain nanostructured materials, containing a large volume fraction of GBs, 

exhibit exceptional radiation resistance [31, 84, 198-201]. However, the grain coarsening of 

nanocrystalline materials, often observed during irradiation at elevated temperature[27], 

compromises their radiation resistance.  

Recently, nanotwinned (nt) metals have shown superior thermal stability and remarkable radiation 

tolerance compared to their nanograined counterparts [102-104, 110, 140, 202]. In-situ radiation 

studies in a transmission electron microscope unraveled that irradiated nt Cu and Ag, with a high 

density of TBs, contained a lower defect density than its bulk counterpart under the same radiation 

conditions [109, 110, 203]. The in-situ observations also confirmed that SFTs, a dominant type of 

vacancy clusters in various irradiated metals with face-centered-cubic (fcc) structure, can be 

removed through their frequent interactions with TBs [109]. In addition, TB affected zones were 

observed in heavy ion irradiated nt Ag, providing direct evidence that TBs can act as an effective 

defect sinks[140]. Our recent studies on nt Cu showed that its radiation tolerance could be 

enhanced further by introducing nanovoids (nvs) at domain boundaries[169, 204]. Nevertheless, 

as defect density evolves rapidly. the early-stage of defect-TB interactions has not yet been fully 

understood. To elucidate this issue, here we report a follow-up in-situ Kr++ irradiation study on 

nanovoid-nanotwinned (nv-nt) Cu. The results show that irradiation-induced defect clusters were 

non-uniformly distributed inside the specimen at the early stages of irradiation process, lending 

further evidence for the enhanced radiation tolerance of nv-nt Cu. 
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3.3 Experimental  

An epitaxial nt Cu film, ~1.5 m thick, was deposited on HF etched Si (110) substrates at room 

temperature via DC magnetron sputtering technique. The chamber was evacuated to a base 

pressure of < 8 × 10-8 torr prior to deposition, and the deposition rate was kept at ~ 0.6 nm/s.  Plan-

view transmission electron microscopy (TEM) samples were prepared by polishing, dimpling and 

low energy (3.5 keV) Ar ion milling.  

In-situ Kr++ irradiation was conducted at room temperature in the Intermediate Voltage Electron 

Microscope (IVEM), at Argonne National Laboratory. The Kr++ beam had a high energy of 1 MeV, 

and the microscope was operated at 200 kV. During radiation, a CCD camera was utilized to 

capture the microstructural evolution at 15 frames/s. The displacement damage inside TEM foil 

was estimated using the SRIM (Stopping and Range of Ions in Matter) simulation with the Kinch-

Pease method [205, 206]. 

The dose rate was controlled to be low in order to gain sufficient time for extracting more details 

on defect-TB interactions and the evolution of defect density during early stage (low dose) of 

radiation. The entire experiment consisted of two stages: stage 1 ranging from 0 to 0.025 dpa at a 

low dose rate K1 = 2.2 × 10-4 dpa/s, and stage 2 over a dose of 0.025 - 0.1dpa at a higher dose rate 

K2 = 6.0 × 10-4 dpa/s. 

3.4 Results 

Figure 3.1 displays the microstructure of as-deposited epitaxial nt Cu film before irradiation. To 

characterize nanovoids, most of the TEM images were recorded at the under-focus condition (Δf 

≈ - 500 nm), when voids appear as predominantly white dots surrounded by dark Fresnel fringes. 

The plan-view TEM micrograph examined from Cu <111> zone axis in Figure 3.1 (a) shows 

abundant nanovoids positioned along columnar domain boundaries, and the inserted selected area 

diffraction (SAD) pattern confirms the formation of singe crystal Cu. The cross-sectional TEM 

micrograph examined from Cu <110> zone axis in Figure 3.1 (b) shows a high number density of 

growth twins with 3 {111}  coherent twin boundaries (CTBs) and 3 {112}  incoherent twin 

boundaries (ITBs). It is worth noting that most of the vertical ITBs are located around domain 

boundaries and are decorated with nanovoids marked by circles in Figure 3.1(b). Statistic studies 
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in Figure 3.1(c-e) show the average domain size 
aveD , void size 

aveL  and twin thickness 
avet , are 

approximately 102, 7 and 7 nm, respectively. 

 

 

Figure 3.1. Microstructure of nv-nt Cu. (a) Plan-view TEM micrograph showing the epitaxial Cu 

film containing abundant nanovoids located along columnar domain boundaries (marked by red 

dotted lines).  (b) Cross-sectional TEM micrograph showing the structures of growth twins and 

nanovoids (red circles). Both coherent twin boundary (CTB) and incoherent twin boundary (ITB) 

are labeled. (c-e) Histograms showing the statistics of average domain size 
aveD , void size 

aveL  

and twin thickness 
avet , measured from TEM.  

 

A series of in-situ TEM snapshots in Figure 3.2 demonstrate the defect morphology evolution up 

to 0.1 dpa at low and high dose rate. These images were taken in a bright-field condition along Cu 

<111> zone axis to determine defect density. In order to investigate the influence of domain 

boundaries on defect accumulation and distribution, each domain is divided into three equal-area 

regions according to their distances to boundaries, Region I located between the red and blue lines 

is defined as the boundary region. Region II, the intermediate region, is delineated between the 

blue and green lines. In the center of each domain lies region III, the center region. The width of 

region I and II is ~9 and 21 nm, respectively. Qualitatively, the TEM micrographs show that a 

majority of the irradiation-induced defect clusters (black dots) were located near domain 

boundaries in boundary region II, especially in stage 1 of low dose radiation in Figure 3.2 (a-c).  
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Figure 3.2. Bright-field TEM snapshots showing the accumulation and distribution of defect 

clusters during in-situ Kr++ ion irradation of nv-nt Cu up to a dose of 0.1 dpa. Each doamin is 

divided into three equal-area regions, as marked in (a)  by I, II and III that are bounded by red, 

blue and green lines, and the irradiation-indcued defects show preferential distribution in Region 

I.  (a-c) The defect evolution in stage 1 of low dose rate from 0 to 0.025 dpa. (d- f) The defect 

evolution in stage 2 of high dose rate from 0.025 to 0.1 dpa.  

 

The quantitative analysis of defect evolution in each region is shown in Figure 3.3. The defect 

density in all 3 regions accumulates nearly linearly with increasing dose, and the accumulation 

rate becomes greater in stage 2 of higher dose rate (Figure 3.3(a)). A linear superposition of defect 

density in all 3 regions is shown in Figure 3.3(b). Figure 3.3(c) shows the accumulative defect 

density is the highest in boundary region I, and the lowest in center region III. Figure 3.3(d) shows 
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the normalized fraction of defect density in each region over two radiation stages. As each region 

has identical area, a yellow dash line at 33% is shown to indicate the iso-fraction defects level. At 

stage 1, the density of defects reaches 50% in boundary region I, much greater than that in center 

region III, merely 20%. However, at stage 2 (a higher dose rate), such a large gap is considerably 

reduced and defects exhibit a tendency of more uniform distribution as indicated by arrows. 

 

 

Figure 3.3. Statistics of defect cluster accumulation and distribution. (a) and (b) The defect 

accumulation with increasing time and dpa for individual regions and the entire area. (c-d) The 

defect density and fraction at different regions over two stages of low and high dose rate. I, II 

and III correpond to the boundary, intermediate and center region, respectively. 

 

During irradiation interstitial and vacancy clusters are produced simultaneously in nv-nt Cu. 

Previous TEM observations indicate that in Cu with low stacking fault energy, a majority of the 

irradiation induced defects are SFTs, which can be identified by their well-defined triangular 

shapes in TEM studies[37, 39]. In-situ videos captured the morphology evolutions of several SFTs 

as shown in Figure 3.4. Before irradiation the grain G1 in Figure 3.4(a) was basically free from 

defects. By 198s (0.075 dpa) in Figure3.4(b), a large number of defect clusters were generated, 

and two SFTs (SFT1 and SFT2) emerged in the center of G1. At 204s in Figure 3.4(c), the SFT1 
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reduced its footprint and another SFT, SFT3, was generated adjacent to the slightly enlarged SFT2. 

During further irradiation at 208 s, SFT1 was eliminated (Figure 3.4(d)).  At 213s in Figure 3.4(e), 

the two SFTs changed their shapes, and SFT2 appeared to be truncated. A few sec later at 217s 

(0.086 dpa), both SFT2 and SFT3 collapsed into smaller defect clusters (Figure3.4(f)). In 

comparison to the long-lived SFTs, interstitial loops usually have a shorter life-span[110], and two 

small circular loops L1 and L2 marked in Figure 3.4(e) were eliminated in merely several sec. 

 

 

Figure 3.4. In-situ TEM observation of morphology evolution of SFTs. (a) Before irradiation, 

grain G1 contains few defects. (b)-(f) Three triangular defects of SFT1-SFT3 were induced and 

finally removed in the center of G1. In contrast, two circular interstitial loops of L1 and L2 were 

generated in (e) and quickly removed after 4 seconds in (f).  

 

Meanwhile, a majority of nanovoids at domain boundaries contracted continuously during 

irradiation. Typical void shrinkage events captured by in-situ TEM experiments are shown in 

Figure 3.5. At 0 dpa, three representative voids (V1-V3 in red circles) with comparably large 

diameters of 12.4, 10.8 and 7.6 nm and two relatively small voids (indicated by white arrows) were 

tracked. After irradiation over 250 s to 0.1 dpa, the dimension of three large voids labeled in circles 

decreased to 9.4, 9.8 and 5.2 nm respectively, while the two smaller voids (by arrows) almost 

disappeared. Figure 3.5(e) shows the variation of void size (L) with increasing time and dose for 

ten nanovoids of various dimensions, with initial diameter ranging from 5 to 12 nm. The void size 
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decreased slightly during radiation at low dose rate (stage 1), and the void shrinkage rate increased 

at stage 2 at higher dose rate. The correlation of this phenomenon with the interstitial diffusion and 

absorption will be discussed later. 

 

 

Figure 3.5. Continuous void shrinkage at domain boundaries during in situ Kr++ ion irradiation. 

(a-d) Sequential TEM snapshots revealing the typical void shrinkage phenomenon. (e) Compiled 

chart showing the reduction of void size with increasing dose. 

3.5 Discussion 

3.5.1 Defect Formation, Diffusion and Distribution in nv-nt Cu 

Under heavy ion irradiation, vacancy-interstitial (Frankel) pairs are created by the well-known 

collision cascade. Compared with vacancies, interstitials have lower migration energy, ~ 0.1eV for 

Cu at room temperature [172], and once produced they can diffuse rapidly in all directions until 

they are absorbed by defect sinks [183]. In general, defect sinks, such as high-angle grain 

boundaries  can efficiently absorb and eliminate irradiation-induced defect clusters, and thus 

experimentally there are increasing evidences that show defect density (such as void, dislocation 

loop or He bubble density) is low near grain boundaries [189], and the concept of defect denuded 

zone has been well adopted [98, 189]. In this sense, the current study is surprising and 

counterintuitive as it shows clearly the enrichment of dislocation loops near domain boundaries.  

To interpret such a phenomenon, several aspects shall be taken into consideration. First, the current 

study focuses on very low dose of radiation, that is defect density has not been saturated throughout 

the entire grains. Prior studies on defect denuded zone near GBs primarily deal with heavily 
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irradiated specimens, wherein defect density has already reached saturation [189]. Second, the nv-

nt Cu in this study contains a high number density of TB networks, including CTBs at domain 

interior and ITBs at domain boundary. On the one hand, it has been reported that the CTBs in Cu 

can act as fast-diffusion channels [207], through which interstitials migrate rapidly and 

subsequently be annihilated at defect sinks [169]. On the other hand, the ITBs in Cu can be 

described as a group of 1/6<112> partial dislocations on three successive {111}  planes [116, 120]. 

ITBs are effective sinks for interstitials and vacancies, and MD simulation studies have revealed 

that the formation energy for an interstitial in ITBs is smaller (~1.3 eV) than that in crystal lattice 

(~ 3.1 eV) [37, 169], indicating ITBs can provide heterogeneous nucleation sites for self-interstitial 

atoms. Hence the interstitials produced inside a domain are more likely to be eventually captured 

by ITBs at domain boundaries. Third, the ITBs are decorated by a large number of nanovoids, 

which can eliminate a significant amount of interstitials. However, it may take time for interstitials 

to migrate along ITBs and be eventually captured by the nanovoids.  

Based on the current studies, a hypothetical mechanism for defect formation and distribution in 

nv-nt Cu is schematically illustrated in Figure 3.6. Initially, when a defect cluster is created in 

domain interior in nv-nt Cu, it inevitably introduces internal stress that deforms the local segment 

of CTBs, forming curved TBs consisting of ITB steps [202]. The ITB steps may promote defect 

absorption and migration. Eventually, the radiation-induced defects are transported to nanovoids 

through TB networks. Such a defect removal process includes two major steps: step 1 is the rapid 

diffusion of interstitials from domain center to boundary along CTBs, and step 2 is the 

transportation of interstitials along ITB walls into nanovoids with a net flux of 
i

J , as schematically 

shown in Figure 3.6(a). Another possible mechanism for the accumulation of such loops at TBs 

could be due to the migration of these loops. It has been shown that nanometer-sized loops exhibit 

1D migration capability [49, 50, 208]. Perfect loops with Burgers vector of ½ <110> may glide 

along the close packed <110> direction on {111}  planes (parallel to CTBs) [50, 208]. 

Consequently, these mobile defect loops may migrate toward and accumulate by domain 

boundaries (ITBs). 

Now we discuss the influence of dose rate on defect distribution from the viewpoint of kinetics. 

The local change in interstitial concentration /iC t   can be written as its net production rate  , 

and the diffusion rate into or out of the local volume arising from its flux gradient  J , which can 

be mathematically described as:  
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iC

t



 


J    Equation 3.1 

In the early stage of radiation, the net defect production rate is dominated by collision cascade and 

assumed to be uniform throughout domains. However, due to a directed net flow of interstitials 

from center to boundary (driven by the existence of ITBs and nanovoids as defect sinks) as shown 

in step 1 in Figure 3.6(a), the diffusion term in domain center,  
III

J , is greater than that in 

boundary region,  IJ . In other words, defects are rapidly transported away from center region 

(via CTBs), leaving behind less defect clusters. Whereas the defect clusters lined up along ITBs, 

waiting to be transported by ITBs to nanovoids. It is worth mentioning that although nanovoids 

are effective interstitial sinks, interstitial clusters landed at ITBs need to go through a diffusion 

process to locate the nanovoids before being eliminated (as nanovoids are distributed in a scattered 

way along ITBs). Given the existence of defect absorption time, interstitial clusters may 

accumulate along the ITBs (boundary region), as shown schematically in Figure 3.6(b). At higher 

dose rate in stage 2, the defect production rate 
2  is higher, and only a portion of the radiation-

induced defects can be instantly transported away from the center, so defect clusters begin to 

accumulate in both center and boundary and tend to distribute more uniformly. This hypothesis is 

consistent with our TEM observations as shown in Figure 3.2, and it is further confirmed by the 

continuous shrinkage of nanovoids in domain boundary (see Figure 3.5) and the emergence of 

SFTs in domain center (see Figure 3.4).   
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Figure 3.6. Schematic illustration of defects formation and distribution in nv-nt Cu. (a) The 

microstructure of nv-nt Cu with CTBs and ITBs, as well as nanovoids. Irradiation-induced 

interstitials are absorbed and removed effectively through two steps: step 1, rapid diffusion along 

CTB, and step 2, transportation into nanovoids via diffusion in ITBs with a net flux 
i

J , 

measured as 
1 75.6 10 
i

J mol/(m2s) for stage 1, and 
2 61.8 10 
i

J  mol/(m2s) for stage 2. The 

interstitial accumulation rate /iC t   is the summation of its net production rate 𝜌̇ and diffusion 

flux gradient   J . (b) The defect distribution in stage 1 at low dose rate, where the interstitial 

accumulation rate 
1  J  is almost zero at domain interior. Eventually, most of the self-

interstitial atoms are accumulated in domain boundary (labeled as I). (c) The defect distribution 

at stage 2 of high dose rate, where the interstitial accumulation rate 
2    J  is greater than zero 

in domain boundary and center (labeled as III) with a more uniform distribution of defects. 

Meanwhile, a large number of vacancies are left behind in the center and may agglomerate into 

SFTs. 

 

3.5.2 Shrinkage of Nanovoids Near Domain Boundaries  

The nanovoids in boundary regions shrink gradually with increasing dose (see Figure 3.5) through 

continuous absorption of interstitials. Assume the net radial flux of interstitials towards all 

nanovoids is a constant, 
i

J  (see Figure 3.6) and its value can be estimated as: 
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1

m

dL

V dt


i
J     Equation 3.2 

where 
mV  is molar volume, and the void shrinkage rate /dL dt  can be obtained from statistics in 

Figure 3.5. For stage 1 at low dose rate, 3/ 4 10dL dt    nm/s and we arrive that 
1 75.6 10 
i

J

mol/(m2s); similarly, for stage 2 at higher dose rate, 2/ 1.3 10dL dt   nm/s and thus 

2 61.8 10 
i

J  mol/(m2s). The fact that 
2J  is ~ 3 times larger than 

1
J  indicates that nanovoids are 

efficient in absorbing extra defects generated in the matrix at higher dose rate. Considering the 

dose rate increased by ~3 times in stage 2, it can be concluded that the sink efficiency in nv-nt Cu 

remains unchanged and is nearly independent of dose rate. Previous studies show that with 

increasing dose, the defect density reaches saturation [178]. For coarse-grained Cu, its irradiation-

induced defect density reaches a saturation of ~5×1023 m-3 at a low dose of ~0.01 dpa [84, 209]. 

For nv-nt Cu in current study, the defect density is ~5×1022 m-3 at 0.1 dpa (see Figure 3.3(b)), 

much smaller than that of coarse-grained counterpart, indicating a much better resistance to 

irradiation of nanotwinned and nanovoid materials.  

3.6 Conclusions 

In-situ Kr ion irradiation studies at both low and high dose rate on nv-nt Cu were performed to 

investigate the evolution of defect clusters. The major findings include the followings: (1) Initially 

at a lower dose rate, defect clusters were distributed preferentially near domain boundaries. 

However, at a higher dose rate, the defect clusters tended to be distributed more uniformly. (2) 

Nanovoids at domain boundaries shrank continuously during the radiation process, which was 

caused by interstitials diffusion and transportation along CTB-ITB networks. The interstitial fluxes 

to nanovoids are estimated as 5.6×10-7mol/(m2s) and 1.8×10-6mol/(m2s) at low and high dose rate, 

respectively. These findings provide in-depth understanding for the impact of nanovoid-nanotwin 

network on the alleviation of radiation damage in nanotwinned metals. 
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 HELIUM IRRADIATION INDUCED ULTRA-HIGH 

STRENGTH NANOTWINNED CU WITH NANOVOIDS 

The radiation experiment was performed at Los Alamos National Laboratory by Dr. Di Chen with 

guidance of Dr. Yongqiang Wang. The mechanical testing was performed by Cuncai Fan at Purdue 

University, with great help from Qiang Li, Jie Ding, Zhongxia Shang, Jin Li, Ruizhe Su, Jaehun 

Cho. The molecular dynamic simulation was performed by Yanxiang Liang with guidance by Dr. 

Jian Wang at University of Nebraska-Lincoln. The data analysis and writing were completed by 

Cuncai Fan with guidance and editing by Dr. Xinghang Zhang.  

The following chapter contains content reproduced with permission from “Fan, C., Li, Q., Ding, 

J., Liang, Y., Shang, Z., Li, J., Su, R., Cho, J., Chen, D., Wang, Y. and Wang, J., 2019. Helium 

irradiation induced ultra-high strength nanotwinned Cu with nanovoids, Acta Materialia (in 

press)”.  Copyright 2019 Elsevier Ltd. 

4.1 Overview  

There are increasing studies that show nanotwinned (NT) metals have enhanced radiation tolerance. 

However, the mechanical deformability of irradiated NT metals is a largely under explored subject. 

Here we investigate the mechanical properties of He ion irradiated NT-Cu with preexisting 

nanovoids. In comparison with coarse-grained Cu, nanovoid nanotwinned (NV-NT) Cu exhibits 

prominently improved radiation tolerance. Furthermore, in-situ micropillar compression tests 

show that the irradiated NV-NT Cu has an ultrahigh yield strength of ~ 1.6 GPa with significant 

plasticity. Post radiation analyses show that twin boundaries are decorated with He bubbles and 

thick stacking faults. These stacking fault modified twin boundaries introduce significant 

strengthening in NT-Cu. This study provides further insight into the design of high-strength, 

advanced radiation tolerant nanostructured materials for nuclear reactor applications.   

4.2 Introduction  

Nuclear energy holds the promise as a reliable and economic next-generation source of electricity 

[2, 4]. New concepts of advanced fusion and fission nuclear reactors require structural materials 

to perform stably in extremely aggressive radiation environment (high dose and high temperature) 
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[5, 9, 10]. Severe radiation damage often occurs in the core of nuclear power reactors where 

structural components are subjected to intense fluxes of energetic neutrons [6], resulting in a wide 

variety of defect clusters [36, 210], such as dislocation loops [38, 46, 196], stacking fault 

tetrahedrons (SFTs) [39, 211], and cavities (voids or bubbles) [40, 212, 213]. These defects 

typically cause significant degradation of mechanical properties for irradiated materials [71], 

including radiation induced hardening, fracture and embrittlement [149, 151, 152, 214, 215]. 

Design and manufacture of advanced materials that can resist damage at irradiation and mechanical 

extremes are grand challenges in nuclear energy industry [5, 6, 8, 216].  

As a classical model system, Cu has been the subject of numerous studies on both radiation damage 

effects [46, 60, 87, 159-161] and materials mechanical properties [105, 134]. The typical method 

to improve its mechanical and physical properties is through grain refinement [99]. For instance,  

nanocrystalline (NC) metals have significantly improved mechanical strength [100, 125] and 

radiation tolerance [86, 93] compared with their coarse-grained (CG) counterparts. However, NC 

metals tend to become brittle with decreasing grain sizes [100, 125]. In addition, NC metals often 

have poor thermal stability, and radiation-induced grain-coarsening occurs even at room 

temperature [27]. An alternative approach to tune the mechanical properties of Cu is to utilize twin 

boundaries (TBs) [99, 101]. It has been found that nanotwinned (NT) Cu exhibits ultrahigh 

strength and yet considerable ductility [105], as TBs are effective barriers for the transmission of 

dislocations [127]. Also NT-Cu shows better thermal stability than NC-Cu, and the annealed NT-

Cu still retains high hardness [102]. On the other hand, NT-Cu proves to be more radiation tolerant 

than CG-Cu in terms of lower defect density [110], because TBs can effectively absorb, transport 

and finally eliminate a large number of radiation-induced defects [109, 140, 142, 217]. The 

radiation tolerance of NT-Cu can be enhanced further by introducing nanovoids (NVs) that act as 

‘storage bins’ for interstitial defects [169, 218]. Though several studies have recently been reported 

on the microstructural characterizations of irradiated NT-Cu [110, 169, 197, 219, 220], its 

mechanical response to irradiation remains less well understood.  

Heavy ion irradiation technique has been widely used as a surrogate to emulate neutron radiation 

damage effects on mechanical properties [11, 137, 145]. Nevertheless, the ion-beam-irradiated 

region is generally shallow on the surface with a penetration depth at micron scale [148, 221]. To 

investigate mechanical properties of ion irradiated materials, small-scale mechanical testing 

techniques, such as nanoindentation [149], micro bending [150], tension [151] and compression 
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[152], have been increasingly applied to nuclear materials [148, 222-225]. In this study, we 

conduct in-situ micropillar compression test inside a scanning electron microscope (SEM) to 

investigate the mechanical properties of He ion irradiated NV-NT and CG-Cu.  The results show 

that radiation induces less He bubbles in NV-NT Cu, and the irradiated NV-NT Cu has ultrahigh 

strength and remains significant plasticity.  

4.3 Experimental  

4.3.1 Materials and Helium irradiations 

High purity (99.995%) Cu films, ~ 2.6 μm thick, were deposited on HF-etched Si (110) substrates 

at room temperature using direct current magnetron sputtering technique. Before deposition, the 

chamber was evacuated to a base pressure < 8 × 10-8 torr. During deposition, ~ 1.2 × 10-3 torr Ar 

working pressure was used, and the deposition rate was controlled at ~ 0.6 nm/s. 

The as-deposited Cu films were subsequently irradiated at room temperature with Helium ions at 

the Ion Beam Materials Lab, Los Alamos National Laboratory, USA. To produce a uniform 

irradiated region, three sets of He ion beams (with various energies of 50, 100 and 200 keV) were 

sequentially implanted into specimens. The corresponding ion doses are ~ 1× 1016, ~ 2 × 1016 and 

~ 4 × 1016 ions/cm2, respectively. Figure 4.1(a) and (b) show the profiles of radiation damage and 

He concentration along penetration depth ( h ), calculated using SRIM software with the Kinchin-

Pease model [205]. The resultant radiation damage is 0.9 displacements-per-atom (dpa) on average, 

and almost uniformly distributed across a penetration depth of 200 - 630 nm. The average He 

concentration is 1.0 at. %, with a peak value of around 1.8 at. % when h  = 700 nm. For comparison 

purposes, bulk CG-Cu, annealed at 800 oC for 4 hours, was polished and irradiated under the same 

conditions. 
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Figure 4.1. SRIM calculations of (a) radiation damage (dpa) and (b) He concentration (at. %), 

plotted as a function of penetration depth h . 

 

4.3.2 Micropillar Compression  

Micropillars were fabricated using the FIB technique , with a height of ~ 2.6 μm and a diameter of 

~ 1.2 μm, following a generally preferred aspect ratio (height-to-diameter ration between 2:1 and 

3:1) suggested for micro-compression experiment [226]. The test was conducted on a Hysitron PI 

88 × R PicoIndenter inside a FEI Quanta 3D FEG SEM. During each compression process, two 

partial unloading segments were applied while maintaining a constant strain rate of 1× 10-3 s-1, and 

the maximum displacement was 410 nm. To confirm the repeatability, at least three micropillars 

were compressed for each sample.  

4.3.3 Microstructure Characterization 

The texture of as-deposited NV-NT Cu film was analyzed using an X-ray diffraction technique on 

a Panalytical Empyrean X'pert PRO MRD diffractometer with a Cu Kα1 source. Plan-view (PV) 

and cross-sectional (CS) transmission electron microscopy (TEM) specimens were prepared by 

mechanical grinding and dimpling, followed by low-energy Ar ion milling. The annealed CG-Cu 

was characterized by an optical microscope before irradiation. For the irradiated samples before 

and after compression tests, CS TEM specimens were prepared by FIB technique. All the TEM 

samples were examined on a FEI Talos 200X TEM microscope operated at 200 kV.   
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4.4 Results 

4.4.1 Radiation-induced Evolution of Microstructures 

Figure 4.2 displays the texture analysis of the as-deposited Cu films for He irradiations. Figure 

4.2(a) is the θ-2θ XRD spectrum for the epitaxial Cu (111) film on the Si (110) substrate. The φ-

scan in Figure 4.2(b) shows diffraction peaks from twin and matrix with nearly identical intensity, 

indicating the formation of high-density growth twins in the film. Figure 4.2(c) schematically 

illustrates the film – substrate orientation relationships: Cu (111) // Si (110) and Cu [ 011 ] // Si 

[110 ] (matrix).  

 

 

Figure 4.2. Texture analysis of as-deposited NV-NT Cu. (a) and (b) XRD spectra of sputtered 

films showing the epitaxial growth of NT Cu (111) on Si (110). (c) Schematic illustration of 

film-substrate orientation relationship. 

 

Figure 4.3 displays the microstructural characterization of the materials for He irradiations. The 

PV TEM micrograph in Figure 4.3(a) shows polygonal domains formed in as-deposited Cu film, 

and the inserted selected area diffraction (SAD) pattern confirms the formation of highly-textured 

Cu (111). The enlarged view in Figure 4.3(b) shows abundant nanovoids (NVs) primarily located 
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at domain boundaries. The CS TEM micrograph examined from Cu <110> zone axis in Figure 

4.3(c) shows columnar domains along growth direction, and the inserted SAD pattern confirms 

the formation of growth twins. The enlarged view in Figure 4.3(d) reveals high-density growth 

twins in columnar domains and the NVs (denoted by arrows) at domain boundaries. Statistic 

studies in Figure 4.3(e-g) show the average domain size 
NTD , void size 

Vd  and twin spacing t , 

are approximately 115, 6 and 8 nm, respectively. The void number density 
VN  is also measured 

as 4.0 ± 0.5 10 21/m3.  In contrast, the CG Cu sample contains large grains, ~ 43 μm in size, as 

shown in Figure 4.3(h) and (i).  

 

 

Figure 4.3. Microstructure of as-deposited NV-NT Cu and annealed CG Cu before Helium 

irradiations. (a) and (b) Plan-view (PV) TEM images showing the (111) textured Cu film 

containing polygonal domains and abundant nanovoids (NVs) at boundaries. (c) and (d) Cross-

sectional (CS) TEM images showing high-density growth twins in columnar domains. 

Nanovoids are marked by arrows. (e-g) Statistic studies of domain size (
VN ), void size (

Vd ) and 

twin spacing ( t ) in NV-NT Cu. (h) Micrograph of coarse-grained (CG) Cu. (i) The grain size 

(
CGD ) distribution of CG Cu. 
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Figure 4.4 shows the microstructure of irradiated NV-NT Cu. The PV TEM images in Figure 

4.4(a)-(c) reveal the remaining NVs, radiation-induced defect clusters, and He bubbles. Figure 

4.4(d) is the panoramic cross-sectional view of irradiated NV-NT Cu, superimposed with solid 

curve showing the calculated damage profile. The enlarged view of irradiated region in Figure 

4.4(e), taken along <110> zone axis, shows the retention of high-density nanotwins. The magnified 

views at different penetration depths in Figure 4.4(f-i) reveal high-density He bubbles when h  = 

400 and 600 nm, but lower-density bubbles when h  = 200 and 800 nm. In comparison, Figure 4.5 

shows the microstructure of He-irradiated CG Cu. The overview of a CS TEM micrograph in 

Figure 4.5(a) shows the radiation-induced dislocation loops, and the magnified views in Figure 

4.5(b)-(e) show the He bubbles at various penetration depths. Note that there are more radiation-

induced bubbles in CG Cu than in NV-NT Cu at the same penetration depth.  
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Figure 4.4. Microstructure of He ion irradiated NV-NT Cu. (a)-(c) Plan-view TEM images 

showing surviving NVs at domain boundaries and radiation-induced defect clusters, as well as 

He bubbles. (d) Cross-sectional overview of the irradiated specimen superimposed with the 

depth-dependent DPA profile. (e) Enlarged view of the irradiated region close to film surface 

showing defect clusters. (f)-(i) Radiation-induced He bubbles at various radiation depths. 
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Figure 4.5. Microstructure of He ion irradiated CG Cu. (a) Cross-sectional TEM image showing 

the overview of irradiated Cu, superimposed with the depth-dependent DPA profile. (b)-(e) TEM 

micrographs displaying radiation-induced He bubbles at various depths. 

 

4.4.2 Mechanical properties of He ion irradiated NV-NT Cu  

Figure 4.6 compares the deformation behaviors for NV-NT and CG Cu micropillars under uniaxial 

compression. The load-displacement curves for all the compressed micropillars are compiled in 

Figure 4.6(a).  The as-received CG Cu was soft and the load-displacement curves have long 

plateaus, and numerous inclined discrete slip bands formed on the surface after deformation, as 

shown in Figure 4.6(b1-b5). After He ion irradiation, the load increased moderately with 

displacement. Interestingly, the irradiated CG pillars first experienced barreling deformation near 

the base part where the material was little irradiated, while the heavily irradiated region on the top 

portion remained nearly undeformed, as shown in Figure 4.6(c1-c5). In comparison, the pillars of 

as-deposited and irradiated NV-NT Cu were much harder, and they both experienced substantial 

plastic deformations primarily at the pillar tops, as shown in Figure 4.6(d1-d5) and Figure 4.6(e1-

e5).  
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Figure 4.6. In-situ micropillar compression studies on CG Cu and NV-NT Cu before and after 

He ion irradiations. (a) Compilation of load-displacement curves of various specimens under 

compression. (b1-e5) SEM snapshots of pillars compressed to various strain; (b1-b5) Formation 

of typical slip bands in as-received  (AR) CG Cu; (c1-c5) Micrographs showing base barreling 

and deformation at unirradiated region in irradiated (IR) CG Cu. (d1-d5) and (e1-e5) Severe 

squeezing and extrusion on pillar top for as-deposited (AD) and irradiated (IR) NV-NT Cu, 

respectively. 
TD  and 

MD  in (c1), (d1) and (e1) mark the diameters of pillar top and middle, used 

for compressive stress measurement. 
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It should be noted that the pillars were deformed nonuniformly, so the compressive stress-strain 

curves cannot be directly calculated using the typical methodology reported in previous studies 

[227]. To address the issue and to measure the local stress more accurately, the true compressive 

stress is calculated by dividing the load by corresponding instantaneous cross-sectional area 

directly obtained from the sequential snapshots of in-situ SEM videos. Details on the true stress 

measurement are shown in Figure 4.7 and 4.8. 

 

 

Figure 4.7. Compressive stress measurement for irradiated CG. (a1-a5) Typical SEM snapshots 

for compressed CG pillar 1. (b) Variations of load (black circles) and middle dimeter DM (blue 

squares). The red dashed line denotes the top diameter DT that barely changes during 

compression. (c) Variations of stresses for pillar top (solid red squares) and middle (open blue 

squares), calculated by dividing the instantaneous load by instantaneous cross-sectional area. 
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Figure 4.8. Compressive stress measurement for irradiated (or as-deposited) NV-NT Cu. (a1-a5) 

Typical SEM snapshots for compressed irradiated NV-NT Cu pillar 1. (b) Variations of load 

(black circles) and top dimeter 
TD  (red triangles). The blue dashed line denotes the middle 

diameter 
MD  just below the plastic deformation zone that barely changes, as shown in (a1-a5). 

(c) Variations of stresses for pillar top (solid red triangles) and middle (open blue triangles), 

calculated by dividing the instantaneous load by instantaneous cross-sectional area. 

 

The calculated stress-displacement curves for all the compressed pillars are compiled and plotted 

in Figure 4.9. The stresses-displacement curves for as-received (AR) Cu pillars (solid lines) show 

nearly elastic initial loading, followed by long stress plateaus with numerous discrete strain bursts 

in Figure 4.9(a). The true stresses for irradiated (IR) CG pillars were calculated at two positions, 

the irradiated pillar top (solid data points) and the unirradiated region – the middle portion of the 

pillar (shown as open data points). The open data points match well with the solid lines, while the 

solid data points show considerable hardening with increasing displacement compared to 

unirradiated CG Cu. Furthermore, for as-deposited (AD) or irradiated (IR) NV-NT Cu, only the 

pillar tops experienced plastic deformations. The true stresses for irradiated NV-NT Cu (solid data 

points) and as-deposited specimens (open data points) are compared in Figure 4.9(b).  The 

irradiated NV-NT Cu has greater yield strength than the as-deposited counterparts. After yielding, 
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both types of NV-NT Cu pillars exhibited slight hardening followed by significant softening. Such 

softening is ascribed to the internal microstructural change that will be analyzed further in the 

following section.  

 

 

Figure 4.9. Stress-displacement behavior of (a) CG and (b) NV-NT pillars. AR: as-received; IR: 

Irradiated; IR-T: Irradiated pillar top; IR-M: Irradiated pillar middle; AD: as-deposited. Three 

pillars (marked as 1, 2 and 3) were compressed for each sample. In (a), AR-CG Cu pillars are 

perfectly plastic with little hardening, while the IR-CG Cu pillars exhibit considerable hardening 

at top portion (irradiated region). (b) The softening of top stresses for all the compressed NV-NT 

Cu pillars (AD or IR). 

 

In order to quantify the radiation-induced hardening, two stresses are defined and marked in Figure 

4.9, yield stress 
Y  and ultimate compressive stress 

U . Table 4.1 summaries the values of 
Y  

and 
U  for all the compressed pillars. The radiation-induced strengthening 

Irrad  for NV-NT Cu 

thus was calculated by comparing the 
Y  between the as-deposited and irradiated specimens. For 

CG Cu, however, each pillar may be a single-crystal-like pillar and thus have a different 

crystallographic orientation that may affect the yield strength. To avoid such an orientation effect, 

the 
Irrad  for irradiated CG Cu pillar is calculated by the subtraction of its 

Y  measured at the 

unirradiated (middle) section of the pillar from 
U  measured at its irradiated pillar top, as marked 

in Figure 4.9(a). The strength increment calculations are summarized in Table 4.2 and will be 

discussed later in more detail. 
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Table 4.1. Yield stress 
Y  and ultimate stress 

U  for all the compressed pillars, defined and 

measured based on the local stress-displacement curves in Figure 4.9. AR – As-received; IR – 

Irradiated; AD – As-deposited. 

Material Sample Y  (GPa) 
U  (GPa) 

CG Cu 

AR 

1 0.19 ± 0.03 0.19 ± 0.03 

2 0.20 ± 0.03 0.20 ± 0.03 

3 0.19 ± 0.05 0.19 ± 0.05 

IR 

1 0.25 ± 0.03 0.47 ± 0.01 

2 0.20 ± 0.02 0.35 ± 0.01 

3 0.20 ± 0.02 0.34 ± 0.01 

NV-NT Cu 

AD 

1 1.32 ± 0.10 1.68 ± 0.02 

2 1.21 ± 0.13 1.63 ± 0.01 

3 1.21 ± 0.10 1.52 ± 0.01 

IR 

1 1.65 ± 0.20 1.94 ± 0.02 

2 1.59 ± 0.16 1.84 ± 0.02 

3 1.56 ± 0.08 1.85 ± 0.01 

 

Table 4.2. Comparisons of radiation-induced microstructure evolution and strength increment, 

between CG Cu and NV-NT Cu. 
Bd  – bubble size; 

B  – bubble density; 
Dd  – dislocation loop 

size; 
D – dislocation loop density. 

B D    is the calcualted value using dispersed barrier 

hardening models, and 
Irrad  is the measured value from Table 4.1. 

 

4.4.3 Post-compression analyses  

To investigate the deformation mechanisms of NV-NT Cu, post-compression TEM examinations 

were performed. Figure 4.10(a) displays an overview of the area near pillar top. The TEM sample 

was tilted to Cu <110> zone axis for the unformed region where high-density growth twins can be 

clearly seen, while in the plastically deformed region most of the twins have been removed. The 

SAD pattern for the deformed region in Figure 4.10(b) indicates the crystal rotation induced by 

heavy plastic deformation. In comparison, the SAD pattern for undeformed region in Figure 4.10(c) 

shows a typical symmetrical twin pattern, together with extra spots (marked by circles) arising 

from ITBs. The corresponding dark-field image (DF) TEM micrograph in Figure 4.10(d) confirms 

Material 

Bubbles Dislocation loops Strength increment  

Bd  

(nm) 

B  

(1×1024/m3) 

Dd  

(nm) 

D  

(1×1022/m3) 

B D    

(GPa) 

Irrad  

(GPa) 

CG Cu 1.5 ± 0.3 2.3 ± 0.2 9 ± 4 2.0 ± 0.5 ~ 0.22 ~ 0.17 ± 0.04 

NV-NT Cu 1.5 ± 0.3 1.2 ± 0.1 6 ± 2 1.2 ± 0.4 ~ 0.14 ~ 0.35 ± 0.05 
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the removal of growth twins in the plastic deformation region. As shown in Figure 4.10(e), the 

enlarged view of box (e) in Figure 4.10(a) denotes a sharp boundary (dotted line) between the 

deformed and undeformed region. High-density dislocations were observed along the boundary. 

The enlarged view in Figure 4.10(f) shows several remaining TBs that have been greatly distorted 

in the plastic deformation region.  

 

 

Figure 4.10. The microstructure of a compressed pillar for as-deposited NV-NT Cu. (a) The 

bright-field TEM image of the deformed pillar showing the detwinning in the plastically 

deformed region. (b-c) The SAD patterns from deformed and undeformed regions, respectively. 

(d) Corresponding DF TEM image showing lower twin density in the deformed region. (e-f) 

Enlarged views of the squares in (a). 

 

Somewhat different microstructures have been observed in the deformed pillar of He-irradiated 

NV-NT Cu, as shown in Figure 4.11. The overview TEM micrograph in Figure 4.11(a) shows the 

substantial plastic deformation confined near the pillar top. The SAD pattern in Figure 4.11(b) 

indicates the retention of twins in the deformed region, and there is much less crystal reorientation 
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than that in the as-deposited NV-NT Cu. Compared with the SAD pattern from undeformed region 

in Figure 4.11(c), there are no extra spots from ITBs in the plastic deformed pillar top. The 

retention of nanotwins in the deformed region is also confirmed by the corresponding DF TEM 

image in Figure 4.11(d). The enlarged view in Figure 4.11(e) also denotes the sharp boundary 

between deformed and undeformed region, and the enlarged view in Figure 4.11(f) shows 

numerous He bubbles and the stacking faults (SFs) along the remaining TBs in the plastic 

deformation region.  

 

 

Figure 4.11. Deformed microstructure of a compressed pillar for He-irradiated NV-NT Cu. (a) 

The bright-field TEM image of the plastically deformed region. (b-c) The SAD patterns from 

deformed and undeformed regions. The deformed region has CTBs, but little sign of ITBs. (d) 

Corresponding DF TEM image showing the withholding of twins in the deformed region. (e-f) 

Enlarged views of the marked boxes in (a) showing formation of He bubbles and SFs along 

deformed TBs. 
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4.5 Discussion 

4.5.1 Irradiation-induced He Bubbles and Lattice Expansion  

At room temperature, He atoms are essentially insoluble in metals [228, 229], and they can easily 

migrate and combine with radiation-induced vacancies to form bubbles [230, 231]. It has been 

shown that precipitated He bubbles can significantly distort crystal lattices and cause substantial 

lattice expansion [182]. In the current study, more bubbles are produced in CG Cu than in NV-NT 

Cu, as shown in Figure 4.4 and 4.5. The variation of bubble density with increasing penetration 

depth shown in Figure 4.12 is in good agreement with calculated He concentration profile (black 

curve). Note that over the depth of 200 - 600 nm, the bubble density, 
B , remains a constant, about 

2.2 ± 0.2× 1024/m3 for CG Cu, twice larger than that in the irradiated NV-NT Cu, 1.2 ± 0.1× 1024/m3. 

The histograms in Figure 4.12(b) show the bubble size (
Bd ) varies from 1.0 to 2.5 nm in both cases 

regardless of the radiation depth, and they have nearly the same average bubble size of ~ 1.5 nm.  

The lattice expansion is evidenced by the shrinkage of SAD (selected area diffraction) patterns, as 

shown in Figure 4.12(c1) and (c2) examined along <110> zone axis over the depth of 200 - 600 

nm. The lattice expansion is calculated to be 1.83 ± 0.76 (%) for CG Cu, much larger than that in 

NV-NT Cu, 0.84 ± 0.09 (%). The reduced lattice expansion in NV-NT Cu may be related to the 

pre-existing NVs. Unlike our previous studies that showed preexisting NVs could shrink rapidly 

after absorbing the interstitials induced by 1 MeV Kr ion irradiations [169, 218, 232], most of the 

preexisting nanovoids survived He irradiation in the current study. The underlying mechanism is 

attributed to the effect of He on the kinetics of void growth or shrinkage [231]. With the further 

addition of He atoms into NVs, the void internal pressure increases until it reaches a stable state. 

According to the proposed critical bubble model (CBM) [233], the shrinkage rate for nanometer-

sized voids will decrease prominently in the presence of internal He pressure. From another point 

of view, when the He-filled NVs capture interstitials, the internal He pressure will build up even 

further, and thus He once absorbed by voids will reduce the driving force for NVs to absorb 

interstitials. Meanwhile, the NVs can reduce He bubble density and alleviate lattice expansion by 

trapping a large number of Helium atoms. Conversely, for CG Cu, nearly all He atoms may reside 

in bubbles, leading to higher bubble density and more lattice expansion. He ion irradiation induced 

lattice expansion has been observed previously in Cu/V nanolayers, and the magnitude of He 
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bubble induced lattice expansion appears to decrease with decreasing individual layer thickness 

[182]. 

 

 

Figure 4.12. He-irradiation induced bubbles and lattice expansion. (a) Comparison of bubble 

density along ion penetration depth. (b) Bubble size distributions in He-irradiated CG Cu and 

NV-NT Cu. (c1) and (c2) Overlap of two SAD patterns along [110] zone axis of CG Cu and NV-

NT Cu before (yellow) and after (red) Helium irradiations. 

 

4.5.2 Mechanical properties of nanotwinned Cu 

It is well known that the strength of micropillars shows a strong size-dependence (extrinsic size 

effect) [227], and there is a critical pillar diameter beyond which the extrinsic size effect is 

insignificant,  that is the measured properties of pillars are similar to those of bulk materials [154, 

155]. It is worth pointing out that the critical pillar size depends on the intrinsic microstructure 

characteristics and their interactions with mobile dislocations [153]. Previous micro-compression 

studies on perfect single-crystal Cu revealed that the size effect is exerted on all the micropillars 

with diameters of less than several μm [234], presumably because of the absence of dislocation 

sources and obstacles [157]. The flow stress of CG Cu is ~ 0.2 GPa, comparable to those reported 

in the literature [74]. Furthermore, for the irradiated materials containing high-density defect 
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clusters, the transition diameter of pillars of single-crystal Cu pillars has been experimentally 

estimated to be ~ 400 nm [153, 235]. The measured strengths of irradiated Cu in the current study 

are based on the compression test on micropillars with 1.2 μm in diameter. Therefore, our 

measured values can be reasonably compared with previous studies and will be discussed later in 

detail. 

For NT Cu, experiments and simulations reveal that twin-spacing t  plays an important role in 

determining their mechanical properties [130, 134]. Figure 4.13 compiles the yield strength 
Y

versus  
0.5t  for previously reported studies on NT Cu [102, 104, 105, 108, 127, 133-135, 236-

238]. When t  > 15 nm, the strength is dominated by the resistance of TBs against slip transmission 

of dislocations, and 
Y  follows the conventional Hall-Petch (H-P) relationship: 

0.5

0Y TBk t        Equation 4.1 

where 
0  is the lattice friction stress, ~ 100 MPa, and 

TBk  is a material constant. However, when 

t  < 15 nm, the size dependent variation of 
Y  appears to be more influenced by texture [135]. On 

the one hand, for polycrystalline NT Cu with equiaxed grains (Eq-NT Cu), softening occurs with 

decreasing t , which is governed by the dislocation nucleation at grain boundary-twin intersections 

[77]. The softening behavior can be described by dislocation-nucleation-controlled (DNC) 

mechanism [130] that shows: 

* *
lnB D

Y

k T dU

SV SV t






  
   

 
    Equation 4.2 

where U  is the activation energy, S is a factor presenting local stress concentration and 

geometry, 
*V is the activation volume, 

Bk  and T are the Boltzmann constant and temperature, d

is the grain size, 
D  is the Debye frequency, and   is the macroscopic strain rate.  

On the other hand, for the preferentially (111) textured NT Cu with columnar grains (Col-NT Cu) , 

its 
Y  continues to increase slightly with decreasing t  [135]. Considering most TBs are parallel 

with each other and normal to the loading axis under compression, the strength variation of Col-

NT Cu is better described by confined layer slip (CLS) model [239]: 
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b t

t b

 
  

 
   

 
    Equation 4.3 

where   is the shear modulus, b  is the magnitude of the Burgers vector, and   and   are 

material constants. For Cu,  = 48 GPa, b = 0.256 nm,  = 0.16 and   = 0.40 [135]. 

According to the CLS model, dislocations are confined by adjacent TBs, plastic deformation 

occurs by dislocation bowing between TBs [135, 239]. In addition, the model predicts the upper 

limit of strength for NT Cu is ~ 1.2 GPa, when t  = /be     4 nm, where e  is the nature constant. 

In reality, if t  < 4 nm, the ultrafine NT Cu is most likely to suffer from significant detwinning, 

driven by strong twin-twin interactions [120]. The strongest NT Cu reported to date has a flow 

stress of 1.2 GPa, with a twin spacing of ~ 4 nm [108]. In our work, the NV-NT Cu has an average 

twin spacing of 8 nm, but its yield stress 
NV NT 

 is ~ 1.25 ± 0.06 GPa (see Table 4.1). Such a high 

strength arises from two contributions: TBs and nanovoids. The contribution from TBs 
NT  is 

estimated to be 1.09 GPa by substituting t  = 8 nm into Equation 4.3, while the strengthening from 

the nanovoids (
V ) and can be described by the proposed dispersed barrier model [71]:  

V V V VM b N d        Equation 4.4 

where 
V  is a parameter depending on the average barrier strength of the irradiation-induced 

defect clusters, ~ 1 for voids [240, 241], M  is the Taylor factor, a ratio of uniaxial yield strength 

to resolved shear strength and has an average value of 3.06 for both face-centered-cubic and body-

centered-cubic lattices [74];  and b  are shear modulus and Burgers vector as defined in Equation 

(3); 
VN  and 

Vd  are void density and size. Setting 
V  = 1 and substituting 

VN  = 4.0 ± 0.5 10 21/m3 

and 
Vd = 6 ± 2 nm into Equation (4) give 

NV  = 0.19 ± 0.05 (GPa). Hence the nanovoids 

reasonably accounts for the extra strengthening observed in NV-NT Cu comparing to NT Cu 

without nanovoids as shown in Figure 8. In addition, as shown in Table 4.1, after He irradiations, 

the yield strength of irradiated NV-NT Cu can increase further to 1.60 ± 0.05 (GPa). The strength 

increment 
Irrad  (0.35 ± 0.05 GPa) caused by irradiation must be closely associated with 

radiation damage, which will be discussed in detail in the following section.  
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Figure 4.13. Comparison of yield strength 
Y  of He-irradiated NV-NT Cu with previous studies 

synthesized by electrodeposition and sputtering [102, 104, 105, 108, 127, 133-135, 236-238]. 
Y  

shows a strong dependence on twin spacing ( t ) and reaches a maximum value ~1.2 GPa at t  ≈ 4 

nm, while He irradiation can increase the yield strength of NT Cu to 1.6 GPa when t  ≈ 8 nm. 

The strength data points are obtained from compressive (this work) and tensile tests or estimated 

as 1/3 of hardness. S, sputtering; ED, electrodeposition; DNC, dislocation-nucleation-controlled 

[132]; CLS, confined layer slip [139]. 

 

4.5.3 Radiation-induced hardening  

Strengthening in irradiated metals is caused by the production of various defects and their 

interactions with mobile dislocations [11]. In He-irradiated metals, the primary defects are 

dislocation loops and He bubbles [189]. For dislocation loops that are classified as strong obstacles, 

their contribution to strengthening can also  be described by the dispersed barrier model [71]: 

 
D D D DM b N d        Equation 4.5 

where 
D  is the parameter indicating the average barrier strength of the irradiation-induced 

dislocation loops, approximately 0.2 in Cu [242]; 
DN  and 

Dd  are density and size of dislocation 

loops. M ,  and b  are the same parameters as defined in Equation 4.4.  

For He bubbles, the magnitude of their barrier resistance appears to be dependent on internal 

pressure [182, 243]. Figure 4.14 compares the high-resolution TEM (HRTEM) micrographs of 
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nanoscale twins in NV-NT Cu before and after He irradiations. As-deposited NV-NT Cu has nearly 

perfect (pristine) CTBs in Figure 4.14(a) and (c). In contrast, the CTBs in irradiated NV-NT Cu 

are decorated with He bubbles in Figure 4.14(b) and SFs in Figure 4.14(d). Also, many of the 

bubbles are hexagonally faceted rather than spherical, indicating their low internal pressure [244]. 

It has been demonstrated that under-pressurized He bubbles are weak obstacles to mobile 

dislocations [243] or crack propagation [150]. To describe the weak strengthening arising from 

under-pressurized bubbles, 
B , an alternative relationship was developed by Friedel-Kroupa-

Hirsch (FKH) [76]:  

2/31

8
B B BM bd N       Equation 4.6 

where M ,  and b  are the same parameters defined in Equation (4); 
Bd  and 

BN  are bubble size 

and density.  

 

 

Figure 4.14. HRTEM images comparing the microstructures of pristine and He-irradiated CTBs. 

(a) Typical nanotwins in as-deposited NT Cu. (b) He-irradiated NT Cu with abundant bubbles 

distributed in the lattice and along CTBs. The inset shows an HRTEM image of a hexagonally 

faceted He bubble. (c) Enlarged view of the square in (a) showing a narrow nearly perfect CTB. 

(d) The enlarged view of the square in (b) showing several SFs along a CTB in irradiated NT Cu. 
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Table 4.2 summaries the size and density of He bubbles and dislocation loops for irradiated CG 

Cu and NV-NT Cu over the penetration depth of 200 - 600 nm. These measurements were obtained 

from our TEM analyses, and more detailed information can be found in Figure 4.15 and Figure 

4.16. The measured and calculated strengthening are summarized in Table 4.2. Note that, although 

the irradiated NV-NT Cu contains a lower density of bubbles and dislocation loops, it experiences 

a higher strength increment, Irrad , than irradiated CG Cu does.  

The radiation-induced strengthening in CG Cu, 
Irrad

CG , arises from both the weak obstacles (He 

bubbles) and strong obstacles (dislocation loops). Its total increment in this scenario is given as 

[11]: 

Irrad

CG B D          Equation 4.7  

Using Equation 4.5 and 4.6, 
B  and 

D  are calculated as ~ 0.12 GPa and 0.10 GPa, respectively, 

so the total strengthening 
Irrad

CG  in CG Cu is estimated as ~ 0.22 GPa.  Based on the micropillar 

compression test in Figure 4.6, the measured value of 
Irrad

CG  is 0.17 ± 0.04 GPa (see Table 4.1). 

But considering the pillar base (the unirradiated region) yields first as shown in Figure 4.6(c3), the 

true strength increment in the top irradiated region should be slightly higher than 0.17 GPa, and it 

is expected to be comparable with the calculated value.  

We now attempt to interpret the radiation-induced strengthening in NV-NT Cu. Before irradiation, 

the strength of NV-NT Cu can be estimated as: 

0NV NT NV TB           Equation 4.8 

where 
0  is the lattice friction; 

NV  and 
TB  are the contributions from NVs and TBs, 

respectively. After He irradiations, the strength of NV-NT Cu is determined by:  

 
* *

0

Irrad

NV NT NV TB B D               Equation 4.9 

where 
*

NV  refers to the He-filled NVs, and 
*

TB  refers to the irradiation modified TBs. Combining 

Equation 4.8 and 4.9 yield the irradiation induced strengthening, 
Irrad

NV-NT , in NV-NT Cu:   

* *

NV-NT ( ) ( )Irrad

B D NV NV TB TB                  Equation 4.10 

As shown in Table 4.2, the measured value of 
Irrad

NV-NT  from pillar compression tests is 0.35 ± 0.05 

GPa. However, the calculated values of 
B  and 

D  from equations 4.5 and 4.6, add up to only 
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~ 0.14 GPa, insufficient to account for the measured strengthening in NV-NT Cu. The extra 

strengthening must come from the irradiation modified NVs and TBs, that is the last two terms on 

the right side of Equation 4.10. Figure 4.16 compares the plan-view TEM images of as-deposited 

and irradiated NV-NT Cu, which shows little change on the size or number density of NVs after 

He irradiation. In other words, the contribution of the third term (irradiation modified NVs) in 

Equation 4.10 to strengthening maybe insignificant. Therefore, the last term, arising from the 

irradiation modified TBs, may play a primary role in the irradiation hardening in NV-NT Cu. 

Furthermore, as shown in Figure 4.14, the irradiated TBs are decorated with bubbles and SFs, thus 

these defective TBs may be stronger barriers against trespassing of dislocations than pristine (sharp) 

TBs in as-deposited NV-NT Cu. Such an aspect will be confirmed further by molecular dynamic 

(MD) simulations in the following section.  

 

 

Figure 4.15. Comparison of irradiation-induced dislocation loops in CG and NV-NT Cu. (a) 

Large dislocation loops randomly distributed in CG Cu. (b) Small dislocation loops confined 

between parallel TBs in NV-NT Cu. (c) Comparison of loop size for irradiated CG (9 ± 4 nm) 

and NV-NT Cu (6 ± 2 nm). 
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Figure 4.16. Comparison of NVs in as-deposited and He irradiated NV-NT Cu. (a) and (b) Plane-

view TEM images, before and after irradiation, showing the same features of NVs primarily 

positioned at domain boundaries. (c) Comparison of void size for as-deposited and irradiated 

samples, indicating little change in void size (6 ± 2 nm). 

 

4.5.4 Deformation mechanisms 

Based on experiments and discussions above, we finally address the deformation mechanisms of 

Cu under uniaxial compression. Previous micro-compression test on non-tapered pillars of 

electrodeposited polycrystalline Cu film revealed a compressive yield stress  of ~ 0.3 GPa, when 

the grain size is around 0.8 μm and the pillar diameter  is 10 μm [245]. In addition, for pillars with 

diameters greater than grain size, the yielding is expected to be followed by an obvious working 

hardening arising from the grain boundary strengthening [245]. For our CG Cu, the pillars are most 

likely to be single crystals, because the diameter of micropillars is 1.2 μm, much smaller than its 
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average grain size (43 μm), as shown in Figure 4.3(h). Therefore, the as-received CG Cu pillars 

yield at a low compressive yield strength, ~ 0.2 GPa (see Table 4.1). After yielding, there is little 

work hardening in CG Cu, and the stress-displacement curves are characterized by discrete strain 

bursts, as shown in Figure 4.6(a). Meanwhile, numerous discrete slip bands are formed on the 

pillar surface as shown in in Figure 4.6(b1-b5), in agreement with prior studies on single-crystal 

metals under compression [154, 226, 246]. Figure 4.17 below shows one typical configuration of 

deformed pillar for as-received CG Cu, from which the corresponding critical resolved shear stress 

CRSS  in slip plane is estimated to be ~ 0.1 GPa using Schmid’s law.  The calculated 
CRSS  is in good 

agreement with previous micropillar compression tests on (100)- or (111)-orientated single-crystal 

Cu pillars [234]. After irradiation, however, the upper portion of the pillar is strengthened by He 

bubbles and dislocation loops, so it experiences limited plastic deformation. In contrast, the lower 

portion is soft, and it yields first and undergoes significant plastic deformation, driven by 

dislocation multiplication and migration as shown in Figure 4.6(c1-c5). 

 

 

Figure 4.17. SEM image of a compressed pillar for as-received CG-Gu. Discrete slip bands are 

formed on pillar surface. The critical resolved shear stress 
CRSS  is calculated using Schmid’s 

law: cos cosCRSS Y    . 
Y , ~ 0.2 GPa , is the compressive yield stress,   (~ 45o) is the angle 

between the applied stress and normal vector of slip plane, and   (~ 45o) is the angle between 

the applied stress and slip direction . 

 

For the as-deposited NV-NT Cu with ultra-fine twins, dislocations are confined by TBs, and the 

deformation mechanism is dominated by dislocation bowing, resulting in squeezing and extrusion 
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of the pillar top. After He irradiations at room temperature, the TBs become defective, decorated 

by He bubbles and SFs. These defective TBs could be stronger barriers to slip transmission via 

dislocations.  

In order to understand the influence of SF-decorated TBs on strengthening mechanisms, MD 

simulations were performed for Cu with SF-decorated CTBs, as shown in Figure 4.18. Using the 

Thompson tetrahedron notation and satisfying the conservation law of Burgers vector, we describe 

the interactions between a dislocation and the three-layer faults. Figure 4.18(a) schematically 

illustrates the twin/matrix orientation relation and several slip systems that could be involved 

during deformation [247]. Start with an ideal twin boundary with the stacking sequence of 

…ABCACBACB…, the three-layer fault can be formed by gliding a Shockley partial on the plane 

between C and B, i.e, …ABCACACBA… The underline indicates the fault. The Shockley partial 

could be one of three Burgers vectors, A’, B’, and E’ [120]. Here, a B’ partial dislocation 

glides on the (111) plane, creating the three-layer fault.  

When a screw dislocation bs with Burgers vector AB on the slip plane (111) moves towards the 

three-layer fault, as shown in Figure 4.18(b1), the planar-extended core condenses at the fault due 

to the discontinuity of slip systems in Figure 4.18(b2). The screw then dissociates on the secondary 

(111) plane (between C and A) above the original CTB in Figure 4.18(b3). Figure 4.18(b4) shows 

the disregistry plot of the dissociated structure with respect to the three-layer fault structure, 

revealing that the right partial has Burgers vector ’B and the left partial has Burgers vector A’. 

The corresponding reaction can be described by AB = A’ + ’B. The gliding of ’B partial 

corrects the fault, i.e., B’ + ’B = 0 in the right side of the intersection. The gliding of A’ towards 

the left side also corrects the fault, i.e., -(B’ + ’A) = -BA, corresponding to a full shear.  

Figure 4.18(c1) shows a mixed dislocation bm with Burgers vector DB on the slip plane (111) 

moving towards the three-layer fault. Previous studies have revealed two potential reaction 

processes. First, DB = A’(CTB) + BB’(100)T , the slip transmission from (111)M to (100)T [248]; 

second,  DB = E’(CTB) + AD’
(111)

T, the slip transmission from (111)M to (111)T [129]. In current 

case, however, the three-layer faults in Figure 4.18(c2) prevent the bm from dissociating and 

transiting through the CTB. This is ascribed to the creation of a high energy SF if the dissociation 

occurs, as shown in Figure 4.19. The initial fault is associated with a shear B’, and the further 
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shear by A’ or E’ will create the high energy stacking fault, corresponding to the change in the 

stacking sequence from …ABCACACBA… to …ABCACCBAC….  

 

 

Figure 4.18. MD simulations on dislocation-SF interactions in twin plan. (a) Thompson 

tetrahedron notation demonstrating the orientation relation and several slip systems between a 

twin and the matrix. (b1-b3) MD snapshots illustrating the dissociation of a screw dislocation 

AB into two partials (A’ and ’B). (b4) The corresponding disregistry plot of the dissociated 

structure in (b3). (c1-c2) MD snapshots illustrating a mixed dislocation DB interacting with SFs. 
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Figure 4.19. High energy stacking fault formed due to the dissociation of the mixed dislocation 

through Shockley partial glide. The dotted line marks a high energy stacking fault formed due to 

the dissociation. We found that the system energy increased by 502 eV. Considering the area of 

the twin plane, the energy of high stacking fault plane was estimated to be   = 64 mJ/m2. 

 

In summary, the SFs formed during irradiation act as strong barriers for dislocations in terms of 

slip transmission with different mechanisms. For a screw dislocation, the faults facilitate the cross-

slip of the dislocation onto the CTB. For a mixed dislocation, the faults prevent the dissociation of 

the dislocation on the CTB, which enhances the energy barrier for slip transmission due to the 

attraction force of the residual dislocations.  

Note that in Figure 4.6(d1-d5), the lower portion of the irradiated NV-NT Cu pillar did not yield 

preferentially as the irradiated CG Cu did in Figure 4.6(b1-b5). Figure 4.8(c) of irradiated NV-NT 

Cu pillar 1 indicates that its unirradiated middle portion can sustain a higher applied stress than 

the pillar top when the displacement goes beyond 180 nm. This is because detwinning and 

softening occurred near the pillar top, while the nanotwins at the base can still provide significant 

strengthening, and thus preventing its preferential deformation. The retention of integrity of pillar 

base for NV-NT Cu could also be induced by the substrate constraints. During compression, the 

lower portion of the unirradiated region is constrained by the hard irradiated pillar top and the rigid 

Si substrate. Such constraints may develop a large friction stress along interface and strengthen 

the unirradiated pillar base. Similar phenomenon has been observed in Cu/amorphous-CuNb 

multilayers subjected to micropillar compression tests [249]. Consequently, the irradiated top 

portion of the NV-NT Cu micropillar first yields and undergoes significant plastic deformation. 

Moreover, post-compression TEM analysis has revealed significant detwinning in as-deposited 

NV-NT Cu, as shown in Figure 4.10. Detwinning has been frequently observed in NT metals 

driven by migration of Shockley partials under shear stress [119, 120, 123, 202, 220, 250]. In 

contrast, moderate detwinning occurred in He-irradiated NV-NT Cu after compression, as shown 



99 

 

in Figure 4.11. The radiation-induced He bubbles and SFs along TBs may retard detwinning and 

enhance strengthening in NT Cu even further.  

4.6 Conclusions  

CG and NV-NT Cu were irradiated with He ions at multiple energies to introduce a plateau of 

radiation damage profile, and the radiation-induced evolution of microstructures and mechanical 

behavior were analyzed. Our studies show that NV-NT Cu has outstanding radiation tolerance in 

comparison to CG Cu in terms of lower density of He bubbles and less lattice expansion. The He-

irradiated NV-NT Cu reaches an ultra-high flow stress of ~ 1.6 GPa, one of the highest reported 

to date for Cu. The significant strengthening in He-irradiated NV-NT Cu arises from the defective 

TBs that are decorated with He bubbles and SFs. MD simulations show that SFs act as strong 

barriers against dislocation transmission through coherent twin boundaries. Microscopy studies 

also show that stress-driven detwinning is largely retarded by the He bubbles and defective TBs. 
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 IN SITU STUDIES ON THE RADIATION-INDUCED 

TWIN BOUNDARY-DEFECT INTERACTIONS IN CU 

The lab work was performed at Argonne National Laboratory by Cuncai Fan and Jin Li with 

guidance of Dr. Meimei Li. The data analysis and writing were completed by Cuncai Fan with 

guidance and editing by Dr. Xinghang Zhang.  

The following chapter contains content reproduced with permission from “Fan, C., Jin Li, Zhe Fan, 

H. Wang, and X. Zhang, In situ studies on the irradiation-induced twin boundary-defect 

interactions in Cu, Metallurgical and Materials Transactions A (2017) 48, no. 11: 5172-5180.” 

Copyright 2017, The Minerals, Metals & Materials Society and ASM International.  

5.1 Overview  

Incoherent twin boundaries (ITBs) are highly mobile due to their dislocation structure, as 

schematically illustrated in Figure 1.18(a). Radiation induces prominent ITB migration and 

detwinning. In this chapter, polycrystalline Cu films with nanoscale annealing twins are subjected 

to in-situ Kr++ irradiation at room temperature inside a transmission electron microscope up to a 

dose of 1 displacement-per-atom. Depending on twin thickness, three types of twin boundary 

evolutions are observed, including rapid detwinning, gradual detwinning and self-healing. The 

mechanism of twin-thickness dependent evolution of microstructures is discussed. This study 

provides further evidence on twin boundary-defect interactions and may assist the design of 

radiation-tolerant twinned metallic materials. 

5.2 Introduction 

Nanotwinned (NT) metals have raised significant attention due to their remarkable electrical 

conductivity, [104, 105, 251] thermal stability [102, 252] and excellent mechanical properties. 

[101, 106, 107, 114, 253, 254] Prior studies show that twin thickness ( t ), the spacing between 

coherent twin boundaries (CTBs), plays a significant role in determining their physical and 

mechanical properties. [115, 134, 255] When twin thickness is reduced to a critical value, 

nanotwins may become unstable as shown by detwinning events occurring under high temperature, 

[256] electrical field [117] and mechanical stress. [119] The detwinning behavior is directly 



101 

 

correlated to the migration of partials on incoherent twin boundaries (ITBs). [120] According to 

the experimental studies using high resolution transmission electron microscopy (HRTEM) [121, 

122, 124] and atomistic simulations, [116, 123] ITBs are composed of groups of Shockley partial 

dislocations on three successive {111}  planes and tend to glide collectively under shear stress, [116, 

119, 123, 257, 258] thereby causing detwinning. [259] 

There are increasing investigations on radiation response of nt metals, [109, 110, 140, 169, 197, 

202, 260, 261] and radiation-induced detwinning has also been observed. [220] Li et al. [260] 

reported ITB migration in Cu film after Cu3+ ion irradiation, and attributed their migration to the 

glide of grain boundary Shockley partial dislocations, driven by concurrent reduction in radiation-

induced defects. Yu et al. [202] observed continuous migration and recovery of ITB steps at the 

corners of thick twins in epitaxial nt Ag film under in-situ Kr++ irradiation and inferred that the TB 

evolution is due to defect-ITB interactions. Song et al. [261] studied radiation-induced TB 

migration in Fe using atomistic simulations and demonstrated that the event might be enhanced by 

local thermal spike and defect clusters. Chen et al. [220] reported that the radiation-induced 

detwinning in nt Cu depends on twin thickness: the thinner the twins the faster the detwinning 

process. These studies suggest that radiation-induced detwinning is closely associated with the 

interaction between ITBs and radiation-induced defect clusters.  

In this chapgter, we examined the radiation-induced detwinning for twins of various thicknesses 

in annealed Cu subjected to in-situ Kr ion irradiation experiment. Several distinct types of defect-

ITB interactions were identified. The underlying mechanisms of radiation-induced thickness-

dependent detwinning are compared. This study contributes to further understanding on heavy ion 

irradiation response of nt metals.  

5.3 Experimental  

Cu films, ~ 80 nm in thickness, were DC sputter deposited at room temperature using 99.99% 

purity Cu target onto sample grids supported with carbon film for transmission electron 

microscopy (TEM) studies. Prior to deposition, the chamber was evacuated to a base pressure of 

~8×10-8 torr. Isothermal annealing was then performed for 20 minutes at 300 °C in ultra-high 

purity Argon gas. After annealing, a large number of annealing twins with various thicknesses 

were introduced in large grains. In-situ Kr ion radiation was conducted at room temperature at the 

Intermediate Voltage Electron Microscopy (IVEM) facility at Argonne National Laboratory. 1 
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MeV Kr++ ion beam was utilized for the radiation experiment, during which a CCD camera was 

used to capture microstructural evolution at 15 frame/s. Radiation damage in terms of 

displacement-per-atom (dpa) inside Cu film was calculated using the SRIM (Stopping and Range 

of Ions in Matter) simulation with Kinch-Pease method[205, 206]. The average dose rate was 

controlled at 2.5×10-3 dpa/s. The temperature rise of sample during irradiation was measured to 

be less than 10 °C. 

5.4 Results 

5.4.1 Irradiation-induced Detwinning 

To explore the detailed morphology evolution process, large Cu grains with numerous annealing 

twins of various thickness were selected for examination. Figure 5.1(a) shows a typical example 

where 7 well-defined twins (labeled by arrows) in a Cu grain were monitored during their 

irradiations. All of these twins have one of their ITBs terminated in grain interior, and they are 

oriented in two sets of {111}  planes at an interception angle of 71
o
. Figure 5.1(b)-(d) show 

morphology evolutions for several twins up to 1 dpa. Several ultrafine twins 1, 2 and 7 with 

thickness t  < 10 nm, underwent drastic ITB migration and completely detwinned (after irradiation 

in Figure 5.1(d). Meanwhile, twins 4 and 5 with intermedium thickness (10 < t  < 20 nm) 

experienced incomplete deVItwinning, shortened from their original lengths of 203 and 108 nm to 

168 and 82 nm (see Figure 5.1(d)), respectively. However, thicker twins, 3 and 6 ( t  > 20 nm), 

survived the heavy ion irradiation with little ITB migration. The detwinning events are 

summarized and schematically illustrated in Figure 5.1(e), where the areas arising from ITB 

migrations are outlined by dashed lines. It is worth noting that no significant CTB migrations were 

observed, and the twins with both ends of ITBs anchored at grain boundaries remained stable after 

irradiation.  



103 

 

 

Figure 5.1. In-situ TEM snap shots and schematic illustration showing detwinning for various 

annealing twins inside a large Cu grain subjected to Kr++ irradiation up to 1 dpa at room 

temperature. (a) - (d) Sequential TEM micrographs taken at different doses showing the 

morphology evolution of several twins labelled as 1-7. The insets in (b) and (d) show the 

enlarged images of the end of twin 4, and the inset in (c) shows the remaining section of twin 1 

at 0.5 dpa. (e) Schematic illustration depicting the morphology variation of the labeled twins.   

 

In-situ TEM studies enable us to track the ITB migration in real time. The reduction of twin length 

shown in Figure 5.2(a) is a direct consequence of radiation-induced detwinning. Furthermore 

thinner twins have higher ITB migration velocity (
ITBV ) as shown by the red circles in Figure 

5.2(b), which is consistent with the data (shown as blue squares) derived from our previous studies 

on radiation-induced detwinning in epitaxial nt Cu films [220]. Moreover, radiation-induced 
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detwinning also depends on dose rate. The dose rate in the current study is K1 = 2.5×10-3 dpa/s, 

higher than our previous study, K2 = 0.43-1.98×10-3 dpa/s. A comparison of these two sets of 

studies reveals that 
ITBV  increases with increasing dose rate for the twins that are less than 20 nm 

in thickness. However, when the twins are thicker than 20 nm, there are little ITB migrations. In 

fact, ITBs tend to migrate at room temperature even without irradiation, which is driven by the 

excess energy stored in CTBs. Atomistic simulations have revealed that when the twin thickness 

is less than 2 nm, the driving force becomes so large that detwinning process can easily occur (in 

Cu) at room temperature (without irradiation) [120]. The value of 
ITBV  of non-irradiation case can 

be calculated based on annealing experiment [256], and it is also plotted as a reference in black in 

Figure 5.2(b). In contrast, radiation has prominently accelerated detwinning velocity.  

 

Figure 5.2. The dependence of ITB migration on twin thickness and dose rate at room 

temperature. (a) The plot of twin length over radiation dose for numerous twins. (b) The average 

ITB migration velocity (
ITBV ) of the current study (plotted in red) decreases rapidly with 

increasing twin thickness at a high dose rate of K1 = 2.5×10-3 dpa/s. The reference data of a low 

dose rate [220] (K1 = 0.41-1.98×10-3 dpa/s) and non-irradiation(K3 = 0 dpa/s) are also plotted in 

blue and black, respectively [256]. 

 

5.4.2 Defect-ITB interactions and morphology evolutions 

Heavy ion irradiation induces a large number of defect clusters in annealed Cu, and Figure 5.3 

shows the statistics on the distributions of size ( D ) and lifetime (T ) of defects. The defects have 

an average diameter ( avgD ) of 5 nm and an average lifetime ( avgT ) of 15.0 s.  
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Figure 5.3. Histograms showing the statistics of (a) diameter D and (b) lifetime T of radiation-

induced defect clusters in twinned Cu. The average defect size ( avgD ) and lifetime ( avgT ) are 

measured to be 5 nm and 15.0 s, respectively. 

 

In addition, frequent defect-ITB interactions were observed by carefully examining the in-situ 

TEM videos. Figure 5.4 shows two distinct types of defect-ITB interactions for a twin T4, 

consisting of an ultrafine tip T4a with a thickness 4

at  of 8 nm, and a medium-thick twin base T4b 

with a thickness 4

bt  of 17 nm. The defect-ITB interactions led to the removal of T4a through two 

steps: a sharpening process as shown in Figure 5.4(a)-(c), and a collapsing process as shown in 

Figure 5.4(d)-(f). At 78s in Figure 5.4(a), T4a had a flat end and a dislocation loop L1 was formed 

in its vicinity. At 80s in Figure 5.4(b), L1 began to grow and approached T4a, and a direct contact 

(DC) occurred afterwards. At 94s in Figure 5.4(c), L1 was entirely absorbed and T4a became quite 

pointed. The tip remained sharp for ~46s, see Figure 5.4(d). However, once L2 emerged near T4a 

at 139.13s in Figure 5.4(e), the sharp T4a collapsed as evidenced by instant detwinning at 139.40s 

in Figure 5.4(f); in other words, a non-contact (NC) defect-TB interaction had occurred. The 

detwinning velocity is ~ 80 nm/s.  
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Figure 5.4. A series of TEM snap shots taken during in situ irradiation of nt-Cu over 0.1-0.2 dpa, 

showing the detwinning process for twin T4. Its tip section T4a is 8 nm in thickness, whereas the 

base portion, T4b, is 17 nm thick. Two radiation-induced dislocation loops interacting with the 

ITB are indicated by L1 and L2. (a) - (c) The sharpening process of T4a caused by its direct 

contact interaction (DC) with L1. (d) - (f) The subsequent collapsing process of T4a triggered by 

its non-contact interaction (NC) with L2.  

 

In addition to the drastic detwinning at the tip of ultrafine twin T4, a gradual detwinning event was 

observed. Figure 5.5(a)-(c) demonstrate the morphology evolution of twin T1 ( 1t  = 10 nm) with 

increasing dose. At 50 s in Figure 5.5(a), T1 was 60 nm long. During irradiation, it was shortened 

to 41 nm in 30 s (Figure 5.5(b)), and then shrank to 18 nm in length at 370 s as shown in Figure 

5.5(c). Meanwhile, frequent defect-ITB interactions were also captured, and two typical defect 

clusters that interacted with ITB are marked as L3 and L4. The average detwinning velocity for 

T1 is calculated to be ~ 0.12 nm/s.  In comparison, a thick twin T6 ( 6t  = 25 nm) showed self-

healing capability. As shown in Figure 5.5(d), the corners of T6 were very sharp at 50 s, but they 

became blunted at 86 s (Figure 5.5(e)). By 156 s as shown in Figure 5.5(f), the two blunted corners 

became sharp (orthogonal) again.  
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Figure 5.5. In-situ TEM observations showing the gradual detwinning of twin T1 and the self-

healing capability of twin T6. (a)-(c) The length of twin T1 (thickness 1t  = 10 nm) decreased 

from 66 nm to 41 nm by 230s, and to 18 nm by 370s. Meanwhile, two typical defect clusters that 

interacted with the ITB were captured, marked as L3 and L4. (d)-(f) Twin T6 ( 6t  = 25 nm) had 

two sharp corners at 50 s, and by 86 s both corners became blunted. However, by 156 s, the TBs 

with blunted corners have recovered, exhibiting a self-healing ability.  

5.5 Discussion 

5.5.1 Radiation-induced detwinning 

To understand the detwinning behavior under irradiation, it is necessary to examine the ITB 

microstructure and its migration mechanism. Most twinning or detwinning processes typically 

occur via collective glide of multiple twin dislocations (TDs) in ITBs [120, 123, 257]. In face-

centered cubic (FCC) metals, ITBs are composed of a set of three Shockley partial dislocations 

1/6<112> on adjacent {111}  planes [116]. These partials can migrate under applied shear stress, 

resulting in ITB migration [119, 247, 258] with a velocity V  that can be expressed as [256]: 
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where t  is the twin thickness, Q is activation energy, k  is Boltzmann’s constant, and T  is 

temperature. 
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
 is the net pressure or the 

main driving force of detwinning arising from the excess CTB energy  , about 24 mJ/m2 for Cu 

[262]. 
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For the case of non-irradiation detwinning at room temperature as shown in Figure 5.2(b), its 

activation energy has been measured as ~0.90 eV/atom [256]. Under irradiation, ITB migration 

velocity accelerates significantly, especially for the twins thinner than 20 nm. Using Equation 5.1, 

we can determine that the average activation energy for the current radiation-induced TB migration 

is much lower, ~0.42 eV/atom. The reduced activation energy is attributed to the local shear stress 

  arising from radiation-induced defect clusters [261]. According to the defect reaction rate theory, 

[263] Q can be expressed in terms of shear stress  as: 

0 1
c

Q Q






 
    

 
    Equation 5.2 

where 0Q  is the activation energy at   = 0, and 
c  is the critical stress and   is a dimensionless 

exponential factor. MD simulations have revealed that the activation energy barrier and critical 

activation stress can be lowered in the existence of radiation-induced defect clusters [261]. Under 

heavy ion irradiation, numerous defect clusters are generated, and they can continuously impinge 

ITBs (see Figure 5.4) and apply shear stress on Shockley partials along ITBs. Consequently, the 

activation energy is reduced and the ITB migration velocity is increased.  

5.5.2 Defect-ITB interactions 

Figure 5.4 shows two distinct types of defect-ITB interactions that are defined as DC and NC. On 

one hand, DC occurs when a defect cluster is in direct contact with an ITB and is subsequently 

absorbed by the ITB. In FCC metals, heavy ion irradiation generates point defect clusters in form 

of dislocation loops, stacking fault tetrahedron (SFT) and voids [16, 36, 60]. Among them, 

dislocation loops are the most commonly observed, including both faulted and perfect loops [37, 

175, 264-266]. The perfect dislocation loops are glissile and able to diffuse very fast in the densely 

packed <110> direction along their Burgers vector [47, 50, 267]. The mobility of perfect 

dislocation loops inevitably facilitates their interactions with ITBs, which may lead to the 

formation of Frank partials by: 

1 1 1
[110] [112] [111]

2 6 3
      Equation 5.3 

The Frank partials formed in ITBs are sessile and cannot glide under shear stress, but they may 

migrate back and forth via dislocation climb by absorbing vacancies or interstitials. This 
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mechanism can partially explain the ITB’s sharpening process observed in Figure 5.4(a)-(c) and 

its self-healing capacity shown in Figure 5.5(d)-(f). On the other hand, these Frank partials can 

further absorb perfect loops with the opposite Burgers vector, resulting in their reverse 

transformation into Shockley partials through the following reaction: 

1 1 1
[110] [111] [112]

2 3 6
      Equation 5.4 

When ITBs are decorated by Shockley partials, they become mobile again and can migrate rapidly 

through stress-driven dislocation glide. NC can now occur through the mechanical impingement 

of adjoining defects on ITBs, as shown in Figure 5.4 (d) - (f).  

In addition, it is worth pointing out that the characteristic of defects size and lifetime plays an 

important role in defect-ITB interactions. Statistic studies in Figure 5.3 show that the dimension 

of defect clusters is smaller than 10 nm and their lifetime is shorter than 60 s. This observation 

leads us to hypothesize that the influence of a defect cluster on an ITB may be limited by both 

space and time scale. For a thick twin, larger than 20 nm in thickness, there would be 4 

representative scenarios of defect-ITB interactions, shown schematically in Figure 5.6(a), 

including A - corner twinning, B - middle detwinning, C - middle twinning, and D - corner 

detwinning. Here twinning (detwinning) refers to the extension (contraction) of an existing twin. 

Note that the first three scenarios, A, B and C, lead to the increase of the length of CTBs. 

Considering the small size and short lifetime of defect clusters, the scenarios of A, B and C are 

less energetically favorable over the scenario D in Figure 5.6(a). Consequently, the defect-ITB 

interactions for a thick twin may lead to detwinning process from the corner, as shown in Figure 

5.6(b).  

 

Figure 5.6. Schematics illustrating how a thick twin engages defect clusters (not shown here) and 

starts its detwinning from the corner. (a) Four potential scenarios of ITB migration are presented, 

including A - corner twinning, B - middle detwinning, C - middle twinning, and D - corner 

detwinning. (b) The corner detwinning of scenario D is more energetically favorable than the 

others, and it occurs more frequently in reality. 
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5.5.3 Thickness-dependent detwinning  

We finally discuss the thickness-dependent detwinning mechanism for twinned Cu under Kr++ 

irradiation. The mechanism is schematically illustrated in Figure 5.7 and summarized as follows: 

1. The ultrathin twins ( t  < 10 nm) in Figure 5.7(a1) - (a2), with thickness comparable to the size 

of radiation-induced defect clusters, may be more likely to undergo drastic detwinning via the 

glide of Shockley partials on ITBs. The drastic detwinning event may be triggered by local 

shear stress ( ) arising from a dislocation loop that is not in direct contact with the ITB (NC 

mode). 

2. The twins with medium thickness (10 < t  < 20nm) shown in Figure 5.7(b1) -(b3) may first 

experience a thinning process at twin corners. Then the sharpened tip may go through a rapid 

collapsing process resulting in a gradual detwinning.  

3. The thick twins ( t  > 20 nm) shown in Figure 5.7 (c1) -(c2), are only subject to detwinning at 

twin corners through DC or NC interactions. After DC interactions, Frank partials are formed 

in ITBs, which are immobile and can slow down the detwinning process significantly. 

Meanwhile, Frank partials can have positive or negative climb by absorbing vacancies or 

interstitials, and Shockley partials can glide back and forth in accordance to the direction of 

local shear stress. As a result, thick twins can recover from their blunting outlines and possess 

a self-healing capacity. 

The aforementioned detwinning mechanism is concluded based on defect-ITB interactions, which 

implies that the defect density around an ITB plays an important role in its migration. There are 

two factors that can influence the defect density. First, increasing dose rate can induce more defects, 

accompanied with more frequent defect-ITB interactions and faster ITB migration velocity as 

shown in Figure 5.2(b). Second, TBs and grain boundaries (GBs) can act as effective trapping sites 

that can influence defects formation and distribution [52-54]. For instance, T1, T7 and T5 have 

similar twin thicknesses, ~ 10 nm, but they have different length reductions after irradiation. Note 

that T5 is sandwiched between two TBs, but only one side of T1 and T7 has a TB.  It can be 

inferred that less defects were formed in the matrix around T5, causing less detwinning, while 

more defects interacted with T1 and T7, leading to their full detwinning.  In addition, thinner twins 

of T1, T2 and T7 in Figure 5.2(a) became rather unstable when their lengths were shortened down 

to 25 nm. As they became shorter, their ITBs migrated rapidly towards the GBs. Twin T5 had an 
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original length over 100 nm, and it detwinned much less than the shorter twins (T1 and T7 with a 

length of ~ 63 and 35 nm respectively) did under the same irradiation condition. 

 

Figure 5.7. Schematic illustration of twin thickness-dependent detwinning during radiation. Two 

types of defect-ITB interactions, direct contact (DC) and non-contact (NC) interaction are 

marked. (a1) - (a2) The drastic detwinning of ultrathin twins (t < 10 nm) occurs via the glide of 

Shockley partials on ITBs. (b1) - (b3) The gradual detwinning of medium-thick twins (10 < t < 

20nm), which starts from corner (sharping or thinning of the twin) and subsequent collapses of 

the sharpened tip. (c1) - (c3) The self-healing capacity of thick twins (t >20nm) occurs through 

climb of Frank partials or glide of Shockley partials from their ITB corners.  

5.6 Conclusions 

Using in-situ Kr ion irradiation, we have studied the radiation-induced detwinning in Cu 

containing high density annealing twins. The detwinning event exhibits dose-rate-dependence and 

thickness-dependence. Higher dose rate accelerates detwinning. Moreover, for thinner twins, less 

than 20 nm in thickness, radiation significantly accelerate the TB migration velocity. However, 

when the twin thickness exceeds a critical value, ~ 20 nm in the current study, twins tend to show 

self-healing capability as evidenced by back-and-forth migration of ITBs from corners. Two types 

of defect-ITB interaction modes, direct and non-direct contact, have been observed and account 

for the thickness-dependent detwinning mechanism.  
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 9R PHASE ENABLED SUPERIOR RADIATION 

STABILITY OF NANOTWINNED CU ALLOYS VIA IN SITU 

RADIATION AT ELEVATED TEMPERATURE 

The lab work was performed at Argonne National Laboratory by Cuncai Fan and Jin Li with 

guidance of Dr. Meimei Li. The data analysis and writing were completed by Cuncai Fan with 

guidance and editing by Dr. Xinghang Zhang.  

The following chapter contains content reproduced with permission from “Fan, C., Xie, D., Li, J., 

Shang, Z., Chen, Y., Xue, S., Wang, J., Li, M., El-Azab, A., Wang, H. and Zhang, X., 9R phase 

enabled superior radiation stability of nanotwinned Cu alloys via in situ radiation at elevated 

temperature. Acta Materialia (2019), 167, pp.248-256.” Copyright 2019 Elsevier Ltd. 

6.1 Overview  

Though nanotwinned metals exhibit outstanding radiation tolerance, our studies in Chapter 5 

reveal that radiation can induce ITB migration and detwinning, which may reduce the radiation 

tolerance associated with twin boundaries, especially at elevated temperatures. In this chapter, we 

show, via in-situ Kr ion irradiation inside a transmission electron microscope, that 3 at. % Fe in 

epitaxial nanotwinned Cu (Cu97Fe3) significantly improves the thermal and radiation stability of 

nanotwins during radiation up to 5 displacements-per-atom at 200 oC. Such enhanced stability of 

nanotwins is attributed to a diffuse 9R phase resulted from the dissociation of incoherent twin 

boundaries in nanotwinned Cu97Fe3. The mechanisms for the enhanced stability of twin boundaries 

in irradiated nanotwinned alloys are discussed. The stabilization of nanotwins opens up 

opportunity for the application of nanotwinned alloys for aggressive radiation environments.   

6.2 Introduction 

Energetic particle irradiation of metallic materials produces large amounts of point defects 

(interstitials and vacancies), which can further aggregate into extended defect clusters in the form 

of dislocation loops [16, 37, 46, 159, 268], stacking fault tetrahedrons (SFTs) [89, 175, 176, 196, 

269, 270] or cavities [30, 58, 60, 91, 229, 271-277], resulting in microstructural evolution and 

degradation of mechanical properties [11, 36, 83, 86, 210, 278]. It has been proposed that the 
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radiation tolerance of materials can be significantly improved by using defect sinks [169, 183, 185, 

216, 279, 280]. Nanostructured materials contain abundant defect sinks and have shown enhanced 

radiation tolerance [83, 281-284]. Grain boundaries (GBs) are one of the effective defect sinks 

[98], and nanograined (NG) materials show enhanced radiation tolerance compared with their 

coarse-grained (CG) counterparts as evidenced by fewer defects [88, 181], reduced radiation 

hardening [85], stronger resistance to amorphization [31] and much less void swelling [91, 96]. 

However, due to the high excess energy of conventional high-angle GBs, NG materials often suffer 

from poor thermal stability [285], and radiation-induced grain coarsening can occur even at room 

temperature [27]. Design of nanomaterials that can survive harsh radiation environments at 

elevated temperatures remains a major challenge [5, 216].  

Nanotwinned (NT) metals have raised significant interest due to their unique combination of 

remarkable mechanical properties [105-108, 114] and superior thermal stability [102, 136], as well 

as enhanced radiation tolerance [109, 142, 220, 286]. In-situ studies have revealed that twin 

boundaries (TBs) can frequently interact with radiation-induced defects and tailor their formation 

and distribution [109, 140, 141, 219, 220]. For instance, fewer defects are formed in NT Cu than 

in CG Cu under the same radiation conditions [220]. In addition, SFT, a notorious defect, can be 

destructed and removed by interacting with TBs [109]. 

In NT metals with face centered cubic (FCC) structure, there are two major types of TBs: 3 {111}

coherent twin boundaries (CTBs) and 3 {112}  incoherent twin boundaries (ITBs) [115, 287]. 

Extensive studies have shown that ITBs, containing arrays of Shockley partials, can migrate under 

irradiation [288], stress [119], heating [256] and electrical field [117]. As a result, detwinning 

occurs through ITB migration, decreases twin density, and compromises the performance of NT 

materials [202, 260]. Therefore, to further improve the radiation tolerance of NT metals, it is of 

great significance to stabilize TBs, especially the highly mobile ITBs.  

In this study, we successfully synthesized epitaxial NT-Cu97Fe3 and compared its radiation 

response to that of NT-Cu by using in-situ Kr++ irradiation at 200 ℃ inside a transmission electron 

microscope (TEM). The in-situ studies show that, in contrast to rapid detwinning in NT-Cu, the 

sharp ITBs in NT-Cu97Fe3 evolve into diffuse 9R phase and are highly stable against radiation at 

elevated temperatures. ITB migration velocity in NT-Cu97Fe3 is significantly lower than that in 

NT-Cu, lending experimental support for stabilizing NT structures via the introduction of certain 
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solutes. In-situ studies also show that ITBs and CTBs in NT-Cu97Fe3 actively engage and eliminate 

radiation-induced defects. 

6.3 Experimental  

Highly-textured NT-Cu and NT-Cu97Fe3 alloy films, ~ 2 μm thick, were deposited on HF etched 

Si (110) substrates by using direct current magnetron sputtering technique at room temperature. 

Purchased pure Cu (99.995%) and Fe (99.99%) targets were used for sputtering, and the chamber 

was evacuated to a base pressure ~ 5 × 10-8 torr prior to deposition. During deposition, ~ 1.2 × 10-

3 torr Ar working pressure was used, and the deposition rate was controlled at ~ 0.6 nm/s. After 

depositions, the TEM specimens for irradiations were prepared by polishing, dimpling and low 

energy (3.5 keV) Ar ion milling. Subsequent heavy ion (1 MeV Kr++) irradiations on the cross-

sectional TEM samples were conducted in the Intermediate Voltage Electron Microscope (IVEM) 

at Argonne National Laboratory, where an ion accelerator was attached to a Hitachi-9000 TEM 

microscope. More specific information regarding such in-situ heavy ion irradiation technique has 

been described elsewhere [166]. Before irradiation, the TEM specimens were annealed at 200 oC 

inside the IVEM column for 30 minutes. Then it was followed by heavy Kr++ ion irradiations at 

200 oC. During the irradiation, a CCD camera was utilized to capture videos at 15 frames/s.  

The texture of as-deposited films was analyzed using an X-ray diffraction technique on a 

Panalytical Empyrean X'pert PRO MRD diffractometer with a Cu Kα1 source. All the as-prepared 

and irradiated TEM samples were examined by a Thermo Fischer Scientific/FEI Talos 200X 

microscope with Super-X EDS detectors. The Stopping and Range of Ions in Matter (SRIM) 

simulation with Kinch-Pease method was used to estimate the radiation damage in unit of 

displacements-per-atom (dpa) [205, 206]. As the Fe content is pretty low in NT-Cu97Fe3, the 

radiation damage was estimated based on pure Cu. SRIM simulations calculated for pure Cu 

(Supplementary Figure S1) show that ~ 99% of Kr ions have penetrated through TEM foils, leaving 

most radiation damage behind. The average ion dose rate was ~ 2.5 × 10-3 dpa/s, and the maximum 

radiation damage was 5 dpa with a total fluence of 1×1015 ions/cm2.  
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6.4 Results 

Figure 6.1 demonstrates the texture analysis of as-deposited Cu and Cu-Fe films. The conventional 

two-theta scans in Figure 6.1(a) show both films are highly {111} textured along growth direction.  

The Phi scans in Figure 6.1(b) show the diffraction peaks from both twin and matrix orientations 

with nearly identical intensity, indicating the formation of significant growth twin structures.   

 

 

Figure 6.1. Texture analysis of XRD profiles of sputtered Cu (blue) and Cu97Fe3 films (red) on Si 

(110) substrates. (a) Two-theta scans showing strong (111) texture along growth direction for 

both films. (b)  Phi-scan profiles with a six-fold symmetry, indicating a significant fraction of 

twins in both Cu and Cu97Fe3 films. M and T denote three matrix and twin peaks, respectively. 

 

Figure 6.2 compares the microstructural evolution of NT-Cu and Cu97Fe3. Cross-section TEM 

micrographs show that nanotwins in Cu have a smaller average twin spacing, ~ 5 nm, comparing 

with ~14 nm for the NT-Cu97Fe3. The twin spacing here is defined as the distance between two 

adjacent CTBs [220]. No obvious TB migrations were observed during the annealing process at 

200 oC for 30 min. However, once radiation started, detwinning took place in NT-Cu, giving rise 

to significant increase in twin spacing, as shown in Figure 6.2(a1-a4). In contrast, nanotwins in 

NT-Cu97Fe3 exhibited superior stability, and most of TBs survived after irradiation to 5 dpa, as 

shown in Figure 6.2(b1-b4).  Statistic studies in Figure 6.2(c1) and (c2) show the irradiation-
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induced prominent increase of average twin spacing (λave) in NT-Cu from 5 to 29 nm (after 5 dpa), 

while the λave in NT-Cu97Fe3 increased slightly from 14 to 16 nm.  

 

 

Figure 6.2. Evolution of nanotwins in NT-Cu and NT-Cu97Fe3 under Kr++ irradiation at 200 oC. 

(a1-a4) Irradiation-induced significant decrease of twin density in NT-Cu. (b1-b4) Superior 

stability of nanotwins against irradiation in NT-Cu97Fe3 to 5 dpa. (c1-c2) Statistical distributions 

show that the average twin spacing (λave) of irradiated NT-Cu increases significantly from 5 to 29 

nm, whereas the λave in NT-Cu97Fe3 increases slightly from 14 to 16 nm.  

 

The irradiation-induced detwinning event is attributed to defect-TB interactions. Figure 6.3 

compares the irradiation response of CTBs. It has been found that CTBs can become curved to 

accommodate defect clusters formed in the vicinity. Since defect clusters are often small and have 

transient lifetime [110, 219], they introduce local and temporary distortion (in form of curvatures) 

along CTBs. As shown in Figure 6.3, the local curved CTBs were frequently observed in both 

cases and they exhibited surprising resilience and self-healing ability. In NT Cu at ~ 1.8 dpa in 

Figure 6.3(a1), the CTBs in the twin appeared straight at 0 s. At 6 s in Figure 6.3(a2), the CTB 

became curved. However, by 19 s in Figure 6.3(a3), the distorted CTB had recovered and restored 
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its straight appearance. Similarly, in NT Cu97Fe3, the upper CTB appeared straight at 0 s (~ 2.5 

dpa) in Figure 6.3(b1). At 6 s in Figure 6.3(b2), a local distortion was identified at position 1. By 

25 s in Figure 6.3(b3), the distortion 1 had recovered, while a new distortion at position 2 occurred 

due to the interaction between the CTB and a defect cluster. At 27 s in Figure 6.3(b4), the distortion 

2 also recovered.  

 

Figure 6.3. Local distortion and self-healing capacity of CTBs in NT Cu (a1-a3) and NT Cu97Fe3 

(b1-b4). 

 

By comparison, the ITBs in irradiated NT-Cu frequently migrated and showed prominent 

thickness-dependence. When the twin thickness ( t ) is several nanometers, ITBs migrate drastically. 

As shown in Figure 6.4(a), an ultrafine twin (3 nm in thickness) was 79 nm long at 0 s (~ 0.1 dpa). 

At 2 s in Figure 6.4(b), its ITB migrated abruptly by 38nm. By 10 s in Figure 6.4(c), the twin had 

fully retracted (disappeared).  
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Figure 6.4. The drastic ITB migration of an ultrafine twin (~3 nm in thickness) in NT-Cu. 

 

However, when t  > 10 nm, ITB migration often starts from twin corners. As shown in Figure 

6.5(a1) at ~ 3.1 dpa, T1 (
1t  = 13 nm) had a vertical ITB with two right corners. In 65 s in Figure 

6.5(a2), the lower right corner retracted leftward by 10 nm and continued to retract by 13 nm after 

69 s in Figure 6.5(a3). Meanwhile, the upper corner experienced detwinning by 6 nm by 65 s, and 

recovery by 76 s as shown in Figure 6.5(a4). With further irradiation to 126 s, both corners 

retracted by 14 nm and 20 nm, respectively, leading to a sharp tip in the middle of the ITB as 

shown in Figure 6.5(a5). The protrusion remained unchanged, until significant detwinning 

occurred instantaneously at 160 s in Figure 6.5(a6).  

By comparison, the ITBs in NT-Cu97Fe3 remained stable regardless of twin thickness. For instance, 

three typical twins (T2, T3 and T4) with various thickness were monitored during irradiation (2.4 

- 2.8 dpa) as shown in Figure 6.5(b1-b6). No ITB migration was observed, even for the ultrafine 

twin T2 (
2t  = 3 nm). Note that the ITB of T3 (

3t  = 12 nm), as shown in the box in Figure 6.5(b1), 

was initially sharp, but subsequently dissociated into a 3-nm-wide diffuse ITB after 98 s in Figure 

6.5(b4). The diffuse ITB extended further to be 4 nm wide, as shown in Figure 6.5(b6). T4 (
4t  = 

27 nm) has a diffuse ITB, which is 7 nm wide and its width remained unchanged during irradiation. 

The diffuse ITB absorbed a large defect cluster, an SFT in its vicinity, as shown in Figure 6.5(b2-

b3). Meanwhile, CTBs also actively engaged in absorbing defects and became curved locally, as 

marked by the green arrows in Figure 6.5(b2-b6).  
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Figure 6.5. In-situ TEM snapshots comparing the distinct irradiation responses of ITBs between 

NT-Cu and NT-Cu97Fe3. (a1-a6) The gradual ITB migration and detwinning of T1 (
1t  = 13nm) in 

NT-Cu (3.1-3.5 dpa). (b1-b6) The stability of TBs against irradiation (2.4-2.8 dpa) in NT-

Cu97Fe3. No detwinning was observed regardless of twin thickness.  

 

High-resolution TEM (HRTEM) experiments were performed to examine the evolution of TBs in 

irradiated NT-Cu and NT-Cu97Fe3 along <110> zone axis. Before irradiation, as shown in Figure 

6.6(a1) and (b1), the CTBs are sharp, and the ITB width is narrow, ~1 nm in both systems. After 

irradiation to 5 dpa, numerous stacking faults (SFs) emerged in NT-Cu along CTBs, and the 

thickness of SF ribbon is ~2 nm, whereas the thickness of CTBs in irradiated NT-Cu97Fe3 increases 

slightly in Figure 6.6(b2). The ITBs of irradiated NT-Cu remain narrow (~1 nm), while the 

irradiated ITBs in NT-Cu97Fe3 have dissociated into a slab bounded by two curved phase 

boundaries. A typical example of the dissociated ITB in NT-Cu97Fe3 is shown in Figure 6.6(b2). 

The lower-left inset shows the dissociated ITB region has a repeatable pattern, identified as 9R 
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phase, which is also confirmed by the inserted fast Fourier transform (FFT). Note that in Figure 

6.5(b6) the dissociated ITB region of T4 is wider than that of T3, and it appears that the width of 

dissociated ITBs varies with twin thickness as will be shown later. HRTEM images in Figure 

6.6(a3) and (b3) also reveal that the defect clusters in NT-Cu are dominated by high-density 

triangular SFTs, whereas the defects in NT-Cu include SFTs and prismatic dislocation loops.  

  

 

Figure 6.6. HRTEM micrographs of TBs and irradiation-induced defects in NT-Cu and NT-

Cu97Fe3 before and after irradiation (5 dpa). (a1) and (b1) TBs are sharp in both systems prior to 

irradiation. (a2) In irradiated NT-Cu, ITBs remain sharp, but CTBs are decorated with SF 

ribbons. (a3) Irradiation-induced triangular SFTs in NT-Cu. (b2) Radiation of NT-Cu97Fe3 

induces broad ITBs, identified as 9R; but CTBs remain largely unchanged. (b3) The irradiated 

NT-Cu97Fe3 contains SFTs and prismatic dislocation loops. 

 

In-situ TEM technique permits the determination of ITB migration velocity (VITB). Figure 6.7(a) 

indicates that irradiation induces ITB migration in NT-Cu, and the VITB decreases with increasing 

thickness ( t ). Moreover, VITB of NT-Cu increases significantly with increasing irradiation 

temperature (to 200 oC). In contrast, the ITBs in NT-Cu97Fe3 barely migrate during irradiation at 

200 oC. In addition, Figure 6.7(b) illustrates that the ITB width (WITB) of irradiated NT-Cu has 

little variation and remains ~1 nm. In comparison, the WITB of irradiated NT-Cu97Fe3 elevates with 

increasing t , ranging from 3 to 10 nm. 
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Figure 6.7. Irradiation-induced evolution of ITB velocity (VITB) and width (WITB), plotted as a 

function of twin thickness ( t ) for NT-Cu and NT-Cu97Fe3. (a) VITB increases rapidly with 

decreasing t for NT Cu or at higher irradiation temperature. A reference black data set of NT-Cu 

irradiated at room temperature (RT) is also plotted [220]. The VITB is extremely low and barely 

changes for NT-Cu97Fe3 even for finest twins ( t  < 5 nm). (b) WITB of NT-Cu remains constant, ~ 

1 nm, after radiation. However, the WITB of the irradiated NT-Cu97Fe3 increases monotonically 

with t .  

6.5 Discussion 

6.5.1 Thickness and temperature dependent detwinning in NT-Cu 

Our in-situ TEM observations reveal that CTBs exhibit surprising resilience and self-healing 

ability in response to irradiation, as shown in Figure 6.3. This is determined by the nature of 

irradiation-induced defect clusters and interactions with CTBs. Since defect clusters are often 

small and have transient lifetime [110, 219], they introduce only local and temporary distortion (in 

form of curvatures) along CTBs. Moreover, previous studies show that the SFT-CTB interactions 

can lead to the formation of multiple SFs [109, 110]. This is also confirmed by our post-radiation 

HRTEM analysis in Figure 6.6(a2) and Figure 6.6(b2), which show that CTBs appear ‘thicker’ 

after irradiation. 

Our in-situ observations also show that irradiation-induced detwinning occurs primarily through 

ITB migration. The ITBs in FCC Cu are composed of three types of mobile Shockley partials on 

successive (111) planes [116, 121, 122]. Figure 6.8(a1) schematically illustrates the ITB structure, 

including one pure edge partial (
1b ) and two mixed partials (

2b and 
3b ). This dislocation model 

has the advantage of relating ITB structure to its migration or dissociation.   
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Figure 6.8. Irradiation responses of TBs in NT-Cu and NT-Cu97Fe3. (a1-a3) Irradiation-induced 

ITB migration and detwinning in NT-Cu. (b1-b7) DFT calculations of the energetics of Fe solute 

in Cu lattice, SF plane, CTB and ITB. (c1-c3) Irradiation of NT-Cu97Fe3 induces dissociation of 

ITBs into 9R phase, which is pinned by Fe solute atoms, and thus prohibit detwinning. In 

addition, irradiation can cause CTB distortions in form of curved TBs in both NT-Cu and NT-

Cu97Fe3. 
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ITBs in pure metals can migrate under shear stress through the collective glide of partials [258, 

289], known as the phase-boundary-migration (PBM) mechanism [120, 123]. Impingement of 

defect clusters during radiation can enhance TB migration by lowering the activation energy 

barrier for dislocation glide [261]. Consequently, heavy ion irradiation induces ITB migration and 

detwinning in NT-Cu, as shown schematically in Figure 6.8(a1-a3). The ITB migration velocity, 

VITB, in NT-Cu is closely associated with twin thickness ( t ). The driving force, 2 /Twin t , for ITB 

migration increases with decreasing t  [220], and 
Twin  is twin boundary energy for Σ3 {111} , 

approximately ½ of 
SF , with 

SF  being the stacking faulty energy (SFE). When t  is comparable 

to the size of defect clusters, the entire ITB can migrate rapidly (see Figure 6.4), and thus a fine 

twin is more likely to undergo detwinning, as shown in Figure 6.8(a2-a3). For a thicker twin ( t  > 

10 nm), however, detwinning often starts from twin corners, presumably because the migration of 

ITBs from corners does not change the total length or energy of the TBs [256]. If this analysis is 

correct, the reverse process, twinning from corner should also occur when local shear stress 

reverses its sign. Indeed, this hypothesis has been confirmed by our in-situ TEM observations in 

Figure 6.5(a3-a4). At elevated temperatures, the Shockley partials possess higher mobility due to 

a reduced friction stress, and the driving force for detwinning also increases, and thus the ITB 

migration velocity increases further in NT-Cu. 

6.5.2 Energetics of Fe solutes in Cu  

In-situ studies show that a small amount of Fe solute atoms (~3 at. %) in NT-Cu can significantly 

enhance TBs stability against irradiation at elevated temperatures. First, there is much less 

detwinning in the irradiated NT-Cu97Fe3 alloy irrespective of original twin thickness (see Figure 

6.2). Many fine twins survived irradiation, in drastic contrast to the rapid detwinning in NT-Cu. 

Second, the TB migration velocity in NT-Cu increases sharply with decreasing twin thickness. In 

irradiated NT-Cu97Fe3, however, TBs barely migrate. Third, our study shows that ITB migration 

velocity in NT-Cu increases significantly during irradiation at elevated temperatures. Irradiation 

of NT-Cu97Fe3 at the same temperature leads to little sign of detwinning. 

To understand the influence of Fe on TB stability, we examined the energetics of Fe solute in Cu 

lattice with respect to their locations according to density functional theory (DFT) calculations. 

The detailed calculation procedure can be found in the Supplementary Information. The Vienna 

ab-initio simulation package (VASP) is used to perform calculation with projector augmented 
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wave (PAW) method[290] and generalized gradient approximation (GGA) approach[291]. During 

the calculation, spin polarization is considered, and the Perdew-Burke-Ernzerhof (PBE) 

function[292] is employed. The pseudopotential with electron configuration 3d104s1 and 3d74s1 is 

used to describe the behavior of Cu and Fe ion, respectively[293]. The bulk properties are 

computed with a 3×3×3 supercell containing 106-108 Cu atoms and 0-4 Fe atoms. The slab models 

for a coherent twin boundary (CTB) and stacking fault (SF) have 10 layers on (111) plane. In each 

plane, there are 16 atoms. The (112) ITB slab models are constructed with 3 layers on (111) plane 

and 6 layers on (110) plane. The model contains 104-105 Cu atoms and 1 Fe atom. The first 

Brillouin zone of bulk models and slab models are sampled with a 3×3×3 and a 4×4×1 M-P k-

mesh[294]. A 400eV cut-off energy is used for all calculations in this study. The convergence 

criteria of geometry optimizations and self-consistent calculations is 0.01eV/Å and 10-5eV 

respectively. To verify the rationality of parameters used in computations, the properties of copper 

and iron are calculated with unit cell sampled with a 9×9×9 M-P k-mesh. For copper, the calculated 

lattice constant is 3.629 Å and the cohesive energy is 3.48 eV. For BCC iron, the lattice constant 

is 2.2866 Å and the cohesive energy is 4.855 eV. These properties are consistent with previous 

studies[295-297]. 

The results show that the formation energy (
fE ) of a single Fe solute is 1.409 eV for substitution 

site (Figure 6.8(b1)), 5.427 eV for tetrahedral interstitial (Figure 6.8(b2)) and 5.225 eV for 

octahedral interstitial site (Figure 6.8(b3)). In comparison, 
fE  of Cu self-interstitial atom for 

tetrahedral and octahedral site is 3.901 and 3.488 eV, respectively, much lower than that of Fe 

interstitial. These results show that Fe solute prefers to stay at substitutional site and can hardly 

diffuse via interstices. 
fE of Fe substitutions pair located at different neighboring sites is also 

calculated. For the first, second, third, and fourth nearest sites, the formation energies are 2.294, 

2.744, 2.805 and 2.766 eV, respectively. 
fE of four Fe atoms at nearest substitutional sites is 1.533 

eV. Therefore, the segregation of Fe atoms is energetically preferred. But, as mentioned earlier, 

the diffusion of Fe is energetically difficult, so the Fe solutes are expected to be homogeneously 

distributed in Cu matrix during deposition, which is consistent with our EDS analysis shown in 

Figure 6.9. 
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Figure 6.9. Composition mapping of as-deposited NT-Cu97Fe3. (a) Typical STEM HAADF 

image of the NT-Cu97Fe3. (b) and (c) corresponding EDS elemental maps of Cu and Fe, 

respectively. The square box focuses on an ITB. (d) and (e) Enlarged view of the square box 

showing the uniform distributions of Cu and Fe atoms in twin and matrix. 

 

The formation energies of Fe solutes at SF plane, CTB (Figure 6.8(b4)) and ITB (Figure 6.8(b5)) 

are also calculated. As shown in Figure 6.8(b6), the calculated stacking fault energy (
SF ) of pure 

Cu is 38.64 mJ/m2. If one of the 16 Cu atoms on a fault plane is replaced by an Fe atom, the 

stacking fault energy increases to 47.38 mJ/m2. For the model with CTB, the segregation energy 

of Fe, the energy change for moving Fe atom from defect free crystal to the twin boundary, is 

0.048 eV, which suggests that the CTB is not the preferred site for Fe solutes.  The energy barrier 

of CTB migration shown in Figure 6.8(b7) increases by adding Fe solutes. In addition, the 

formation energies of Fe solutes in ITB at substitutional and interstitial sites are 0.623-0.824 eV 

and 1.669-1.750 eV, respectively. The lower formation energies indicate that ITBs are 

thermodynamically favorable sites for Fe solutes.  

6.5.3 Mechanisms of irradiation stability of nanotwins in NT-Cu97Fe3 

Post-radiation TEM studies in Figure 6.6(b2) show that the ITBs in irradiated NT-Cu97Fe3 

dissociate into a broad 9R phase, bounded by two phase boundaries. Furthermore, the width of 9R 

phase increases with increasing twin thickness, as illustrated in Figure 6.7(b). Such an observation 
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has profound impact on TB stability and radiation tolerance of irradiated NT Cu-Fe alloys and 

warrants further discussions.  

First, the ITB dissociation occurs through the glide of arrays of Shockley partials [116, 298]. When 

an ITB is subjected to shear, yx , the glide force on the partial dislocation 
1b  is expressed by [120]:  

1 2 1 31x yx b b b b SF PF b F F F           Equation 6.1 

The first term on the right in Equation 6.1 represents the driving force for migration of 
1b  under 

external shear stress. The resistance for the migration of 
1b  arises from

1 2b bF and 
1 3b bF , the attractive 

force between 
1b  and 

2b   (
3b ); the stacking fault energy, 

SF , and the friction force due to Peierls 

stress, 
PF . During irradiation of monolithic NT-Cu, defect clusters will generate a shear stress that 

drives the migration of ITBs [140]. The 
SF  of Cu is low, and 

PF  is typically negligible in Cu, and 

thus the resistance to the migration of TB is relatively low.  

Our DFT calculations show that Fe can increase the 
SF , consequently the resistance for ITB 

migration increases substantially in NT Cu-Fe alloys. Also the growth twin density in as-deposited 

NT-Cu97Fe3 is lower than that in as-deposited NT-Cu, in agreement with the twin nucleation theory 

in sputtered films that suggests a higher 
SF  leads to a lower probability of twin nucleation [114]. 

Moreover, post-radiation TEM studies show that a majority of defect clusters in irradiated NT-Cu 

are SFTs; however, both SFTs and large prismatic dislocation loops are observed in irradiated NT-

Cu97Fe3 alloy. Prismatic loops are often observed in irradiated materials with higher 
SF  [41]. 

Second, it has been shown in monolithic NT metals, that the edge Shockley partial and two mixed 

partials migrate together due to their mutual attractive forces [120]. MD simulations have shown 

that the edge partial, 
1b , tends to migrate first under shear. The attractive force between 

1b  and 
2b  

(
3b ) then drag the two mixed partials to move together, leading to the migration of ITBs. The 

current study shows that radiation of NT-Cu did not change its width of ITBs, ~ 1nm. However, 

the width of ITBs in irradiated NT-Cu97Fe3 increases rapidly during irradiation to 3-10 nm. Thus, 

the attractive force between 
1b  and 

2b  (
3b ) decreases, making the migration of ITBs difficult. In-

situ TEM studies show that broad 9R in twinned Ag is unstable, and can “zip” together into a sharp 

ITB under e-beam irradiation to relax internal stress, and migrates rapidly  thereafter [298]. As the 
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9R phase is stabilized by Fe solute and remains broad in the irradiated NT-Cu97Fe3, its migration 

becomes difficult.  

Third, our in-situ radiation studies in Figure 6.5(b1-b6) show that 9R phase in NT Cu97Fe3 is an 

excellent defect sink, as it can capture and absorb defect clusters, such as dislocation loops and 

SFTs. Consequently, the 9R phase becomes broader, as schematically shown in Figure 6.8(c2). 

Since thicker twins have greater probability to capture defect clusters [110], the width of their 9R 

increases with twin thickness, as shown in Figure 6.8(c3). 9R and CTBs can thus form an effective 

defect-sink network, contributing to the remarkable radiation tolerance of NT-Cu97Fe3 alloy.  

The dissociation of an ITB into 9R phase has been reported in pure Au [299], Ag [300] and Cu 

[121] with low 
SF  [301]. It has been concluded that the degree to which ITBs dissociate depends 

not only on the local stress state within specimen but also on  the stacking fault energy [124]. Our 

study suggests that using appropriate solutes may effectively stabilize 9R phase in various metallic 

materials. Recently, high-density 9R phase has also been reported in sputtered NT Al-Fe [302], 

Al-Ti [303] and Al-Mg [304] solid solution Al alloys. These studies reveal that 9R phase is also 

beneficial for improving the mechanical properties (high strength and plasticity) of NT metals. 

The current study suggests that 9R phase coupled with the selection of appropriate solutes may 

significantly enhance the radiation resistance and stability of nanotwins in a broad range of 

metallic materials.  

6.6 Conclusions 

Nanotwinned Cu and Cu97Fe3 were in-situ irradiated using Kr++ at 200 oC under the same condition 

inside a transmission electron microscope. Monolithic NT-Cu experiences prominent detwinning 

through ITB migration, whereas the nanotwins in NT-Cu97Fe3 alloy remain stable. The outstanding 

radiation and thermal stability of TBs in NT-Cu97Fe3 arises from the dissociation of ITBs into a 

broad 9R phase, which also actively absorbs radiation induced defects. The enhanced twin stability 

is also attributed to the dragging effect of Fe solutes on the dissociated ITBs. These findings 

provide an important step forward towards the design of stable radiation resistant nanotwinned 

alloys under extreme environments.  
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 RADIATION INDUCED NANOVOID SHRINKAGE IN 

CU AT ROOM TEMPERATURE: AN IN-SITU STUDY 

The radiation experiment was performed at Argonne National Laboratory by Cuncai Fan and 

Zhoangxia Shang with guidance of Dr. Meimei Li. The phase-field simulation was performed by 

Rayaprolu Goutham Sreekar Annadanam at Purdue University with guidance of Dr. Anter El-Azab. 

The data analysis and writing were completed by Cuncai Fan with guidance and editing by Dr. 

Xinghang Zhang.  

The following chapter contains content reproduced with permission from “Fan, C., Sreekar, 

A.R.G., Shang, Z., Li, J., Li, M., Wang, H., El-Azab, A. and Zhang, X., Radiation induced 

nanovoid shrinkage in Cu at room temperature: An in situ study. Scripta Materialia (2019), 166, 

pp.112-116.” Copyright 2019 Elsevier Ltd. 

7.1 Overview  

Radiation induced void swelling is widely observed in a variety of metallic materials. In this 

chapter, by using sputtering deposition technique, we have introduced faceted nanovoids into Cu 

films. In-situ Kr ion irradiation was subsequently performed at room temperature to investigate 

the evolution of nanovoids. Most nanovoids were found to shrink gradually with increasing dose. 

Post-irradiation analyses revealed that irradiation induced high-density vacancy clusters in the 

form of stacking fault tetrahedrons. Phase field modeling revealed that void shrinkage arises from 

biased absorption of interstitials. These findings provide insights to the physical mechanisms of 

radiation response of nanovoids in metallic materials.  

7.2 Introduction 

The irradiation of metallic materials with energetic particles creates atomic displacements in 

crystalline lattice and results in large concentrations of point defects, including vacancies and self-

interstitial atoms (SIAs) [11]. The point defects then agglomerate into defect clusters, such as 

dislocation loops, stacking fault tetrahedrons (SFTs), and voids [36, 37, 46, 196, 211]. Such defects 

typically cause microstructural change and lead to significant degradation in the physical and 

mechanical properties of the irradiated material [181, 278, 305, 306]. To design advanced radiation 
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tolerant materials, it is essential to explore how such defect clusters evolve and interact with other 

defects during irradiation [5, 83].  

Irradiation-induced voids are of great interest for material performance, because they are directly 

related to volumetric swelling [62, 212, 275, 307-309]. Extensive efforts have been devoted to 

investigating void formation and swelling mechanisms [310-312]. Experimentally, it has been 

demonstrated that void swelling behavior shows strong temperature dependence [40, 60]. At low 

temperatures, void growth is limited by low vacancy mobility; at higher temperatures, however, 

void growth is suppressed by vacancy emission from voids [60] and accelerated vacancy-

interstitial recombination [11]. Moreover, post-irradiation transmission electron microscopy (TEM) 

studies have revealed that the void morphology in irradiated metals often exhibits facets 

corresponding to low-index crystallographic planes [58]. For instance, irradiation-induced faceted 

voids have been reported in Ni [58], Mg [276], Cu [60], Cu-Ni alloys [313], and stainless steels 

[314]. However, in situ studies on void evolution under irradiation are still limited. Theoretically, 

the morphology evolution of voids is a complicated process, which involves thermodynamic 

factors of surface energy change and kinetic considerations governed by interfacial reactions [56, 

59, 66-68]. Phase-field simulation can capture the morphological evolution of interfaces in various 

materials and recently it has been successfully applied for describing the void formation and 

evolution in irradiated metals [59, 66-70].  

In this study, we applied in-situ TEM technique to investigate the evolution of faceted nanovoids 

in Cu under Kr ion irradiation at room temperature (RT). The nanovoids were introduced prior to 

irradiation, originating from the diffusion and collection of high concentrated non-equilibrium 

vacancies during physical vapor deposition (PVD) process [315]. Our studies show that such 

nanovoids shrink and the aspect ratio of these irregular nanovoids also changes during radiation. 

It is hypothesized that the shrinkage and aspect ratio change of voids are primarily due to the 

dominant absorption of interstitials. We used the phase field modeling to gain insight on the role 

of interstitial in void evolution in irradiated Cu.   

7.3 Experimental  

2-micron-thick Cu films were sputter-deposited on HF-etched Si (112) substrates at RT. The film 

texture was analyzed using an X-ray spectroscopy with a Cu Kα1 source. Plan-view TEM 

specimens were prepared by polishing, dimpling and low-energy Ar ion-milling methods. TEM 



130 

 

specimens were then irradiated with 1 MeV Kr ion beam up to a maximum fluence of 1 × 1014 

ions/cm2, at RT at the Argonne National Laboratory. More details regarding such in-situ heavy ion 

irradiation technique has been reported and described elsewhere [166]. The Stopping and Range 

of Ions in Matter (SRIM) simulation with Kinchin-Pease method was used to estimate the radiation 

damage in unit of displacements-per-atom (dpa) [205, 206]. According to SRIM simulation results, 

the maximum radiation damage was around 0.5 dpa with a constant dose rate ~ 0.003 dpa/s. Before 

and after irradiation the specimen was carefully examined by a Thermo Fischer Scientific/FEI 

Talos 200X microscope.  

7.4 Results  

Conventional XRD profile in Figure 7.1(a) shows the epitaxial growth of Cu (110) film on the Si 

(112) substrate.  Plan-view TEM micrographs recorded at under-focus (Δf = -1.5 μm) and over-

focus (Δf = +1.5 μm) conditions (Figure 7.1(b-c)) reveal the formation of faceted nanovoids with 

dark and white Fresnel fringes. The inset selected area diffraction pattern in Figure 7.1(b) confirms 

the formation of single-crystal-like Cu (110) film. The high-resolution TEM (HRTEM) image in 

Figure 7.1(d) shows a typical nanovoid with facets on  111  planes and elongated along <112> 

direction. The length (L) and width (W) of such elongated nanovoids are measured as 17 ± 3 and 

7 ± 2 nm, respectively. 
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Figure 7.1. Texture analysis, and microstructure characterization of as-deposited Cu (110) with 

nanovoids. (a) XRD pattern suggests the epitaxial growth of Cu (110) film on Si (112) substrate. 

(b-c) Plan-view TEM micrographs of faceted nanovoids in Cu films at under-focus and over-

focus imaging conditions. (d) HRTEM image of a typical faceted nanovoid with long side 

parallel to the {111}  plane 

 

Figure 7.2(a-e) are sequential TEM snapshots at the same location that show the evolution of 

nanovoids under irradiation. As shown in Figure 7.2(a), numerous defect clusters are formed 

surrounding pre-existing nanovoids at 0.1 dpa. During irradiation, these nanovoids shrank 

gradually. Some small nanovoids, as marked by arrows in Figure 7.2(a) and (b), were eliminated 

beyond a certain dose level. Some large nanovoids, as marked by circles, survived the irradiation 

up to 0.5 dpa. The lower right insets in Figure 7.2(a-e) show the enlarged views of a large nanovoid 

that contracted continuously during irradiation. It is worth mentioning that a large number of defect 

clusters in Figure 7.2(e) are invisible, as the TEM specimen was tilted away from the standard 

zone-axis in order to reveal nanovoids. A tilted TEM micrograph in Figure 7.2(f) examined along 

the <110> zone axis at a similar location clearly resolves a significant amount of defect clusters.   

Figure 7.2(g-i) show the geometry variation for numerous nanovoids over 0.1-0.3 dpa. As shown 

in Figure 7.2(g) and (h), both the length and width of nanovoids retract linearly with increasing 

dose, but the length reduces much more rapidly than the width (26 vs. 8 nm/dpa). For smaller 
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nanovoids, such as the red triangular data points (L = 9 nm) in Figure 2(i), the aspect ratio (W/L) 

increases from ~ 0.45 to 0.7. In contrast, for some larger nanovoids, such as the blue diamond data 

points (L = 18 nm) as shown in Figure 7.2(f), the aspect ratio remains unchanged.  

 

Figure 7.2. (a-e) Sequential TEM snapshots revealing the void shrinkage (0.1-0.5 dpa). (f) TEM 

micrograph taken at a similar position to (e) but along <110> zone axis reveals a significant 

number of defect clusters after irradiation to 0.5 dpa. (g-i) Dimension change of nanovoids with 

increasing dose. 

 

The image characteristics of irradiation-induced defect clusters depend sensitively on the 

diffraction conditions chosen [37]. During irradiations some of the defects might be invisible 

because of sample drifting and tilting. To identify the irradiation-induced defect clusters, post-

irradiation TEM analysis was performed. Figure 7.3(a) is the bright-field TEM image that shows 

two remaining nanovoids surrounded by numerous SFTs. SFTs are a general type of 3-dimensional 

vacancy clusters in irradiated face-centered-cubic (FCC) metals with medium-to-low stacking 

fault energies [39]. Projected from <110> direction, they often have a triangular shape as 
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confirmed by the HRTEM observation in Figure 7.3(b). The average density of SFTs is ~ 

5.5×1023/m3, and their average edge length (LSFT) is ~ 2.4 nm, as shown in Figure 7.3(c). 

 

Figure 7.3. (a-b) Post-irradiation TEM analysis identifying the defect clusters in the form of 

SFTs. (c) The statistic distribution of dimension of irradiation-induced SFTs.  

 

Radiation induced void swelling has been widely observed in irradiated metallic materials 

[310, 311], and the magnitude of void swelling typically scale with radiation dose and the swelling 

rate is greater for austenitic stainless steels (~1% /dpa) than that for ferritic/martensitic steels (~ 

0.2%/dap) [30, 91]. Swelling was not observed in the current study in Cu (110) with nanovoids. 

Instead nanovoids shrink continuously during radiation. In what follows we will briefly discuss 

the mechanisms of void shrinkage and the anisotropic nature of void shrinkage process.  

The radiation effect on microstructural evolutions is determined by the kinetic and dynamic 

process of interstitials and vacancies and their clusters. Heavy ion irradiation creates equal 

numbers of interstitials and vacancies, and the interstitials are highly mobile at RT due to their low 

migration energy, ~ 0.12 eV for Cu [11].  Most of the radiation-induced interstitials would be 

annihilated through interstitial-vacancy annihilation within cascades [316]. The rest can escape 

from cascade damage zones and diffuse through the sample until they disappear at various sinks. 

Some of these free interstitials might be absorbed by free surfaces (top or bottom) of TEM foil, 

and others might diffuse into nanovoids and result in void shrinkage, as reported in irradiated 

nanovoid-nanotwinned Cu [169, 218]. In comparison, vacancies have a high migration energy, ~ 

0.8 eV for Cu, and they become fully mobile only when temperature increases [11]. Therefore at 

room temperature, instead of long-range migrations, they exist in the form of SFTs [41], a sessile 

3-dimensional vacancy cluster with a pyramidal configuration, as shown by their projection images 
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in Figure 7.3(b). It is worth noting that the SFTs could also act as point defect sinks and 

continuously grow or shrink by absorbing interstitials or vacancies. According to previous 

molecular dynamic studies, the interaction of point defects with a SFT is strongly dependent on its 

position and size [317]. The shrinkage or growth of SFTs is through the nucleation and movement 

of jogs along a face of tetrahedra. However, such processes are significantly suppressed for small 

tetrahedra at low temperature [317]. Our post irradiation analysis in Figure 7.3 reveals that a high 

density of tiny SFTs remains in irradiated samples, indicating their high stability during their 

interactions with point defects. The free interstitials in current study, therefore, are assumed to be 

primarily absorbed by free surfaces of TEM foil or preexisting nanovoids.  

To validate our hypothesis that the void shrinkage at RT is due to a biased absorption of interstitials, 

phase-field modeling was applied to determine the void evolution in Cu. The simulation was 

performed in two-dimensions with a thin film configuration as shown in Figure 7.4(a). The model 

used was developed and reported elsewhere [318]. The simulation domain has 151 × 101 grid 

points in total, with the solid region occupying 101 × 101 grid points and the rest being empty 

space on both sides of the film. Two faceted nanovoids, with the same aspect ratio (0.4) but 

different sizes, are initialized at the center of the domains. The small void in Figure 7.4(a) is 10 

grid points long and 4 grid points wide, and the large void in Figure 7.4(b) is 40 grid points long 

and 16 grid points wide. The concentration of point defects is initially taken to be equal to the 

thermal equilibrium concentration. To model the low temperature irradiation scenario, the 

following ratio of point defect diffusivities is assumed: Di /Dv = 60. This ratio, which indicates 

that interstitial mobility is much higher than vacancy mobility, is consistent with the diffusion of 

vacancies and interstitials in FCC metals at low temperature [67]. In order to account for the 

observed SFTs, the free defects introduced by cascade damage are assumed to follow a biased 

cascade source – namely, the number of vacancies introduced in each cascade is 90 % of the 

number of interstitials. The surface energy anisotropy on void shrinkage is also included in the 

simulation model by making the gradient coefficient of the non-conserved order parameter 

orientation-dependent, as what has been reported in another study [69]. More detailed information 

about the phase-field simulation of irradiated metals can be found elsewhere [59, 66].  

Figure 7.4 depicts the simulation results on void shrinkage under irradiation. At low temperature, 

as freely migrating interstitials have higher concentration and greater diffusivity than vacancies, 

they rapidly diffuse towards the void and deposit at the void surface. As such, the preexisting void 
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shrinks gradually as shown in Figure 7.4(a-g). Figure 4(h-j) present the time evolution of void 

geometry. Figure 7.4(h) indicates the small void shrinks much faster than the large one. Note that 

the void length reduction rate in Figure 7.4(i) is higher than width reduction rate. Consequently, 

the void aspect ratio in Figure 7.4(f) increases immediately for the small void. In contrast, the large 

void initially increases slowly in aspect ratio, but in later stages it rapidly becomes spherical when 

the void size reduces further. These simulation results agree qualitatively with our experimental 

observations (see Figure 7.2).  

 

 

Figure 7.4. Phase-field simulations on the radiation-induced void shrinkage due to a 

supersaturated self-interstitial concentration at low temperature. (a-g) The evolution of vacancy 

concentration for a small void in (a-c) and a large void in (d-g). (h-j) Radiation-induced 

geometrical evolution for the small (blue lines) and large (red lines) void. (h) The reduction of 

void area (A, in logarithmic). (i) The reduction of void width (W, dotted lines) and length (L, 

solid lines). (j) The increment of void aspect ratio (W/L).  

7.5 Discussion  

We now examine the anisotropic shrinkage of nanovoids. In situ radiation studies show that the 

void length shrinks much faster than void width and eventually radiation leads to spheroidization 
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of nanovoids. The anisotropy is primarily attributed to the effect of void surface curvature. As 

shown in Figure 7.1(d), the elongated nanovoids are primarily faceted on {111}  side walls that 

have little curvature, while both ends of the voids have a large curvature. The equilibrium 

interstitial concentration (
eq

iC ) at the surface can be described by [319]: 

f
i

B

E

k Teq

iC e




     Equation 7.1 

where   is the void surface curvature (with positive sign) that equals the reciprocal of the radius 

for a spherical void , 
f

iE  is the interstitial formation energy,   is the atomic volume,   is the 

surface energy, 
Bk  is the Boltzmann constant, and T  is the temperature. The equation indicates 

that the increase in surface curvature decreases the equilibrium concentration of interstitials at the 

surface, thus accelerating the diffusion of interstitials to the region of void surfaces with larger 

curvatures and leading to biased shrinkage (spheroidization) of elongated voids.  

Given the curvature’s effect on promoting spheroidization, one would anticipate that during 

radiation, most nanovoids should spheroidize first rapidly and then shrink during irradiation. 

However, our in-situ observations in Figure 7.2 show that large nanovoids (with L > ~ 15 nm) 

remain their lenticular shape during shrinkage, whereas spheroidization appears to occur faster in 

voids with smaller L (~10 nm or less). It is likely that the surface tension of smaller nanovoids is 

greater than that of larger nanovoids, and hence surface tension accelerates the spheroidization of 

small nanovoids. Chen et al. have shown that smaller nanovoids shrink faster in nanotwinned Cu 

as the tensile stress near the void surface is high [169]. The spheroidization process may also be 

accelerated at elevated temperatures when the surface mobility increases significantly. However, 

at elevated temperatures, the void shrinkage rate may decrease. Such a hypothesis requires further 

experimental validation in our future studies. But recent studies on temperature dependent 

shrinkage of nanopores in nanoporous Au suggest that higher temperature can indeed reduce the 

shrinkage rate of nanopores [211].   

7.6 Conclusions 

A fundamental understanding of void evolution is crucial for the design of advanced radiation 

tolerant materials with outstanding void swelling resistance. In-situ TEM irradiation studies of Cu 

with nanovoids, performed at room temperatures, show that preexisting elongated and faceted 
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nanovoids shrink continuously during irradiation. Small nanovoids spheroidize rapidly during 

radiation, whereas large nanovoids appear to maintain their aspect ratio during shrinkage. The 

shrinkage mechanism is ascribed to the supersaturated interstitials, while the less mobile vacancies 

cluster into SFTs.  The variation of void aspect ratio is related to the anisotropic diffusion of 

interstitials into nanovoids and the surface tension of voids. 
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 IN-SITU STUDY ON HEAVY ION IRRADIATION-

INDUCED NANOVOID EVOLUTION IN CU AT ELEVATED 

TEMPERATURES 

The radiation experiment was performed at Argonne National Laboratory by Cuncai Fan and 

Zhoangxia Shang with guidance of Dr. Meimei Li. The phase-field simulation was performed by 

Rayaprolu Goutham Sreekar Annadanam at Purdue University with guidance of Dr. Anter El-Azab. 

The data analysis and writing were completed by Cuncai Fan with guidance and editing by Dr. 

Xinghang Zhang.  

8.1 Overview  

Understanding the radiation-induced void evolutions in metals is of great significance to the design 

of radiation tolerant materials, as radiation induced voids typically lead to the undesirable 

degradation of mechanical properties. The study in Chapter 7 shows that faceted nanovoids in Cu 

(110) shrink instead of swell when irradiated at low temperature. In this follow-up study, we 

perform in-situ Kr ion irradiations in a transmission electron microscope, at elevated temperatures 

up to 350 ℃. The in-situ studies reveal that heavy ion irradiation leads to void spheroidization and 

shrinkage. Furthermore, the morphology evolution of nanovoids shows a strong dependence on 

irradiation temperature and initial void size. Post-irradiation analyses identify vacancy clusters in 

the form of stacking fault tetrahedrons (SFTs), and the remaining large nanovoids faceted on low-

index crystallographic planes. The mechanisms of radiation-induced void spheroidization and 

shrinkage are discussed based on phase field modeling.  

8.2 Introduction 

In the past several decades, the formation and growth of radiation-induced voids (or bubbles) have 

been intensively investigated because of their profound impact on the microstructure and 

mechanical properties of nuclear reactor materials [60, 212, 275, 307, 308, 320-324]. Nanovoids 

(NVs) are widely observed in metallic materials exposed to energetic electrons, protons, neutrons 

or heavy ions [30, 36, 86, 211, 311, 325]. The dimensional expansion of irradiated materials 

accompanied with the significant number of voids is frequently referred to as void swelling, which 
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usually leads to the degradation in mechanical properties, in form of irradiation hardening, 

embrittlement, and fracture [11, 72, 181, 326]. To design materials for advanced nuclear reactors, 

it is essential to explore the void growth and formation mechanisms in materials under radiation 

environment [5, 6].  

A great deal of effort has been devoted to understanding the fundamentals of radiation-induced 

void swelling, which proves to be a complicated process that involves thermodynamic factors of 

surface energy variation and kinetic considerations governed by interfacial reactions [56-59]. Prior 

studies suggest that some key factors must be taken into consideration when dealing with the issue. 

First, according to post-irradiation transmission electron microscopy (TEM ) studies, the geometry 

of radiation-induced NVs in most cases cannot be simply described as perfect spheres [58]. A 

couple of sophisticated configurations have been reported, differing in size and shape for various 

material [56, 313, 327, 328]. For most crystalline metals, NVs often exhibit facets that correspond 

to low-index crystallographic close-packed planes because of surface energy anisotropy [327]. For 

instance, faceted NVs were reported in irradiated Ni [58], Al [329], Mg [276], Cu [60], Cu-Ni 

alloys [313], and stainless steel [314]. Second, the void formation and growth show a strong 

dependence on irradiation temperature, and void swelling often reaches a peak value at 

intermediate temperature [40, 60, 310]. In principle, at low temperature the void growth is limited 

by vacancy diffusivity, but at high temperature it is suppressed by a loss of vacancy supersaturation 

due to accelerated recombination of opposite type of defects and the approach of the defect 

concentration to the thermal equilibrium value [11].  Moreover, there are some other factors that 

may impact the radiation-induced void swelling, including the presence of inert gas [61] and solute 

atoms [62], biased sinks [63], dose and dose rate [64], as well as internal stresses [65].  

Phase-field simulation is an effective method for capturing the morphological evolution of 

interfaces in various materials science processes [330], and it has been applied successfully to 

describing the void formation and evolution in irradiated metals [59, 66-70]. Recently, we have 

used a phase field approach to explain the shrinkage of NVs in (110) Cu observed during in-situ 

(1 MeV) Kr++ irradiation at room temperature (RT) [232]. However, a systematic experimental 

study coupled with phase simulation that considers the influence of temperature on irradiation 

response of NVs is still lacking. Here we investigated in depth the temperature dependent 

irradiation damage in Cu (110) films with NVs. In-situ heavy ion irradiations in TEM were 
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performed over 190-350 ℃. The radiation experiments and phase field simulations provide 

important insight for the further understanding of kinetics of void evolution driven by irradiations.  

8.3 Experimental  

Ultra-high purity copper films (99.995 wt. %), ~ 2 μm thick, were deposited on HF-etched Si (112) 

substrates at room temperature (RT) using direct current magnetron sputtering technique. Before 

deposition, the chamber was evacuated to a base pressure < 8 × 10-8 torr. The deposition rate was 

controlled at ~ 0.6 nm/s. After deposition, the film texture was analyzed using an X-ray 

spectroscopy with a Cu Kα1 source. Before and after irradiation the TEM specimens were carefully 

examined by a Thermo Fischer Scientific/FEI Talos 200X transmission electron microscope 

operated at 200kV. 

Plan-view and cross-section TEM specimens were prepared by polishing, dimpling, and low 

energy (3.5 keV) Ar ion milling. Subsequent in-situ TEM irradiations were conducted in the 

Intermediate Voltage Electron Microscope (IVEM) at Argonne National Laboratory, where an ion 

accelerator is attached to a Hitachi-900 TEM. All the radiation specimens were annealed for 0.5 h 

at 190, 250 and 350 ℃ prior to the 1 MeV Kr++ irradiation to a fluence of 2 × 1014 ions/cm2. The 

radiation dose (in dpa) was calculated using Stopping and Range of Ions in Matter (SRIM) 2008 

with Kinch-Pease method [205, 206], with a displacement threshold energy of 30 eV for Cu [11].  

The calculations indicate that > 99 % Kr ions transmitted through the TEM foils, and more detailed 

SRIM simulation results can be found elsewhere [169]. The maximum dose was 0.5 dpa for the 

irradiation at 190 ℃, and 1.0 dpa for the cases at 250 and 350 ℃. The dose rate was controlled at ~ 

0.0003 dpa/s.  

8.4 Results  

8.4.1 Faceted nanovoids in as-deposited Cu (110) films 

Figure 8.1 displays the texture analysis and microstructure characterization of as-deposited Cu 

films. Figure 8.1(a) is the θ-2θ XRD profile for the epitaxial growth of Cu (110) film on the Si 

(112) substrate, and Figure 8.1(b) is the XRD (110) and (100) φ-scan profiles of Si substrate (blue) 

and Cu film (red), respectively. Figure 8.1(c) summarizes schematically the film–substrate 

orientation relationship of Cu (110) // Si (112), Cu [110 ] // Si [ 111] and Cu [001] // Si [ 110 ].  
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Plan-view TEM micrographs recorded at under-focus (Δf = -1.5 μm) and over-focus (Δf = +1.5 

μm) conditions along beam direction B = [110] in Figure 8.1(d) and (e) confirm the formation of 

faceted nanovoids that exhibit dark or white Fresnel fringes. In addition, the inset SAD pattern in 

Figure 8.1(e) clearly shows single-crystal-like diffraction spots. The enlarged view of a high-

resolution TEM (HRTEM) image in Figure 8.1(f) shows the nanovoid is faceted on [119] crystal 

planes and elongated along <112> direction. The cross-sectional TEM micrographs in Figure 8.1(g) 

and (h) taken at under-focus (Δf = -1.5 μm) condition display the cylindrical nanovoids along Cu 

[110] growth direction. The inserted SAD patterns in Figure 8.1(g) and (h) show clear evidence of 

single-crystal-like diffraction along beam directions of B = [110 ] (Si [111]) and B = [001] (Si [110 ]). 

The HRTEM micrograph in Figure 8.1(i) (recorded along B = [001]) characterizes an elongated 

nanovoid along the growth direction. To describe the configuration of such faceted NVs, three 

dimensional parameters are defined based on the TEM observations, including the void length L , 

width W  and height H , as marked in Figure 8.1(f) and (i). Statistic studies reveal that the mean 

value is 17 nm for L , and 7 nm for W , and 20 nm for H . Considering the TEM foil thickness is 

~ 100 nm, the introduced NVs are assumed to be embedded inside the TEM specimens.  
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Figure 8.1. Texture analysis, and microstructure characterization of as-deposited NV-Cu. (a) θ-

2θ XRD profile of sputtered film showing the epitaxial growth of Cu (110) on Si (112). (b) XRD 

φ-scan of Cu {100}  (red) and Si {110}  (blue).  (c) Schematic illustration of film-substrate 

orientation relationship.  (d-f) Plan-view TEM micrographs of faceted nanovoids in as-deposited 

Cu films. L  and W  in (f) mark the length and width of an elongated nanovoid. (g-i) Cross-

sectional TEM micrographs of faceted nanovoids along growth direction. H  in (i) denotes the 

height of a cylindrical nanovoid. 

 

8.4.2 Radiation-induced void spheroidization and shrinkage  

In-situ TEM experiments allow direct observation of void morphology evolution in radiation 

environment. The evolutions of microstructures up to 0.2 dpa at three temperatures are summarized 

in Figure 8.2. With increasing dose, it is evident that the preexisting faceted NVs undergo a 

spheroidization process that involves the reduction of void length L  and the simultaneous 
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expansion of void width W . The spheroidization rate tends to increase with increasing temperature. 

Consequently, by 0.20 dpa, most NVs irradiated at higher temperatures, 250 and 350 oC, have been 

fully spheroidized as shown in Figure 8.2(b5) and (c5).  

 

Figure 8.2. TEM sequential snapshots demonstrating the spheroidization process of faceted 

nanovoids at low dose (to 0.2 dpa) and various temperatures: (a1-a5) 190 ℃, (b1-b5) 250 ℃, and 

(c1-c5) 350 ℃.  

 

At a higher dose, > 0.30 dpa, the irradiated NVs showed little change in shape, but they kept 

shrinking gradually. Figure 8.3 compares the TEM micrographs for void shrinkage at different 

irradiation temperatures over 0.3 to 1.0 dpa. The circles mark three representative NVs that 

contracted during radiation. During radiation, many NVs shrank continuously until they became 

too tiny to be visible. Moreover, the shrinkage process also shows a strong dependence on 

temperature. As shown in Figure 8.3, at a given dose level the mean NV size increases with 

increasing irradiation temperature, indicting the shrinkage rate is lower at higher temperature.  
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Figure 8.3. TEM snapshots demonstrating the shrinkage process of spherical nanovoids in later 

irradiation stage over 0.3-1.0 dpa, at various temperatures: (a1-a3) 190 ℃, (b1-b4) 250 ℃, and 

(c1-c5) 350 ℃. The squares in (b3) and (b4) denote two peculiar NVs that are dented locally at 

250 ℃.  

 

As shown in Figure 8.3 (c1-c5), all the NVs irradiated at 350 ℃ remain a perfect circular shape in 

their projected TEM micrographs while shrinking continuously. However, at 250 ℃ some of the 

fully spheroidized NVs occasionally exhibited ‘craters’ on void surface, and two of such peculiar 

‘imperfect’ NVs are marked by the arrows in Figure 8.3(b3) and (b4). It was found that the 

imperfect voids were capable of self-healing and recovery from such eclipse features. One typical 

example is shown in Figure 8.4. Figure 8.4 (a1) displays a perfect circular large void around 15 

nm in dimeter at 0.559 dpa. The void became concaved on its lower left as marked by the arrow 

in Figure 8.4(a2), and the concavity erode into the void during radiation (Figure 8.4(a3-a4)). After 

a while, the void recovered its spherical geometry at 0.656 dpa as shown in Figure 8.4(a5). During 

subsequent irradiation, a similar concave process repeated from lower right of the void, followed 

by its recovery as shown in Figure 8.4(b1) -(b5). The geometry change was accompanied with 

volume shrinkage, and the void diameter decreased from 15 to 12 nm. Meanwhile, some 
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irradiation-induced defect clusters were captured in the vicinity of the NV, as shown in Figure 

8.4(a5) and (b1).  

 

Figure 8.4. Morphology evolution of a void irradiated at 250 ℃. The arrows mark irradiation-

induced ‘craters’ on the void surface.  

 

To quantify the NV morphology evolution at different irradiation temperatures, two parameters 

are defined as follows. First, the aspect ratio   ( /W L ) is used to describe the spheroidization 

process. Second, to describe the shrinkage process the porosity P  is defined by taking into the 

consideration of both void size D  (diameter) and density, given by: 

iV
P

At



    Equation 8.1 

where iV  is the sum of the volume for all the observed NVs, A  is the observed area ~ 450 × 

450 nm2, and t  is the TEM foil thickness, ~ 100 nm.  

Figure 8.5 complies the variations of   and P  with increasing dose   at different irradiation 

temperatures. As shown in Figure 8.2, the void spheroidization occurred primarily at low dose (< 

0.3 dpa) through the reduction of void length L  and extension of void width W , which leads to 

the increase of   in Figure 8.5(a). Before irradiation,   had an initial value of 0.4 because of the 

elongation of the NVs along <112> direction, as shown in Figure 8.1(f). During Kr ion irradiation, 

  increased gradually, and, by 0.2 dpa, it reached near unity at 350 ℃, 0.96 at 250 ℃, and 0.84 at 

190 ℃. In addition to the current studies at high temperatures, a refence of the variation of   at 

RT is also plotted in black squares in Figure 8.5(a) [232]. It is worth noting that although   also 
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increases slightly at RT, such increment arises from the different reduction rates in both L  and W , 

caused by the effect of void surface curvature on the interstitial diffusion [232]. Figure 8.5(b) 

shows that the spheroidization rate ( /d d  ) is greater for the smaller faceted NVs. At high dose 

(> 0.3 dpa), the aspect ratio   rarely changed, so the void volume can be easily calculated by its 

projected image. The calculated porosity decreases with escalating dose as shown in Figure 8.5(c). 

Furthermore, at a given dose level the porosity declines with decreasing temperature, suggesting 

the void shrinkage process is suppressed at higher temperature. Moreover, the variation of 

shrinkage rate ( /dD d ) in Figure 8.5(d) reveals that smaller spherical NVs tend to shrink faster.  

 

Figure 8.5. The influences of irradiation temperature and void size on void spheroidization and 

shrinkage. (a) Variations of aspect ratio   ( /W L ) with increasing dose   to 0.3 dpa. A 

reference data [232] of RT irradiation is also plotted in black squares. (b) The spheroidization 

rate ( /d d  ) versus void diameter D. (c) Variations of porosity P  with increasing dose   

over 0.3-1.0 dpa. (d) The void shrinkage rate ( /dD d ) versus void diameter D .  
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8.4.3 Post-irradiation analysis  

To identify the size and density of radiation-induced defect clusters, post-irradiation experiments 

were performed. The results revealed that high-density stacking fault tetrahedrons (SFTs) are 

formed in all irradiated samples regardless of irradiation temperature. Figure 8.6 (a)-(c) are TEM 

micrographs recorded from <110> zone crystal direction, projected from which SFTs exhibit a 

peculiar triangular shape as confirmed by the lower-left inset of a high-resolution TEM image in 

Figure 8.6(a). Figure 8.6(d) compares the SFT edge length (
SFTL ) distributions at various 

temperatures. The average value of 
SFTL  increases slightly with increasing irradiation temperature, 

ranging from 1 to 7 nm and in good agreement with previous observations [39, 41, 46, 138, 217]. 

Conversely, the SFT density 
SFT  decreases slightly with increasing irradiation temperature, as 

shown in Figure 8.6(e). SFTs are classified as a type of 3-dimensional vacancy clusters generally 

observed in FCC (face-centered-cubic) metals with low stacking fault energy [39, 41, 331]. The 

relation between the SFT edge length (
SFTL ) and the number of vacancies ( N ) is given by [41]: 

2

3 SFTL
N

a

 
  

 
    Equation 8.2 

where a  is the lattice parameter, about 0.3615 nm for Cu. Using Equation 8.2, the vacancy 

concentration (
VC ) restored in SFTs can be expressed as: 

SFT
V

A

M
C N

N




     Equation 8.3 

where 
SFT  is the SFT density, 

AN  is the Avogadro's number,   is material density (8.92 g/cm3 

for Cu), and M  is material atomic mass (63.55 g/mol for Cu). The calculated 
VC  is also plotted 

in Figure 8.6(e), and it decreases with increasing irritation temperature.  
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Figure 8.6. Irradiation-induced SFTs. (a-c) Post-irradiation TEM micrographs showing triangular 

shape SFTs in irradiated Cu samples. All the micrographs were examined along Cu <110> zone 

axis, as shown by the inset SAD patterns. The lower left inset in (a) is the HRTEM image of a 

representative SFT with its edge length marked by 
SFTL . (d) Size distributions of SFTs at various 

irradiation temperatures. (e) Variations of SFT size (
SFTL ), density (

SFT ) and its corresponding 

vacancy concentration (
VC ).  

 

Post-irradiation examination in Figure 8.7 also reveals the effect of void size on the eventual 

configurations of remaining NVs after irradiation to 1 pda at 350 ℃. Figure 8.7 (a) shows a small 

NV, around 10 nm in diameter, that is surrounded by numerous SFTs and exhibits a nearly perfect 

circular shape. Nevertheless, a large NV in Figure 8.7(a), around 23 nm in diameter still presents 

several facets that are indexed as {111} , {200}, {113}  and {510}  crystal planes based on the inset 

SAD pattern.  
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Figure 8.7. Post-irradiation analysis of remaining nanovoids after irradiation to 1 dpa at 350 oC. 

(a) A small nanovoid with a dimeter of 10 nm that appears to be circular.  (b) A large nanovoid 

with a diameter of 23 nm that is obviously faceted on several low-index crystallographic planes.  

8.5 Phase-field modeling 

To understand the underlying mechanism of the void evolution under high-temperature irradiation, 

we performed phase-field simulations in two-dimensions with a thin film configuration. The 

simulation domain has a total of 231×151 grid points, with the solid region occupying 151 × 151 

grid points and the rest being empty space on both sides of the film. A void which is 30 units long 

and 13 units wide with an aspect ratio of 0.43 is initialized at the center of the film. The currently 

used model was developed and reported elsewhere [318]. In our simulations, the concentration of 

the point defects in the solid region is taken to be thermally equilibrium. The interstitial diffusivity 

(
iD ) is normalized and set as 60 for all simulations, while the vacancy diffusivity (

vD ) is set as 1, 

20, and 40 to qualitatively model void evolution at low, medium, and high temperature, 

respectively. Although radiation produces equal numbers of vacancies and interstitials, in Cu some 

of the vacancies exist in the form of SFTs (see Figure 8.6) that are immobile and cannot interact 

with preexisting NVs. To account for this effect, we have, in our model, assumed a biased cascade 

source. For low-temperature irradiation, the number of vacancies introduced in each cascade event 

is only 90% of the number of interstitials; for the medium and high temperature cases, the number 

of vacancies introduced in each cascade event is 95% of the number of interstitials. In addition, 

the surface energy anisotropy is also included in the current model by making the gradient 

coefficients of the phase field variable orientation dependent, as what has been reported in another 

independent study [69]. 
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The simulation results are presented in Figure 8.8. Figure 8.8(a1-a5), Figure 8.8(b1-b6) and Figure 

8.8(c1-c7) are the snapshots of vacancy concertation 
vC  that compare the radiation-induced void 

spheroidization and shrinkage at different temperatures. The corresponding dimensional changes 

of void length L  and width W  are plotted as a function of time   in Figure 8.8(d1-d3). Note that, 

in Figure 8.8(d1), both L  and W  decrease with increasing time at low irradiation temperature, 

but the reduction rate of L  is higher than that of W . In figure 8.8(d2) and (d3), however, W  

initially increases until it reaches L , and then both of them decrease thereafter. As a result, the 

void undergoes a spheroidization process with its aspect ratio of /W L  increasing rapidly from 

0.43 to 1.00, as shown in Figure 8.8(e1). Meanwhile, the void keeps shrinking for all the cases, as 

indicated by the void area A  reduction in Figure 8.8(e2). Especially, Figure 8.8(e1) and (e2) also 

suggest that, with increasing temperature, the radiation-induced spheroidization is to be promoted, 

while the shrinkage process is to be suppressed. These simulation results qualitatively agree with 

our experimental findings in Figure 8.2 and 8.3.  
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Figure 8.8. Phase-filed modeling on the radiation-induced void spheroidization and shrinkage. 

The interstitial diffusivity 
iD  is kept as the constant of 60 for all simulations, while the vacancy 

diffusivity 
vD  is set as 1 for low temperature in (a1-a5), 20 for medium temperature in (b1-b6), 

and 40 for high temperature in (c1-c7). (d1-d3) The evolution of void length ( L ) and width 

(W ). (e1) and (e2) Temperature’s effect on void aspect ratio ( /W L ) change and area ( A ) 

change.  
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8.6 Discussion 

8.6.1 Spheroidization and shrinkage mechanisms  

The growth of thin films by sputtering technique is a typical physical vapor deposition (PVD) 

method, an nonequilibrium process that produces various intrinsic defects, such as NVs [332]. For 

an individual NV formed in crystalline lattice, it tends to minimize its total surface energy   that 

is anisotropic and varies according to crystallographic orientation [333]. The equilibrium shape 

that satisfies the minimum-energy condition can be described by the so-called Wulff construction 

[334], according to which the NVs in FCC metals are expected to present {110} and {111} facets 

[335]. In the current study, the introduced NVs in sputtered Cu film are mostly faceted on {111} 

planes, as shown in Figure 8.1. Our subsequent in-situ TEM observations in Figure 8.2 and 8.3 

demonstrated that such {111}-faceted NVs experience geometry change when irradiated at high 

temperature by heavy ions in two aspects: spheroidization and shrinkage.  

At low dose, the elongated NVs obviously tended to become spherical in shape. As shown in 

Figure 8.5(a), the void aspect ratio   increases through the reduction of void length L  and the 

extension of width W . Such spheroidization may be caused by two factors: surface migration and 

diffusion, driven by local curvature (surface tension) and surface energy anisotropy, respectively. 

On the other hand, the NVs keep shrinking and decreasing in size, as shown in Figure 8.3. The 

shrinkage phenomenon is attributed to the net flux of interstitials into NVs. Compared with 

vacancies, interstitials are lower in migration energy but higher in diffusivity [11]. During 

irradiation, the on-going displacement cascades create supersaturated interstitials that continuously 

diffuse into NVs, giving rise to void shrinkage. Even though an equal amount of vacancies is 

created at the same time, some of them exist in the form of sessile SFTs as shown in Figure 8.6. 

Recent MD (molecular dynamics) simulation studies have shown that a biased formation of 

vacancies and their emission away from NVs could also lead to void shrinkage when radiation 

damage cascades occur at the  locations that are in the vicinity of NVs [336, 337].  

Moreover, the TEM foil used for in-situ irradiation experiment is approximately 100 nm in 

thickness, so the foil surfaces, top or bottom, shall play an important role in absorbing point defects 

and influence void shrinkage or swelling. Unlike dislocations that are interstitial biased sinks, free 

surfaces are classified as a type of neutral (or unbiased) sink that can absorb both interstitials and 

vacancies [338, 339]. On the free surfaces of TEM foil, the vacancy concentration is estimated to 
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be thermally equilibrium 0

vC . On the NV surface, however, the vacancy concentration V

vC  is related 

to the surface curvature, and it can be estimated as [319]: 

0 2
expV

v vC C
RkT

 
  

 
    Equation 8.4 

where   is free surface energy,   is atomic volume, R  is void radius, k  is Boltzmann’s constant, 

and T  is temperature. Equation 8.4 suggests that the equilibrium vacancy concentration on the 

TEM foil surface is lower than that on the void surface, which counterbalances part of the free 

vacancies in the matrix and facilitates void shrinkage rather than swelling.  

8.6.2 Irradiation temperature effect 

Our experiments and simulations reveal that the NV spheroidization and shrinkage are heavily 

influenced by irradiation temperature. First, with increasing temperature, the surface migration and 

diffusion increase, so the void spheroidization is assumed to be accelerated with increasing 

temperature. Such hypothesis agrees with our in-situ TEM observations in Figure 8.2 and is 

successfully modeled by our phase-field simulation results in Figure 8.8. In particular, at 250 ℃ 

the irradiated and fully spheroidized NVs still occasionally presented curving features on void 

surface, as shown in Figure 8.5. This might result from the interactions between radiation damage 

cascades and pre-existing NVs. The radiation damage cascade, or displacement spike, is the 

production of multiple displacement by the primary knock-on atom (PKA) after receiving enough 

transferred energy from incident particle [22]. It can be simply pictured as a vacancy core 

surrounded by an interstitial shell [13]. When a cascade occurs in the vicinity of a void, the 

interstitials on the cascade shell will rapidly flow into the void and deposit on void surface, while 

the vacancies in cascade core may collapse into sessile clusters of SFTs [331].  Consequently, a 

‘carter’ is formed on void surface. However, considering the dose rate is limited (~ 0.0003 dpa/s) 

and the cascade lifetime is short (within a few picoseconds) [15], the bean-like void gains enough 

time to recover from the local curved morphology before another cascade occurs nearby, as what 

we have found in Figure 8.5.  On the other hand, with increasing temperature the NV shrinkage 

process recedes because of the improvement of vacancy mobility. Therefore, more interstitials are 

consumed by vacancies through recombination before they can diffuse into NVs.  This also leads 

to the drop of vacancy concentration (stored in SFTs) in specimens at higher irradiation 

temperature, as shown in Figure 8.6(e).  
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Besides, it is well known that irradiation-induced void swelling is generally characterized by a 

peak at intermediate temperature. For Cu irradiated with neutrons, the peak swelling occurs at ~ 

325 oC [60]. In the current study, no NVs showed any obvious swelling, partly because of the TEM 

foil surface effect mentioned above, and partly because of the peak swelling shift to a higher value 

due to the heavy ion irradiation effect [340]. We speculate that the void swelling could occur if 

irradiation temperature is increased high enough, but an incubation period might be required to 

initiate such swelling. However, considering more significant emission of vacancies by NVs at 

higher temperature, the pre-introduced NVs might be annealed out before the onset of their 

swelling [341].  

8.6.3 Void size effect  

Figure 8.5(b) and (d) demonstrate that the rates of spheroidization and shrinkage are higher for 

smaller NVs. With decreasing void size, the driving force of curvature for surface mobility 

increases, so the spheroidization is accelerated for smaller NVs. Besides, as the void shrinkage 

originates from the net flux of interstitials, the common form of the void size change equation is 

described by: 

( )V

i i v v v

dR
DC D C C

dt R


        Equation 8.5 

where 
iD  and 

vD  are interstitial and vacancy diffusivity, 
iC  and 

vC  are vacancy and interstitial 

concentration in the solid, and  , R  and V

vC  are the same parameters defined in Equation 8.4.  

Combining Equation 8.4 and 8.5, it is concluded that the shrinkage rate of NVs increases with 

decreasing void radius, consistent with current observations and previous reports [62, 342]. 

The post-irradiation analysis in Figure 8.7 also indicates that the morphology of remaining NVs 

shows strong size effect. When the void is less than 10 nm in diameter, it exhibits a perfect 

spherical shape; while it is larger than 20 nm, it exhibits several well-defined facets of low-index 

crystal planes. This may result from the competing balance between surface tension and surface 

anisotropy energy. For small NVs, the surface tension is so high that the NVs tend to become 

spherical to minimize the total surface area; for large NVs, however, the surface anisotropy comes 

to be a dominant role, and NVs then tend to become faceted.  
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8.7 Conclusions 

In summary, we successfully introduced faceted NVs in highly textured Cu (110) films using 

magnetron sputtering technique. Through in-situ Kr ion irradiations at elevated temperature, we 

observed the morphology evolution of such NVs in shape and size (spheroidization and shrinkage). 

Post-irradiation analysis identified the irradiation-induced defect clusters in the form of SFTs and 

revealed the size-dependent morphology status for surviving NVs. The major findings are 

summarized as follows: 

1. Spheroidization and shrinkage occur simultaneously for faceted NVs irradiated at elevated 

temperature.  

2. The spheroidization is accomplished via surface migration and diffusion, driven by surface 

tension and anisotropy energy. After fully spheroidized, the NVs irradiated at 250 oC still 

become occasionally curved due to their interactions with damage cascades nearby.  

3. The shrinkage is a result of net interstitial flux into NVs, which is enhanced by the damage 

cascade near NVs and the TEM foil surface effect.  

4. Increasing temperature can facilitate spheroidization but impede shrinkage process. 

5. Compared with larger NVs, smaller NVs tend to become spherical and shrink more rapidly 

because of their higher curvature effect.  

6. The experimental observations can be well simulated by phase-field modeling by controlling 

the defect production bias and diffusivity of vacancies.  
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 CONCLUSIONS AND FUTURE WORK 

9.1 Conclusions  

The major findings and conclusions of this thesis are summarized as follows: 

1. Two different nanostructured epitaxial Cu films were successfully grown on Si substrates 

using DC magnetron sputtering deposition technique. The microstructure features, nanovoids 

and twin boundaries, can be tailored by controlling the orientation of Si substrates. 

2. In-situ 1 MeV Kr++ irradiations revealed several aspects regarding the defect formation and 

interaction with nanovoids (NVs) and twin boundaries (TBs). First, defect clusters were 

preferentially distributed along the domain boundaries in NV-NT Cu (111) (see Chapter 3). 

Second, the pre-introduced NVs kepy shrinking with increasing dose (see Chapter 3 and 7). 

Especially, the faceted nanovoids in NV Cu (110) experienced spheroidization when irradiated 

at high temperature (see Chapter 8). Third, ITB migration and detwinning occurred in pure 

NT-Cu, while in NT-CuFe (3 at. %) alloy the ITB extended into 9R phase that remained stable 

(see Chapter 5 and 6).  

3. Micropillar compression tests showed that, in addition to the regular strengthening from 

bubbles and dislocation loops, extra strength increment was caused by He irradiation in NV-

NT Cu than in CG Cu, majorly due to the radiation-induced SFs that effectively block 

dislocation movement from twin to matrix (see Chapter 4).  

4. The underlying mechanisms of radiation-induced void spheroidization and shrinkage, TB 

migration and detwinning as well as hardening, were discussed based on post-irradiation 

analyses and computer simulations, including density functional theory (DFT), molecular 

dynamics (MD), and phase-field modeling.  

9.2 Future work  

The radiation damage effects in nanostructured metals vary from material to material and are 

influenced by a couple of factors, such as dose, dose rate, sample dimension, irradiation 

temperature, presence of inert gas and impurity atoms [36]. Though this thesis has been tried to 

take into consideration of several factors mentioned above, systematic studies are still necessary 
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in the future. The future work will hopefully include three aspects that will be described in this 

section below.  

9.2.1 Void formation mechanism in the nanotwinned metals  

One of the interested nanostructured Cu materials used in this thesis is the nv-nt Cu, namely the 

nanotwinned Cu with abundant nanovoids at domain boundaries (see Figure 3.1). According to 

our previous studies [169, 218], such material is more attractive than regular nanotwinned metals 

in mechanical properties and radiation performance, mostly because of the preexisting nanovoids 

introduced during sputtering deposition process. However, the void formation mechanism in 

nanotwinned metals is still unclear. To address this issue, preliminary attempts have been made to 

tailor its microstructure by changing deposition parameters, including deposition rate (RDep.), film 

thickness (TFilm), and Argonne working pressure (PAr). Figure 9.1 displays the plan-view TEM 

micrographs of NV-NT Cu (111) fabricated under different deposition conditions, which 

demonstrate abundant nanovoids located at domain boundaries. Besides, the corresponding cross-

sectional TEM micrographs in Figure 9.2 reveal high-density twin structures inside each columnar 

domain. The twin spacing is around several nanometers, comparable to the void size. From these 

observations, it is concluded that nanovoids always present at domain boundaries, when the film 

is fully nanotwinned and (111)-oriented along the film growth direction. The void size and density, 

on the other hand, can be controlled by adjusting deposition parameters while remaining the film 

texture. It seems that the void density significantly increases with increasing Argonne pressure and 

deposition rate, but it decreases with increasing film thickness.  

The void formation must be closely related with sputtering deposition process, a non-equilibrium 

kinetic method that is widely used for constructing nanostructured materials through a ‘bottom-up’ 

way. The aforementioned problem cannot be well answered until the nucleation, growth and 

surface diffusion processes involved in the formation of thin films on substrates are fully explored. 

More interestingly, no nanovoids were reported in other similar nanotwinned metals, such as Ag 

that shares the same FCC crystal structure and twin features with Cu, but little nanovoids were 

found inside its sputtered highly textured (111)-oriented films [106]. Therefore, the void formation 

may be peculiar to Cu, and it varies for other materials. From this viewpoint, the fundamentals of 

Cu atomic construction are necessary for understanding the final macroscopic state of the 

nanotwinned system.  
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Figure 9.1. Pan-view TEM micrographs displaying abundant nanovoids that are primarily 

positioned at domain boundaries. The inset SAD patterns clearly show single crystal-like 

diffraction along the Cu <111> zone axis. 
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Figure 9.2. Cross-sectional TEM micrographs recorded from Cu <110> zone axis, revealing 

columnar grains, nanovoids (marked by arrows), and high-density growth twins in epitaxial Cu 

films. The inset SAD patterns confirm the formation of growth twins. 

 

9.2.2 Radiation-induced void migration  

In Chapter 7 and 8, we systematically studied how nanovoids evolved in geometry at different 

irradiation temperatures. Apart from void spheroidization and shrinkage, void migration is usually 

predicted in many simulation studies [343-345], but little concrete evidence has been reported 

because of the experimental difficulties. Fortunately, we captured such phenomenon using in situ 

TEM Kr++ irradiation experiment. As shown in Figure 9.3 (a)-(c), the arrow points a typical 
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example that is shrinking and gradually migrating with increasing dose. The moving void 

disappears in Figure 9.3(d), and he inset boxes are the complied micrographs at different doses 

(marked by numbers), which clearly illustrates its trajectory through the crystalline lattice. Figure 

9.3(e) shows that most of the irradiated voids can migrate by a long distance (> 20 nm) before they 

disappear, and their migration behaviors show a strong dependence on void size, as shown in 

Figure 9.3(f).  The future work will be trying to explore the void migration mechanism and to 

discuss its potential effect on the radiation damage evolution.  

 

 

Figure 9.3. (a)-(d) In situ TEM observations of irradiation-induced void shrinkage and migration. 

(e) Void migration distance with increasing time and dose. (f) The logarithmic plot of void 

migration velocity against void dimeter.  

 

9.2.3 Helium’s effect on void nucleation and swelling  

One of the ultimate goals of the heavy ion radiation studies is to provide new insights for emulating 

the neutron irradiation damage that occurs in the nuclear reactors. However, there are several 

challenges to the use of heavy ion radiation [346]. For instance, it faces the lack of He (Helium) 

that is introduced inside structural components due to the transmutation reactions, such as the D-
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T nuclear fusion reaction, the most promising reaction for a commercial fusion power plant [14]. 

As an inert gas, He is hardly soluble in solids and plays an important role in microstructure 

evolution [213, 231, 233, 347]. Therefore, it is suggested to pre-inject or simultaneously implant 

extra He atoms while conducting regular heavy ion irradiation studies [348]. The nanostructured 

Cu in this thesis contains nanometer-sized voids that are good candidates for studying the He’s 

effect on their shrinkage or swelling under irradiation environment. Our preliminary work in 

Figure 9.4 compares the difference of void evolution when irradiated respectively by the dual 

beams of 12 keV He+ and 1 MeV Kr++, and the single beam of 1 MeV Kr++. It has been found that 

when R  > 5 nm, the void shrinkage rate decreases with decreasing void size for both cases; when 

R < 5 nm, for single-beam irradiation the shrinkage rate still drops with decreasing void size, while 

it increases and approaches zero (no shrinkage) at R  ≈ 3nm. The future work will be focused on 

understanding such He’s effect using classical kinetics and phase-field simulations.  
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Figure 9.4 Comparison of the void shrinkage between (a)-(d) dual-beam (12 keV He+ and 1 MeV 

Kr++) and (e)-(h) single-beam (1 MeV Kr++) irradiation over 0.25 to 1.00 dpa, at 350 oC. (i) Void 

size change with increasing radiation dose. (j) The corresponding void shrinkage rate (in nm/s) 

plotted as a function of void radius R . 
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