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ABSTRACT 

Ni-based superalloys have been widely used for high temperature applications such as 

turbine blades for jet propulsion and power plants due to their excellent creep, fatigue, and 

corrosion resistance. But as the demand for higher temperature capability and strength increases, 

there remains a need to better understand high temperature deformation mechanisms and improve 

and strengthen superalloys at these elevated temperatures. Recently, a correlation has been 

observed between solute segregation at planar defects (stacking faults, antiphase boundaries, etc) 

and enhanced high temperature creep properties – known colloquially as phase transformation 

strengthening. Experimentally, regardless of alloy composition, strong Co segregation at planar 

defects along with Cr has been observed. In addition, it has been suggested by density functional 

theory work that Co would promote Cr concentration at stacking faults by forming strong Cr-Co 

bonds. Based on these findings, it was hypothesized the presence of Co provides a significant 

thermodynamic driving force for segregation to planar defects.  

In order to further investigate the correlation between solute segregation and deformation 

mechanisms the fabrication of a planar front single crystal Ni-based superalloy and its 

microstructure, alloy composition, and microhardness properties of the as-zone melted and 

solution heat treated states were investigated and compared to the directionally-solidified state to 

study the effect of microsegregation on these alloy characteristics. Next, new Co-containing, Cr-

free alloys are designed to optimize -’ volume fraction, size, and morphology to mimic 

microstructures observed in single crystal superalloys. The general alloy design strategy and 

approach are outlined, and the composition, microstructure, phase transformation temperatures, 

and mechanical properties of new Cr-free and Co-containing alloys are reported. A new set of Cr-

free alloys have thus been designed, with modifications of Nb, Ta, and Ti additions ranging from 

3 to 7 at.% to investigate the role of these elements on the phase transformation strengthening 

mechanism at elevated temperatures. 
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 INTRODUCTION 

1.1 Background 

The demand for jet engines for aircraft has been increasing due to the drastic increase in 

traffic. According to the International Air Transport Association (IATA), the number of passengers 

in the world in 2016 was 3.8 billion, and it is predicted to double by 2035 [1]. Due to this rapid 

increase in demand, it is forecasted that the aerospace market will grow to $9 trillion over the next 

20 years, and the number of in-service aircraft today will double [2]. The rapid increase in the 

number of aircraft is also accompanied by the rapid increase in greenhouse gas emissions, which 

leads to climate change. Decreasing greenhouse gas emissions such as COx and NOx are crucial 

for global sustainability and environmental conservation. In order to decrease greenhouse gas 

emissions, engine manufacturers have strived to develop more fuel-efficient jet engines. 

Furthermore, decreasing fuel consumption has a significant economical advantage: 1% of fuel 

savings can reduce over $30 billion in only the commercial aviation industry, and over $66 billion 

in energy power plant usage [3]. These fuel savings can be realized by increasing the operating 

temperature: increasing operating temperatures by 35°C increases thermal efficiency by 1% [4], 

and improving material capability is key to achieving higher thermodynamic efficiency. Due to 

these advantages, significant effort has been made to increase the operating temperature of 

structural materials in gas turbine engines, which resulted in a 300°C increase of turbine entry 

temperature over 70 years as shown in Figure 1.1. 
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Ni-based superalloys have been chosen exclusively for turbine blade material because of 

their ability to maintain superior creep, fatigue, and oxidation resistance at the operating 

temperature that is close to its melting point. The development of superalloys began in the early 

1940s and has been improved over decades mainly by changing their compositions and processing 

routes [6]. At the very beginning of Ni-based superalloys contained a high level of Cr and Mo 

following the strong austenite steel alloy design strategy. Later, Al and Ti content was significantly 

increased due to the discovery of the ordered ’ phase, which enabled significantly higher strength 

via precipitation strengthening [7]. Since then, Ni-based superalloys have been designed to exhibit 

a +’ two phase microstructure comprising ordered ’-L12 precipitates coherently embedded in a 

-FCC matrix. Nowadays, more than ten alloying elements are added to commercial Ni-based 

superalloys to maintain the +’ two phase microstructure while improving the high temperature 

mechanical properties. 

For further improvement of Ni-based superalloys, the deformation mechanism at elevated 

temperatures has been actively investigated. It was revealed that dislocations sheared ’ 

precipitates forming planar defects such as stacking faults, anti-phase boundaries, and microtwins. 

Figure 1.1 Evolution of the turbine entry temperature (TET) capability of Rolls-Royce’s civil 

aeroengines, from 1940 to 2010 (Adapted from Ref. [5]). 
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In particular, microtwinning, the predominant deformation mechanism at intermediate temperature 

with low applied stress condition, gathered attention and was intensely investigated. Atomic 

reordering was presented as the possible microtwinning process, then later, this was re-introduced 

when the formation of complex stacking faults (CSFs) and their transformation into superlatticce 

extrinsic stacking faults (SESFs) was suggested as a precursor of microtwinning [8, 9]. 

Recently, solute segregation at planar defects was investigated using high resolution 

scanning transmission electron microscopy (HRSTEM). Viswanathan et al [10] observed Cr and 

Co segregation and depletion of Ni and Al at super intrinsic stacking faults (SISFs) in CMSX-4. 

Smith et al [11] also reported Cr and Co segregation at microtwins in ME3. These findings initiated 

the discussion of the correlation between the deformation mechanism of Ni-based superalloys and 

Suzuki segregation, where solute segregation at stacking faults decreases the stacking fault energy, 

and the distance between dissociated partial dislocations increases [12].  

For example, in the ME3 alloy crept at 552 MPa and 760 ºC, Smith et al [13] reported Co and Cr 

segregation to SISFs, and it was observed at higher strains to have transformed to a disordered  

phase. This transformation enabled more partial dislocations enter to ’ precipitate and led to 

microtwinning and significant plasticity. However, in the LSHR alloy, Nb and W segregation was 

observed at an SISF, and this SISF band transformed from ’ phase to ordered  phase. This 

transformation, named Local Phase Transformation Strengthening (LPTS), effectively prevented 

further propagation of partial dislocations thereby preventing unfavorable microtwinning. 

1.2 Current knowledge gaps and potential solutions 

Despite significant recent reports on segregation to planar defects and Local Phase 

Transformation Strengthening [13, 14, 15], the fundamental mechanisms and driving force of 

solute segregation and its effect on stacking fault energy are still not largely understood. 

Specifically, the role of Co and Cr appears to be important in the process [16], but whether these 

elements work synergistically with each other or if they can drive the segregation process 

independently is unknown.  

Traditional methods for designing experiments aimed at uncovering the role of solute on 

the deformation mechanisms typically involve the systematic change in one to a few alloying 

elements. Unfortunately, variations in alloy composition often significantly alters the 
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microstructural and physical properties that include ’ volume fraction, size, and shape, and 

partitioning of elements between the  and ’ which influence solid-solution strength.  

 

To summarize, the major questions this work attempts to answer are: 

(1) What is the role of Co segregation in both disordered  Co-Ni alloys and ’-containing 

NiCo-based alloys? Specifically, do Co additions influence the segregation behavior 

of other solute elements, such as Ti, Ta, and Nb? 

(2) Can new alloys be designed with constant ’ volume fraction, size, and morphology, 

while altering the alloy composition of one elements, namely Ti, Ta, or Nb? 

(3) To assist in answering (1) and (2), can we fabricate single crystal specimens using 

compositionally complex commercial alloys by levitation zone melting? 

 

This work is dedicated to further understanding the correlation between solute segregation 

and deformation mechanisms by identifying and designing model alloys and processing conditions 

via CALPHAD-based thermodynamic calculations that can be used for future experiments. For 

further understanding of the role of Co and ’-forming elements on solute segregation and its 

subsequent effect on deformation mechanisms, we have developed and fabricated two alloy 

systems (1) the Co-Ni binary system, and (2) model Co-containing Ni-Co-Al-X (X=Ti, Nb, Ta) 

alloys without Cr. Alloying additions of Ti, Nb, and Ta were chosen as the fourth alloying element, 

X, since they will favorably partition to ’ phase and increase the strength of the precipitates [6]. 

These elements in high concentrations also promote the formation of  or  phases, which are 

associated with the phases observed in the LPTS mechanism. The former alloy was employed to 

investigate the Co segregation effect in the FCC matrix, and the latter was used to investigate the 

role of Ti, Ta, and Nb with Co on segregation to planar defects during creep. 

This work further focuses on identifying and developing suitable processing methods for 

single crystal fabrication. The use of single crystals is ideal for elucidating deformation 

mechanisms in alloys crept at elevated temperature because they exhibit superior creep resistance 

at high temperatures and high applied stress environments due to lack of grain boundaries, carbides, 

and borides. Also, there exists a significant body of work in the literature on the deformation 
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mechanisms of single crystal superalloys, which would make comparisons more relevant to our 

results to other solute segregation studies. 

Levitation zone melting is thus investigated as a processing method to fabricate single 

crystals and can provide comparable casting conditions to Bridgman solidification, which is 

commonly used in industry. However, this method can have larger thermal gradients with a lower 

solidification rate compared to Bridgeman casting, thereby a planar front-grown, completely 

homogenized alloy can be fabricated. Luitjohan et al [17] successfully fabricated a directionally-

solidified bar of Fe-C-B alloy by employing this method. We expect that levitation zone melting 

can be the alternative casting method to fabricate single crystals. However, there is no past example 

of fabricating a complex alloy system with this method, so it is unclear if single crystal Ni-Co-Al-

X alloys can be fabricated by this method.  

In Chapter 2, Co segregation and its effect on magnetic properties and stacking fault 

energy is investigated using a cold-rolled Co-Ni binary alloy. To explore the possibility and 

limitation of single crystal fabrication by levitation zone melting, in Chapter 3, fabrication and 

characterization of commercially-available Ni-based superalloy René N515 single crystals 

utilizing the float zone method is investigated. In Chapter 4, the alloy design strategy of Ni-Co-

Al-X alloy (Phase 1) is presented, and the effects of the bulk alloy compositions on the parameters 

dominating high temperature strength is discussed. Finally, in Chapter 5, modifications to the alloy 

design strategy for polycrystalline Ni-Co-Al-X alloys is presented, and its effects on the same 

parameters discussed in Chapter 4 are shown. Preliminary creep testing is lastly reported.  
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 THE STUDY OF SUZUKI SEGREGATION IN CO-NI BINARY 

SYSTEM 
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2.1 Introduction 

Suzuki segregation was initially proposed as the phenomenon that the solute segregation 

reduces the stacking fault energy thereby the spacing between partial dislocation increases [12]. 

Since then, a number of studies reported evidence of Suzuki segregation in the past twenty years. 

Saka [18] used Cu-Si alloy to measure the width of stacking faults at several different temperatures 

with different cooling rates. They reported that the width of stacking faults was much larger in a 

slowly-cooled Cu-Si sample rather than fast cooled sample due to the longer time to allow atoms 

to diffuse to stacking faults, indicating the decrease of stacking fault energy by diffusion of solute 

atoms to stacking faults. Chiba et al [19] reported a strong age-hardening effect observed in cold-

woked Co-Ni alloy because of solute segregation at stacking faults. Koizumi et al [20] observed 

the formation of wide-width stacking faults in Co-Ni base alloy and proposed that the formation 

of stacking fault was promoted by solute segregation. 

In recent ten years, due to the development of high-resolution (scanning) transmission 

electron microscopy (HRTEM/STEM), direct evidence of Suzuki segregation has been observed. 

Kamino et al [21] observed Si segregation at a stacking fault in Co-Si alloy by HRTEM. 

Furthermore, Titus et al [22] found the strong segregation of Ta and W at super intrinsic stacking 

faults (SISFs) using +’ strengthening Co-based superalloys and argued the decrease of stacking 

fault energy by solute segregation. Smith et al [13] reported the transformation of stacking faults 

to ordered  phase/disordered  phase by segregation of Nb, W/Co, Cr, and ordered  phase 

inhibited further propagation of partial dislocations, and proposed the effect of solutes to decrease 

anti-phase boundary energy. Feng et al [16] employed first-principles density functional theory 
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(DFT) calculations to seek the driving force of solute segregation and predicted Co can induce Cr 

segregation to stacking faults. Despite numerous observations of direct evidence of Suzuki 

segregation and computational predictions, the fundamental driving force of Suzuki segregation is 

still unclear.  

Co-Ni alloys exhibited excellent cold workerability and Recently, Wen et al [23] 

performed theoretical analysis via DFT calculations to predict the behavior of Co in Co-Ni binary 

system. In their work, Co segregation was predicted at the range of 500-1100°C when Co content 

of the bulk alloys was in the range of 25-75 at% as shown in Figure 2.1. Moreover, they forecasted 

the existence of the driving force of Co segregation to intrinsic stacking faults (ISFs) at 0 K. These 

results indicated that Co segregation at stacking faults likely to occur at a very wide range of 

temperatures. However, there is no direct experimental observation of Co segregation in the Co-

Ni binary system.  

In this study, we used Co-Ni binary FCC alloy to investigate the existence of Co 

segregation in planar defects. Several degrees of cold work and heat treatment conditions were 

employed to thermally induce Co to planar defects. Hardness profile, microstructure, magnetic 

properties were presented to investigate the Co segregation effect on materials properties.  



 

 

21 

 

Figure 2.1 (a) Predicted Co segregation at SISF in Co-xNi binary system at 900°C (x=10-90 

at%), (b) Predicted Co segregation in the range of 773-1373 K, (c) Co interaction energy in a 

single atomic layer in FCC Ni. The interaction energy was calculated as the difference of the 

stacking fault energy between with and without Co segregation to SISF. All figures were adapted 

from Ref. [23] 
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2.2 Experimental Procedure 

2.2.1 Alloy fabrication and deformation process 

Approximately 10g button ingots of Co-40Ni (at%) binary alloy were arc melted under 

flowing Ar with a Ti getter. The schematic of the cold rolling and heat treatment process was 

shown in Figure 2.2. In order to maintain the planar defects introduced by cold rolling and 

introduce Co segregation to them, annealing needed to be interrupted right before the 

recrystallization occurred. To identify when recrystallization occurred, Vickers hardness 

measurement was carried out to seek the time when the significant decrease of hardness was 

observed.  

As-cast alloys were cold rolled by a reduction of the thickness of 50%. Cold rolled alloys 

were homogenized at 1000°C for 30 minutes followed by air cooling to room temperature. The 

second cold rolling process was applied to the homogenized alloy to reach the reduction of the 

thickness of 10%, 30%, and 60%. After the second cold rolling process, the alloys were sectioned 

into small pieces and annealed at 600°C for several different time periods. In order to maintain the 

planar defects introduced by cold rolling and introduce Co segregation to them, annealing needed 

to be interrupted right before the recrystallization occurred. To identify when recrystallization 

occurred, Vickers hardness measurement was carried out using %CW=30 and 60 alloys to seek 

the time when the significant decrease of hardness was observed. Based on Vickers hardness 

testing results, the best heat treatment time was selected that thermally induces Co segregation to 

the stacking faults and reduces the dislocation density while still maintaining strained grains and 

most of the defects.  
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Table 2.1 The degree of second cold rolling and annealing time for Co-40Ni. Condition A, B, C, 

D, E, F were employed for magnetic measurement. Condition D and Condition E were employed 

for TEM imaging. 
 

 

2.2.2 Grain size and orientation measurement 

Microstructure characterization for Condition D, E, F alloys was carried out using Quanta 

650 scanning electron microscopy (SEM) with a backscattered electron detector in order to identify 

the grain sizes in each condition. The selected annealed alloys were mechanically ground using 

SiC paper to 2000 grit, polished from 6 m to 1 m with diamond paste, and vibratory polished 

for 3.5 hours using 0.05 m colloidal silica.  

Electron-backscattered diffraction (EBSD) was carried out to choose the target grains to 

create a lamella orientated close to <011> zone axis. Grain orientations were investigated to find 

 
1st Cold Rolling 

[%CW] 

Homogenizing 

[min] 

2nd Cold Rolling 

[%CW] 

Annealed time 

[sec] 

Condition A 

50 30 

0 

0 Condition B 30 

Condition C 60 

Condition D 10 50 

Condition E 30 50 

Condition F 60 30 

Figure 2.2 The schematic of cold rolling and heat treatment process 
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the grains oriented close to <011> with respect to either [100] or [010] reference directions as we 

see [001] direction is perpendicular to the sample surface.  

2.2.3 Characterization of magnetic properties 

The coercivity and remnant magnetization of Condition A, B, C, E, F alloys were 

measured. All measurement was performed at 300 K.  

2.2.4 Characterization of defects 

In order to perform characterization of defects via transmission electron microscopy 

(TEM), Conditions D and E alloys were sectioned as 0.4 mm thick plate by electro-discharge 

machining (EDM) and mechanically ground to approximately 80 m in thickness. Electropolish 

was performed using an electrolyte of 80% Ethanol – 5% perchloric acid – 15% Water (volume %) 

via twin jet electropolisher at 50V and 150-200 mA. In addition to conventional TEM foil sample 

preparation, electron-transparent lamella was created by FIB liftout method in order to minimize 

the magnetic field effect to TEM imaging. Approximately 80 nm thick lamellae were extracted 

from the target grains in Condition E alloy using Thermo Scientific Helios G4 UX Dual Beam 

FIB/SEM. The TEM lamellae were placed on a Cu grid using an Omniprobe W needle. Final 

thinning and cleaning were also performed using Thermo Scientific Helios G4 UX Dual Beam 

FIB/SEM via decreasing accelerating voltage from 30 kV to 16kV, then to 5kV. 

The overall characterization of defects in the TEM foil specimens was carried out by 

Teneo volumescope equipped with a STEM detector at an accelerating voltage of 30 kV. This 

observation made it easier to identify the areas with defects while observing these samples using 

TEM. High resolution scanning TEM (HR-STEM) analysis was carried out using Thermo 

Scientific FEI Themis Z microscope operating at an accelerating voltage of 300 kV using a high 

angular annual dark field detector (HAADF). In order to obtain diffraction contrast, a low-indexed 

zone axis was used for imaging.  
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2.3 Results 

2.3.1 Vickers hardness measurement and determination of annealing time 

The measured Vickers hardness as a function of time was shown in Figure 2.3. In %CW=30 

alloys, the hardness gradually decreased until 50 seconds, then rapidly dropped, thereby it was 

identified that the major recrystallization occurred after 50 seconds of annealing 

treatment. %CW=60 alloy exhibited a similar trend, however, the decrease of hardness before 

recrystallization was significantly smaller compared to %CW=30 alloy. %CW=80 was also 

investigated as a reference, which exhibited that recrystallization occurred immediately after the 

start of the annealing treatment. In general, the time to recrystallization to occur drastically 

decreases as the degree of cold work increases [24], therefore this result is expected. 

 

 

  
Figure 2.3 Measured Vickers hardness as a function of time 
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2.3.2 Annealed microstructure characterization and grain size measurement after 

annealing 

The microstructure of Condition D and E were shown in Figure 2.4. Both conditions 

exhibited a variety of grain sizes. Some recrystallized grains were also observed in Condition E. 

Since the hardness gradually decreased during the annealing treatment, having recrystallized 

grains in the alloy is consistent with the hardness results. The grain size determined by Image J of 

Condition D was in the range of 110-370 um while Condition E was in the range of 0.5-9.5um. 

 

 

 

2.3.3 Magnetic properties 

The magnetic hysteresis of all conditions was shown in Figure 2.5, and the values of 

coercivity and remnant magnetization of all conditions were shown in Table 2.2. All conditions 

exhibited hysteresis loops. However, the area within the hysteresis loops was relatively small and 

some parts were similar to paramagnetic behavior. Comparing Condition B and C (non-annealed), 

Condition E and F (annealed) exhibited higher coercivity and remnant magnetization. The 

coercivity and remnant magnetization of Condition A was in the middle of Condition B and C and 

Condition E and F. Small kinks were observed in all curves. Comparing Condition B and E 

(%CW=30) and Condition C and F (%CW=60), the decrease of coercivity and remnant 

magnetization were larger in %CW=60 conditions. 

Figure 2.4 The microstructure of (a) Condition D and (b) Condition E 
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Table 2.2 Measured coercivity and remanent magnetization of all conditions 
 

Condition A B C E F 

Coercivity [kOe] 0.015 0.023 0.025 0.009 0.007 

Remanent magnetization [emu/g] 0.58 0.71 1.09 0.33 0.20 

 

2.3.4 Characterization of defects 

The SEM-STEM micrograph of TEM foil of Condition E was shown in Figure 2.6. 

Multiple annealing twins were observed in the dislocation-free grains. The grain size of 

dislocation-free grains was in the range of 0.5-4 m.  

 

 

 

 

Figure 2.5 The magnetic hysteresis of (a) all conditions and (b) inset comparing curves at 300 K. 

The plotted conditions were (1) Air cooled (Condition A), (2) %CW=30 (Condition B), 

(3) %CW=60 (Condition C), (4) %CW=30, annealed (Condition E), and (5) %CW=60, annealed 

(Condition F). 
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A high-resolution HAADF STEM micrograph was shown in Figure 2.7. Imaging from 

close to <011> zone axis reveals the formation of multiple microtwins and a limited number of 

stacking faults were observed as shown in Figure 2.7a. An incomplete twin was also observed 

showing the multiple dislocations as a step feature (Figure 2.7b). In stomic resolution, clear 

difference of stacking sequence was identified within the microtwins. 

Figure 2.6 SEM-STEM micrograph of Condition B 
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Figure 2.7 HAADF STEM micrograph of Condition E. (a) Annealing twin formed across the 

grain and a stacking fault, (b) Incomplete microtwin, (c) near-atomic resolution of multiple of 

microtwins, and (d) its near-edge on condition. 
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2.4 Discussion 

2.4.1 Annealed microstructure 

Condition E exhibited smaller grain sizes in comparison to Condition D because of the 

increase in the degree of cold work. The multiple bands were observed in Condition D whereas 

the recrystallized grains were observed in some areas in Condition E. In Condition D, some grain 

boundaries were difficult to identify as shown in Figure 2.4a. This indicated that the deformed 

grains still remained in this Condition D. They can also be considered as the residual slip bands 

created via the cold rolling process [24].  

2.4.2 Magnetic properties 

In both Condition B and C, annealed states exhibited lower coercivity and remnant 

magnetization. Wen [25] predicted the magnetic moments of atoms in a supercell in the 

ferromagnetic states via DET calculation. In a supercell, Co has a moment of ~1.63B/atom, and 

Ni has a moment of ~0.62 B/atom (Figure 2.7a). Both The average magnetic moments per atom 

of the whole supercell followed the rule of mixture. In FCC plane, there is a slight variance in the 

magnetization in the supercell at 50 at% configurations as shown in Figure 2.7b, indicating Co 

segregation in the supercell. However, the difference of magnetization related to Co segregation 

is approximately in the range of 1.00 – 1.75 B. It is still close to the value following the rule of 

mixture, therefore Co segregation is expected as an insignificant level. For different supercell 

configurations at the paramagnetic state of Co-50at% composition, although the overall magnetic 

moments of the supercells are roughly the same, the supercells that have a higher amount of 

segregated Co atoms in the intrinsic stacking faults (ISFs) have higher magnetic moments in the 

ISFs. These results indicated that the higher Co segregation increased the overall magnetization, 

and if the Co segregation level is the same, the condition with a higher number of ISFs is likely to 

exhibit the higher magnetization.  

 In our results, non-annealed conditions exhibited higher magnetization regardless of the 

degree of cold work. Also, in non-annealed conditions, a higher cold worked condition exhibited 

higher magnetization, and in annealed conditions, a lower cold worked condition exhibited higher 

magnetization. If Co segregation was introduced by the annealing process, expecting higher Co 
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content in ISFs, our results were inconsistent with the prediction. Since in non-annealed 

state, %CW=60 exhibited higher magnetization than %CW=30, the number of ISF decreased 

during annealing treatment, therefore annealed conditions exhibited lower magnetization compare 

to non-annealed conditions. Since %CW=60 alloy started recrystallizing faster than %CW=30, this 

is also consistent with the fact that %CW=60 + annealed condition exhibited lower magnetization. 
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Figure 2.8 Relationship between energy and magnetizations of 61 calculated configurations at 

the composition of Co50Ni50. (a) Average magnetic moments per atom of the whole supercell, 

(b) Average magnetic moments of the FCC planes, (c) Total energies of the configurations vs. 

magnetizations at the second layer of stacking fault, and (d) at the fourth layer of stacking fault, 

and (e) Total energies of the second layer of stacking fault with Co segregation, and (f) of the 

fourth layer of stacking fault with Co segregation. All figures and calculation results are 

courtesy of Dongsheng Wen [25]. 
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2.4.3 Characterization of defects 

Many dislocation-free grains with annealing twins were observed in Condition E. Since 

the Vickers hardness gradually decreased during annealing treatment, this is consistent with the 

microstructure since recrystallization of a part of the alloy is expected.  

In TEM, although the formation of SFs was expected, the number of SFs was significantly 

smaller than the number of microtwins. It is well known that Co addition to Ni decreased SFE 

drastically, and the heavy deformation twinning was reported in Ni-60wt%Co (40.1at%Ni-

59.9at%Co) alloy [26]. Furthermore, the dominant deformation mechanism transitioned from 

deformation twinning to dislocation glide as the SFE decreased [27, 28]. Therefore, the dominant 

deformation mechanism of our alloy is expected to deformation twinning. 
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3.1 Introduction 

Ni-based superalloys have been widely used for high-temperature applications such as 

turbine blades for jet propulsion and power generation plants due to their superior balance of 

properties at elevated temperature that include resistance to creep, fatigue, and oxidation [6]. These 

properties are in part obtained by the unique microstructure of Ni-based superalloys which is 

composed of a solid-solution disordered face-centered cubic  matrix with coherently-embedded 

’ precipitates with a L12-Pm3̅m crystal structure [6]. The high pressure turbine blades in these 

turbine engines are exposed to corrosive environments at elevated temperature and are subjected 

to severe stresses resulting from centrifugal and aerodynamic forces [30]. These extreme operating 

conditions motivated the development of new materials that significantly improve the creep 

resistance of these alloys.  

The advent of new materials and manufacturing methods culminated in the development 

of advanced directional solidification processes in the 1970s, which included the Bridgman process 

that is able to produce “single crystal” turbine blades containing virtually no grain boundaries [30]. 

In this method, a Ni-based superalloy charge is melted (via induction or convection heating) and 

then poured into an investment mold held at a temperature above the liquidus temperature of the 

alloy. The mold and superalloy are then withdrawn downward into vacuum or other coolant as 

shown in Figure 3.1a. To maintain dendritic solidification, the mold and superalloy are withdrawn 

at a constant withdrawal rate and thermal gradient, as shown in the v-G processing map in Figure 

1.1b. Maintaining a steady thermal gradient enables the growth of highly-oriented [001] dendrites, 

which nearly eliminates grain boundaries in the single crystal. The absence of grain boundaries 

prevents the formation of voids and cavitation which are primary crack initiation sites during creep 
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in equiaxed microstructures [33]. Additionally, the absence of grain boundaries allows for the 

removal of grain boundary strengthening elements in the alloy composition that form carbides and 

borides, which can serve as initiation sites in fatigue in Ni-based superalloys [34]. 

In addition to new solidification processes, engine manufacturers have improved creep 

resistance by alloying with specific elements, particularly refractory elements such as Ti, Nb, Ta, 

W, Hf, and Re [30]. Rhenium, in particular, is a potent alloying element that significantly improves 

the creep resistance of these alloys, though the exact mechanism is still not well understood [35]. 

Alloying of heavy elements can negatively influence the castability of superalloys due to a 

tendency for these alloying elements to create convective instabilities in the mushy zone (liquid + 

solid) and significant residual microsegregation. During directional solidification, 

microsegregation occurs due to non-equilibrium solidification and is observed as compositional 

inhomogeneity throughout the dendritic microstructure [30, 36]. Microsegregation can cause the 

formation of low-melting temperature or brittle phases and a non-uniform distribution of ’ 

precipitates [31], which are detrimental to mechanical properties [37]. Furthermore, because the 

dendrite growth direction is antiparallel to gravity in the Bridgman process, a density inversion 

can form between the liquid metal in the mushy zone and the liquid metal outside of the mushy 

zone. This inversion can initiate thermosolutal convection and cause the formation of the casting 

defects known as freckles [38]. Freckle chains are small chains of equiaxed grains oriented along 

the solidification direction and form due to highly-enriched solute content in the liquid that 

suddenly freezes [39]. The compositions of these grains differ from the bulk composition; they are 

typically enriched in the elements concentrated at the interdendritic region and may contain high 

angle grain boundaries that can act as crack initiation sites [16, 38]. 

Fabrication of a truly homogeneous microstructure free of secondary phases, grain 

boundaries, porosity, and microsegregation may then improve the mechanical and environmental 

properties of advanced Ni-based superalloys. Some work has done to elucidate the creep and 

fatigue life credit afforded by eliminating casting defects [40, 41, 42]. This study has been 

conducted to understand the planar front solidification process of advanced Ni-based superalloys. 

In this study, a Ni-based superalloy was fabricated via planar front growth in order to explore the 

possibility of eliminating microsegregation and secondary phase formation. The composition, 

microstructure, and microhardness profiles will be presented. A thermodynamic model was 

developed to predict the as-solidified concentration and phase fraction profile. The results from 
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experimental studies and modeling will be compared, and the influence of planar front 

microstructure to compositional and mechanical properties will be discussed. 

 

 

3.2 Methodology 

3.2.1 Planar front single crystal fabrication 

A René N515 (Ni – 6.95 Cr – 7.66 Co – 1.26 Mo – 2.05 W – 14.06 Al – 2.16 Ta – 0.485 

Re – 0.202 Hf, 0.200 C – 0.022 B (at.%)) directionally solidified bar, 15 mm in diameter and 

approximately 150 mm long, was provided in the as-cast state by GE Aviation was used to 

fabricate a planar front grown bar. The as-cast bar was sectioned in half and fastened in a levitation 

zone melting furnace to top and bottom grips. Levitation zone melting [43, 17, 44] was carried out 

Figure 3.1 Schematic images of (a) Bridgman casting process, and (b) the processing map of the 

directional solidification of single crystal Ni-based superalloys. Figure 3.1 (b) was adapted from 

references [31] and [32], and the actual solidification rate for the levitation zone melting process 

was added using the dotted line and square symbol. The thermal gradient can be varied within 

planar front region with a constant solidification rate. 



 

 

38 

using a 25 mm single turn induction coils operating at 17 kW under an Ar-5%H2 atmosphere; a 

schematic of the levitation zone melter is shown in Figure 3.2 [17]. The two ends of the bars were 

brought to within 5 mm of each other until the molten zone was formed. Once the top of the bottom 

bar started to melt, the top bar was translated downward to create a molten zone between the two 

bars. In levitation zone melting, the liquid is partially levitated between the upper and lower bars 

and provides for the processing of crystal diameters for which surface tension alone would be 

insufficient to contain the molten zone in a containerless environment [43]. The bottom bar which 

is used to seed the crystal growth consisted of a René N515 single crystal with a <100> orientation. 

During processing, the bottom bar was rotated between 27 to 124 rpm to average the power input 

from the induction coil and promote a flat solid-liquid interface [44]. Both bars were translated 

through the induction coil at a rate of 3 mm/h (8.3x10-5 cm/s) to fabricate planar front grown single 

crystals (PG). The size of the molten zone was maintained at a diameter equal to that of the as-cast 

bars by moving the top bar relative to the bottom through stretch/squeeze control [45]. While the 

upper solid/liquid interface was melted, the bottom interface was frozen and a water cooled 

radiation jacket surrounding the solidified bar promoted a high thermal gradient.   

 

 

Figure 3.2 Schematic image of levitation zone melting (adapted from Ref. [17]) 
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3.2.2 Microstructure characterization and compositional analysis  

The planar growth bar was sectioned longitudinally using electrical discharge machining 

for both microstructural characterization and compositional analysis. One half of the sectioned 

material was additionally subjected to a solution anneal at 1313 ºC for 1 hour. The microstructure 

characterization for both the as-received, as-grown, and solution heat treated (SHT) samples was 

carried out using an FEI Quanta 650 and FEI Quanta 3D FEG scanning electron microscopes (SEM) 

with a backscatter electron detector. The specimens were mechanically ground using SiC paper to 

2000 grit, polished from 6 µm to 1 µm with diamond paste, and vibratory polished for 2 hours 

using 0.06 µm colloidal silica. Electron probe microanalysis (EPMA) was performed using a JEOL 

JXA8200 WD/ED Combined Microanalyzer Superprobe to investigate the segregation 

characteristics of the zone-melted sample before and after solution heat treatment. EPMA 

measurements were made over 16.75 mm at a step size of 50 m. EPMA measurements shown 

here only include those from the SHT specimen. The as-grown and SHT specimens exhibited 

comparable composition profiles, however the profile was less noisy in the SHT specimen due to 

the absence of coarsened γ’ precipitates.  

3.2.3 Vickers microhardness measurement 

Microhardness of the as-grown material was measured by Vickers microindentation using 

a Wilson® Tukon™ Vickers hardness tester. The indent was spaced every 200 m with a load of 

500 g. The measurements were repeated once. 

3.2.4 Thermodynamic modeling for composition and phase fraction prediction 

The general solution to the zone melting equation for a binary system can be expressed 

as:  

𝐶𝑠(𝑧) = 𝐶0 (1 − (1 − 𝑘0)𝑒
−
𝑘0𝑧

𝑧0 )                                (Eq. 1) 

where z is the position along the bar, Cs is the composition of solid, C0 is the initial composition, 

k0 is the partition coefficient, and z0 is the zone length. The differential form of this zone melting 
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equation was coupled to a thermodynamic database (TCNI8) and TQ-Interface and numerically 

solved to predict solute concentration along the length of the bar. 

To model the concentration profile of the planar front, the following assumptions were 

considered for simplicity: (1) the model is one-dimensional and does not consider composition 

variation in the radial direction, (2) the travel rate and liquid zone dimension is constant, (3) 

diffusion is infinitely fast in the liquid but negligible in solid. Algorithm 1 outlines the 

computational process of the model. The initial composition of the alloy 𝑐0, zone length 𝑧0, length 

of planar growth region 𝐿, system pressure 𝑃, and the step size 𝑑𝑧 were input as initial conditions. 

An initial phase equilibrium calculation was performed at the freezing liquid/solid interface while 

the liquid zone moved towards the bar end. As the liquid zone moved towards the end, a phase 

equilibrium calculation was performed for each step. The composition of solid at distance 𝑧, 𝑐𝑆(𝑧), 

was determined by the calculation and the corresponding liquid composition 𝑐𝐿(𝑧 + 𝑑𝑧) for next 

step was calculated by the following equation based on mass balance: 

 

𝑐𝐿(𝑧) ⋅ 𝑧0 − 𝑐𝑆(𝑧) ⋅ 𝑑𝑧 + 𝑐0 ⋅ 𝑑𝑧 = 𝑐𝐿(𝑧 + 𝑑𝑧) ⋅ 𝑧0        (Eq. 2) 

 

The phase fractions were calculated at 1340 ºC, 1300 ºC, and 1100 ºC using the predicted 

solid composition profiles obtained from the zone melting model with the Thermo-Calc TCNI8 

database.  
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Table 3.1 Thermodynamic model for computing composition distribution of zone melting 

process. 

 

3.3 Results 

3.3.1 Microstructure characterization 

The as-received directionally-solidified (DS) microstructure of René N515 is shown in 

Figure 3.3. A typical dendritic structure with interdendritic regions and carbides was observed. 

The secondary dendrite arm spacing was in the range of 70-85 m. Carbides formed in the 

interdendritic regions, as seen by the high contrast phases, and the average length of the carbides 

was 10.6 m.  

The as-levitation zone melted alloy structure is distinguished by four different regions as 

shown in Figure 3.4a: the directionally solidified (DS), meltback, planar front growth (PG), and 

power down (PD) regions. The as-cast dendritic structure began to fade when the zone melting 

process started (DS), as evidenced by the gradual loss of the dendritic microstructure and loss of 

contrast variation corresponding to residual microsegregation between the DS and meltback 

regions. The dendritic structure was completely eliminated when a planar front started growing 

(PG), and this single crystal, microsegregation-free region was observed to be 3.6 mm long. During 

power down (PD), the dendritic structure began to reappear first in the form of a cellular 

microstructure (Figure 3.4b). In this region, carbides precipitated at cell boundaries in the cellular 

structure and eventually in interdendritic regions. The density of carbides increased significantly 

Algorithm 1. Thermodynamic model for computing composition distribution of 

zone melting process. 

 

Require: 𝑐0 (the initial composition of the alloy), 𝑧0 (length of liquid zone), 𝐿 

(length of planar growth region), 𝑃 (pressure of the system), 𝑑𝑧 (step size), 𝑧 

(initial position). 

1 𝑐𝐿(𝑧) ← 𝑐0 

2 repeat 

3 Find 𝑐𝑆(𝑧) by system equilibrium calculation in Thermo-Calc 

4 𝑐𝐿(𝑧 + 𝑑𝑧) ← 𝑐𝐿(𝑧) ⋅ 𝑧0 − 𝑐𝑆(𝑧) ⋅ 𝑑𝑧 + 𝑐0 ⋅ 𝑑𝑧 = 𝑐𝐿(𝑧 + 𝑑𝑧) ⋅ 𝑧0 

5 𝑧 ← 𝑧 + 𝑑𝑧 

6 until 𝑧 > 𝐿 
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as the microstructure transitioned from cellular to fine dendritic structure, and the density of 

solidification-induced porosity increased as the microstructure transitioned as well. 

Cuboidal ’ precipitates were observed in the PG region as shown in Figure 3.4c. The 

average edge length of ’ precipitates was 1.0 m and the ’ area fraction is 62.7%. This revealed 

’ coarsening occurred due to a low cooling rate during the zone melting process. Grain boundaries, 

dendrites, and microsegregation were not observed in the PG region. Porosity was also observed 

in PG region (0.072%), however, the area fraction is significantly lower compared to the DS region 

(0.24%), meltback (0.33%), and PD regions (2.96%). Since the existing porosity is not expected 

at the planar front, it is assumed they are created by the sectioning process by the electrical 

discharge machining.
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Figure 3.3 SEM image of as-cast directionally-solidified (DS) microstructure. 
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3.3.2 Composition gradient  

The composition profile of the SHT specimen measured from EPMA is in good agreement 

with theoretical and model predictions obtained from the zone melting mass balance model 

integrated with Thermo-Calc, as shown in Figure 3.5. A significant change of measured 

composition was observed in the transient meltback and PD regions, as exemplified by the 

decrease of Al content from 14.0 to 12.0 at.% in the meltback region and increase of Al content 

from 12.1 to 13.8 at.% in the PD region. Note that the PD region corresponds to the last liquid 

Figure 3.4 (a) overview of as-levitation zone melted of René N515, (b) planar front - cellular 

structure transition during power-down, and (c) as-zone melted microstructure of PG region of 

René N515. 
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zone, and because the concentration profile was not measured for the complete PD region, the 

mass balance did not fully recover between DS and PD regions, as shown in Figure 3.5. 

 In the PG region, the concentration of Al, Cr, and Ta increased steadily in the direction 

parallel to planar growth whereas Ni, Co, W, and Re concentrations decreased. These results 

indicate that Al, Cr, and Ta partition to the liquid and exhibit partition coefficients, 𝑘𝑖 = 𝐶𝑠
𝑖/𝐶𝐿

𝑖  

where 𝐶𝑠
𝑖 and 𝐶𝐿

𝑖  are compositions of the solid and liquid of the ith element, respectively, of less 

than unity, whereas Ni, Co, W and Re partitioned to solid and exhibit partition coefficients greater 

than unity. These results are mostly in agreement with the partitioning trends in CMSX-4 and 

PWA1484 [46]. Partition coefficients were directly calculated via Thermo-Calc using the TCNI8 

database for predicting the composition during the levitation zone melting process, as they can 

change with temperature and composition. The predicted partition coefficients are in good 

agreement with experimental results.  

These experimentally-measured compositions within the PG region are consistent with 

the thermodynamic modeling, which also predicted a monotonic change of composition of each 

alloying element as the planar front grew, as shown in Figure 3.5. The measured composition and 

predicted composition of PG region agree well, however, a noticeable difference in Cr and Ni 

content between the predicted and experimentally-measured values was observed. The measured 

Cr and Ni compositions differed by 0.96 % (Ni) and 0.60% (Cr) compared to the nominal alloy 

composition. The very gradual and monotonic change in the PG region solid composition shows 

that steady-state conditions were not achieved, such that the liquid would become saturated in 

solute and the alloy would solidify with a composition identical to the nominal alloy composition. 

For the given conditions, our model revealed that steady-state planar growth, whereby the solid 

composition is within 5% of the nominal composition, would be achieved at a distance of 12.7 

mm.  
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Figure 3.5 Composition profile of the solution-annealed levitation zone melted René N515 as a 

function of position along the bar. The solid line represents EPMA measurement results, the 

dotted line represents thermodynamic concentration profile calculation for planar front growth 

region, and square symbols represent the nominal composition of René N515. One point in the 

DS regime was omitted because it measured the carbide composition. 
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3.3.3 Hardness measurement 

Hardness profiles across the as-levitation zone melted material were measured and the 

microstructure corresponding solidification region are shown in Figure 3.6. The corresponding 

yield stress was estimated by [47]:  

𝜎𝑦 ≈ 𝐻𝑉 3⁄  

where 𝐻𝑉 is the Vickers microhardness. The hardness varied minimally across the DS, meltback, 

and PG regions, but significantly decreased in PD region. Although the variance in the first three 

regions was relatively small in the DS, meltback, and PG regions, the overall measured hardness 

values were comparable. In these three regions, a decent area fraction of ’ precipitates in excess 

of 60% was observed. ’ coarsening occurred throughout DS, meltback, and PG regions, indicating 

diffusion-controlled ’ precipitation and growth occurred with the transition of solid/liquid 

interface from DS, meltback, to PG region due to high temperature [48]. The average edge length 

of ’ precipitates was 1.02 m in DS region, 1.99 m in meltback region, and 1.21 m in PG 

region. Fine, irregular-shaped ’ precipitates were observed in DS region. The ’ precipitate size 

increased, and the morphology changed from cuboidal to spherical in meltback region. Finally, the 

precipitates exhibited a cube morphology in the PG region [49]. Large, eutectic-like ’ phase was 

observed in the DS and meltback regions whereas they were not observed in PG and PD regions 

as shown in Figure 3.6. Although carbides were observed near indentations in the DS and meltback 

regions, there was no correlation between the carbide formation and hardness in both trials. The 

shape of the indentation significantly changed in the PD region, and slip bands were observed 

emanating outwards from the edge of the indentation.  

 



 

 

48 

 

Figure 3.6 Vickers hardness and estimated yield strength profile in the as-levitation zone melted 

specimen as a function of position along the bar. The yield stress was estimated by 𝜎𝑦 ≈ 𝐻𝑉 3⁄ , 

and the microstructure near the indentation at each region. 
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3.4 Discussion 

3.4.1 Microstructure characterization 

The presence of a dendritic structure, microsegregation, and carbides in the directionally-

solidified material indicate inhomogeneity in composition and properties; the absence of these 

features in the PG material confirms that the PG region is homogeneous. This is also supported by 

a very low density of solidification porosity observed in this region. The successful construction 

of the homogeneous structure at the planar front is confirmed by the fact that there is no large, 

eutectic-like ’ phase in PG region as shown in Figure 3.6, which is typically observed in dendritic 

structure as well [40]. 

Significant  changes to ’ morphology and ’ coarsening occurred throughout the DS, 

meltback, and PG regions due to the low cooling rate during the zone melting process. The ’ size 

generally increased from the DS to meltback region and again decreased in the PG region, as seen 

in Figure 1.6. Furthermore, the area fraction of the large eutectic-like ’ phase was highest in the 

DS and meltback regions, likely due to larger cooling rates [39, 50]. The ’ morphology 

transitioned from irregular cuboidal in the DS region, to irregular in the meltback, to irregular split 

in the PG region. The average edge length of ’ precipitates was 1.02 m in DS region, 1.99 m 

in meltback region, and 1.21 m in PG region. The largest ’ precipitates were observed in the 

meltback region because pre-existing precipitates experienced the longest time for coarsening 

throughout the levitation zone melting process (pre-heating + planar front fabrication). From the 

DS to meltback region, the eutectic ’ area fraction decreased from 18.5% to 10.2%. The eutectic 

’ fraction decreased whereas as-cast ’ precipitates fraction increased as the dendritic structure 

disappeared and started to transition to the planar front structure. Since the DAS gradually 

increased from DS to meltback, microsegregation decreased from DS towards meltback region 

with the decrease of eutectic ’ area fraction [48]. 

3.4.2 Composition gradient 

The composition gradients of all elements are nearly constant throughout the PG region, as 

shown in Figure 3.5. However, a significant change in composition was observed in DS, meltback, 

and PD regions due to transients in the melting and solidification behavior near these regions. 
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Upon initial melting, the measured solid composition altered until a kink in the composition profile 

was observed at 0 mm. This kink should correspond with the start of solidification at z = 0 such 

that the composition of the solid is 𝐶𝑠
𝑖 = 𝑘𝑖𝐶𝐿

𝑖 . The measured solid compositions at z = 0 agree 

well with calculated values of the solid composition using measured alloy compositions from the 

DS region with measured partition coefficients in similar alloys from Ref. [39]. For example, for 

measured Al and W compositions of 14.1 at.% and 2.2 at.%, the predicted initial solid 

compositions using partition coefficients of 𝑘𝐴𝑙 = 0.87 and 𝑘𝑊 = 1.42 are 12.3 at.% and 3.1 at.% 

for Al and W, respectively. The predicted composition was calculated based on the nominal 

composition whereas the measured composition at PG region represents both directionally-

solidified and levitation zone melted compositions. This can cause a noticeable difference between 

the predicted and the measured composition. For instance, for Cr, the predicted value was lower 

than the nominal value, and the measured value at PG region was lower than the DS region. This 

trend is consistent with the trend of Al and Ta which has a partition coefficient of 𝑘 < 1 in this 

alloy system. It is considered that Cr was almost uniformly distributed in DS region with a higher 

content than nominal because of the directional solidification method, and was not significantly 

affected by levitation zone melting, which can transport solute to the liquid. A similar trend can 

be seen in Mo, which started with less content in the DS region due to the partition coefficient 𝑘 >

1. Conversely, the subsequent excess or depletion of solute in the liquid should be observed near 

the end of the PD region. However, because solidification in the PD region occurred over a large 

length and the excess or depleted solute was distributed over this length, excess or depleted solute 

content was not observed in the EPMA measurements. 

To achieve steady-state planar growth whereby the composition of the solidifying solid 

matches that of the nominal alloy composition, fabricating a longer planar front region is proposed. 

A longer planar front region can be achieved by increasing the solidification rate; however, the 

thermal gradient also needs to be significantly increased as shown in Figure 3.1b. Experimentally, 

the solidification rate can be increased by decreasing the diameter of the initial directionally-

solidified bar in order to increase the thermal gradient significantly. In the real manufacturing 

process, maintaining a high thermal gradient uniformly throughout the process would be very 

challenging because of the relatively large size of components to fabricate. 
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3.4.3 Phase fraction  

The calculated phase fraction profile at 1100 °C, 1300 °C, 1340 °C is shown in Figure 3.7a. 

The formation of ’ phase was only predicted at 1100 °C whereas the formation of the  phase was 

predicted at all temperatures. This indicated that ’ solvus temperature of this alloy was between 

1100 °C and 1300 °C. The ’ solvus temperature was calculated based on the predicted composition 

along the bar. It was 1214°C at the beginning of the PG region, then rapidly increased to 1278°C 

as the planar front grew to 30 mm in prediction, as shown in Figure 3.7b. The predicted ’ phase 

fraction in the PG region was 30-33%, which is far less than the actual ’ area fraction. This 

indicates that significant ’ coarsening occurred below the ’ solvus temperature so that the ’ 

phase fraction increased significantly [48]. The ’ phase fraction slightly increased in the PG region 

and eventually became constant as zone melting continued despite small changes to the alloy 

composition in the PG region. This is consistent with the experimentally obtained microstructure, 

where carbides did not exist in PG region but began to precipitate in the PD region between cells 

and dendrites, where a high concentration of solute could be found. 
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3.4.4 Hardness profile 

The variance of the measured hardness is minimal across the DS, meltback, and PG regions. 

The relatively constant hardness values are likely due to the uniform distribution of ’ precipitates 

across these regions despite their morphological variances; The significant decrease in hardness 

observed in the PD region likely occurred due to the lack of coarse ’ precipitates in this region. 

The precipitates in the last parts of the PD region cannot expect to exhibit comparable strength 

compared to the DS, meltback, and PG regions due to a lack of time to grow the ’ precipitates 

because the PD region cooled much more quickly than other regions.  

Although there is minimum change in the hardness, the PG region would be expected to 

possess superior fatigue resistance and creep properties compared to a conventional directionally-

solidified material. Tien et al [51] argued that a uniform distribution of ’ precipitates at the planar 

front would contribute to improving creep resistance significantly by improved phase stability. 

Also, past studies confirmed that crack initiation sites are usually casting porosity and carbides 

when fatigue tests were performed [31, 36, 39, 40]. Since the density of porosity is relatively low 

Figure 3.7 (a) Predicted phase fraction at 1100 °C and 1300 °C of  and ’ phase, and (b) ’ 

solves temperature as a function of position along the bar (as levitation zone-melted). The phase 

fraction of planar front fabrication of this study was predicted from 0 to 3.6 mm, and the 

predicted phase fraction was kept calculating until the composition become steady-state 

condition. ’ phase fraction is predicted to be 45% after the composition become steady-state. 
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and carbides are entirely eliminated in PG region, it is expected that this region is most likely to 

show superior creep and fatigue resistance. 

3.5 Conclusion 

Analysis of microstructure, local composition, and mechanical properties of planar front Ni-

based superalloys have suggested the possibility of eliminating microsegregation and casting 

defects which are two significant problems of the conventional directional solidification casting 

process. The following conclusions are drawn from this work: 

 

1. A 3.6 mm-long, dendrite-free, carbide-free, and microsegregation-free planar front Ni-based 

superalloy was successfully fabricated by the levitation zone melting process.  

2. The density of casting porosity was significantly decreased from 0.24% to 0.072% (area 

fraction) in the planar front region. 

3. A monotonic change of the composition in the planar front region was consistent with 

thermodynamic modeling predictions. 

4. In the planar front region, Al, Cr, and Ta preferably partitioned to liquid whereas Ni, Co, W, 

and Re preferably partitioned to solid. 

5. Carbides only formed during the latter stages of power down, where rapid solidification, low 

thermal gradients, and microsegregation between cells and dendrites were observed. 
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 DESIGN OF CR-FREE NICO-BASED SUPERALLOYS FOR THE 

STUDY OF SOLUTE SEGREGATION AT PLANAR DEFECTS 
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4.1 Introduction 

Ni-based superalloys have been widely used for high temperature applications such as 

turbine blades for jet propulsion and power plants due to their excellent creep, fatigue, and 

corrosion resistance [6]. Their superior mechanical properties at high temperature are enabled by 

their unique microstructure that is composed of Ni3Al-’ precipitates, which have an ordered L12 

structure, embedded coherently in a disordered face-centered cubic  matrix. Significant changes 

to alloy compositions have been made over the past eight decades to tailor mechanical properties, 

oxidation resistance, and other properties. At the very first stage of the development of +’ alloys, 

less than 10 wt.% of Al and Ti were included as primary ’ formers, and 15-20 wt.% Cr for 

oxidation resistance [7, 52]. Nowadays, superalloys consist of more than ten alloying elements, 

and recent trends for high strength alloys have included the additions of Co for decreased stacking 

fault energies and increased additions of Ti, Nb, and Ta [53, 54]. While additions of refractory 

metals such as Ti, Nb, and Ta have been used for decades to promote the formation and increase 

the volume fraction of the ’ phase , only recently have researchers begun to understand the role 

of these alloying elements during deformation at the atomistic level. 

Recently, solute segregation at dislocations, stacking faults, antiphase boundaries, 

coherent twin boundaries, and other planar defects in both Ni- and Co-based superalloys has been 

intensely studied, and correlations between the solute segregation and deformation mechanisms at 

high temperature have been identified [10, 55, 56]. In Ni-based superalloys, Viswanathan et al 

observed clear enrichment and depletion of Co and Cr at stacking faults in ME3 and CMSX-4 [10]. 

This was later correlated to the formation of either favorable nanometer-scale ’ to  phases along 

the faults or the formation of undesirable microtwins by Smith et al [55]. For Co-based superalloys, 



 

 

57 

Titus et al argued that solute segregation significantly decreased stacking fault energy and assisted 

the dislocation shearing process by reducing the critical resolved shear stress for ’ shearing [56].  

Furthermore, Titus et al [56] showed that there exists a thermodynamic driving force in 

Co-based alloys for segregation of W to occur at superlattice intrinsic stacking faults. However, 

utilizing first-principles density functional theory (DFT) calculations, Rao et al [57] found that no 

driving force exists in Ni-based alloys for Ti, Nb, and Ta to segregate to superlattice intrinsic 

stacking faults (SISFs) in the γ’ phase, but such driving forces exist for a duplex planar defect, 

consisting of an antiphase boundary and complex stacking fault. The authors showed that a re-

ordering mechanism, akin to those proposed by Kolbe et al [8], could take place from this defect 

to enable segregation of Ti, Nb, and Ta at a re-ordered SISF.  

These results indicate that there may exist a transition between Ni- and Co-based alloys 

whereby refractory elements are driven to segregate to planar defects in γ’-containing superalloys. 

Furthermore, it has recently been proposed by Tin [58] that alloys whose compositions lie close to 

the γ-γ’ / γ-γ’-η/δ phase boundary would exhibit a propensity for segregation of η- and δ-forming 

elements (Ti, Nb, and Ta) to SISFs and superlattice extrinsic stacking faults (SESFs), as shown in 

Figure 1. Despite these observations, the fundamental driving forces and mechanisms of solute 

segregation are still largely not understood.  

Experimentally, it was observed that Cr strongly segregates to planar defects such as 

microtwins and anti-phase boundaries [56] and Co strongly segregates to planar defects regardless 

of the composition. In addition, the strong correlation between Cr and Co segregation at SISF was 

presented by Feng et al [16], that Cr enrichment at SISF would be induced by Co segregation at 

faults due to the formation of strong Co-Cr bonds. We hypothesize that the presence of Co provides 

a significant thermodynamic driving force for segregation to planar defects [56, 59].  

To further understand solute segregation and these phase transformations, we have 

developed and fabricated model Co-containing Ni-Co-Al-X (X=Ti, Nb, Ta) alloys without Cr. 

Alloying additions of Ti, Nb, and Ta were chosen as the fourth alloying element, X, since they 

will favorably partition to ’ phase and increase the strength of the precipitates [6]. These elements 

also promote the formation of  or  phases at high concentrations. In Chaper 4, thermodynamic 

predictions based on the CALPHAD method were validated for designed model alloys by the 

microstructure observation and ’-solvus temperature measurements. For each alloy system, two 

compositions were selected such that the Al:X content varied from 0.5 to 8.0, which enables us to 
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investigate the correlation between microstructure and mechanical properties. This enables the 

study of the high temperature mechanical properties and the partitioning behavior close to/far from 

+’+ phase field. In addition to thermodynamic modeling verification, the coarsening and 

cooling rate of the mode alloys are also measured and calculated in order to improve the heat 

treatment to obtain the optimum size and volume fraction of ’ precipitates to perform high 

temperature mechanical testing. Later in Chapter 5, the selected alloy compositions and heat 

treatment schedules were modified to optimize the size and volume fraction of ’ precipitates, that 

is 500-600 nm and 65-70% respectively, as well as modifying the alloy compositions for 

polycrystalline usage by the addition of grain boundary strengthener. 

 

 

Figure 4.1 +’ phase field and  + ’+/ phase field plotted as a function of Al/Nb+Ta+Ti [54, 

59, 60, 61] 
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4.2 Methodology 

4.2.1 Thermodynamic modeling 

Isothermal sections of pseudo-ternary Ni-30Co-Al-X (at%) systems were calculated via 

Thermo-Calc with the TCNI8 database in order to design Phase 1 model alloys. Two particular 

compositions were selected from the +’ two phase field of predicted equilibrium diagrams: (a) 

high Al content with low X content, and (b) low Al content with high X content which lies close 

to the interface of +’ / +’+ phase field boundary in order to investigate the correlation 

between the solute segregation and formation of nanometer-scale phases at planar defects. The six 

selected compositions are listed in Table 4.1 and plotted in Figure 4.1. Pseudo-binary isopleth 

sections of model alloys as a function of Al content and property diagrams were also calculated to 

determine the appropriate heat treatment schedule for homogenization and aging to obtain an 

adequate ’ volume fraction. The heat treatment schedules are shown in Table 4.2.  

 

Table 4.1 Nominal (measured) composition for Phase 1 Ni-30Co-Al-X alloys (at.%). Ni is 

balance. Actual composition was measured by elemental dispersive X-ray spectroscopy (EDS). 
 

Alloy Al/Ti+Ta+Nb Co Al Ti Ta Nb 

15Al-3Ti 5 30(32.4) 15(10.7) 3(4.04) - - 

5Al-10Ti 0.5 30(31.2) 5(3.48) 10(11.2) - - 

16Al-2Ta 8 30(33.1) 16(9.48) - 2(1.75) - 

11Al-3.5Ta 3.142 30(32.5) 11(8.78) - 3.5(2.30) - 

15Al-3Nb 5 30(34.9) 15(13.6) - - 3(2.74) 

11Al-4.5Nb 2.44 30(31.6) 11(10.5) - - 4.5(3.64) 
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Table 4.2 Heat treatment schedules (AC: air cool) 
 

 

 

 

 

 

 

4.2.2 Microstructure, Physical properties, and preliminary mechanical testing 

Small ingots of these alloys were cast, and heat treatments were performed to validate the 

thermodynamic database predictions. Model alloys were arc melted under a flowing Ar 

atmosphere with a Ti getter to produce approximately 10g button ingots. The ingots were heat 

treated following the schedules in Table 4.2. Microstructure characterization was carried out using 

FEI Quanta 3D FEG and Quanta 650 scanning electron microscopes (SEM) with a backscatter 

electron detector in order. For SEM analysis, the specimens were mechanically ground using SiC 

paper to 2000 grit, polished from 6 µm to 1 µm with diamond paste, and vibratory polished for 3.5 

hours using 0.06 µm colloidal silica.  

Differential scanning calorimetry (DSC) was employed using a Setaram Setsys Evolution 

16/18 system to determine the ’ solvus temperature. The heat treated alloys were cut to a thickness 

between 1.5 to 2.5 mm by electro discharge machining, and were were then ground to remove 

surface damage. The mass of each sample was approximately 215 to 310 mg prior to the 

measurement. A heating rate of 10K/min and an associated argon flow rate of 100 mL/min was 

employed for all measurements. All samples were heated at 10K/min scanning rate to 1235-

1370°C, held at the set point for 600s, then cooled at 10K/min. The ’-solvus temperature was 

determined from the onset of the heating discontinuity and verified by the onset of the exothermic 

ordering reaction upon cooling.  

Microhardness of the heat treated Phase 1 alloys was measured by Vickers 

microindentation using a Leco LMT-247 microhardness tester. The indent was spaced every 200 

m over 2 mm (10 measurements per specimen) with a load of 500 g. 

Alloy Homogenizing Aging 

15Al-3Ti 1280°C-24h-AC 

850°C-70h-AC 

5Al-10Ti 1270°C-24h-AC 

16Al-2Ta 
1200°C-24h-AC 

11Al-3.5Ta 

15Al-3Nb 
1150°C-24h-AC 

11Al-4.5Nb 
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4.2.3 The coarsening rate modeling and measurement 

The model to calculate the coarsening rate of ’ precipitates in the multicomponent alloy 

was introduced by Cheng et al [62]. The coarsening rate coefficient, k, is defined as: 

𝑘 = [
8𝐴(Φ)𝐷eff𝜎𝑁𝛼𝑉𝑚

9𝑅𝑇
]
1 3⁄

                                                (Eq.1) 

where  

𝐴(Φ) = 2.22 + 25.55Φ − 1.6Φ2 + 0.65Φ3                                (Eq.2) 

and Deff is the effective diffusion coefficient,  is the interfacial energy, 𝑁𝛼 is the total equilibrium 

mole fraction of alloying elements in  matrix, Vm is the molar volume of ’ precipitates, R is the 

gas constant, T is the absolute temperature, and  is ’ volume fraction. Deff is defined as: 

𝐷eff = 𝐷0
eff𝑒𝑥𝑝 (−

𝑄eff

𝑅𝑇
)                                                (Eq.2) 

where 

𝐷0
eff =

1

∑
𝑥𝑖

𝐷0
𝑖, 𝑁𝑖𝑖

                                                         (Eq.3) 

and 

𝑄eff = ∑ 𝑥𝑖𝑄𝑖, 𝑁𝑖𝑖                                                     (Eq.4) 

where xi is the nominal mole fraction of element i in the alloy, 𝐷𝑖
0 and 𝑄𝑖 are the pre-exponential 

factor and the activation energy of effective diffusion coefficient of element i, 𝐷0
𝑖,𝑁𝑖

and 𝑄𝑖,𝑁𝑖 is the 

diffusion coefficient and diffusion activation energy of element i in Ni, respectively. 𝐷0
𝑖,𝑁𝑖

and 𝑄𝑖,𝑁𝑖 

were listed in Table 4.3. Φ, 𝑁𝛼, Vm were calculated via Thermo-Calc TCNI8 database. 

 Ni-30Co-15Al-3Ti and Ni-30Co-16Al-2Ta alloys were selected to investigate the 

consistency of the employed model and experimental results. The selected alloys were 

homogenized at 1280°C for 24h (15Al-3Ti) and 1200°C for 24h (16Al-2Ta), then water quenched 

(WQ) to make the influence of cooling effect negligible to the results. Two small pieces from each 

homogenized ingot to perform the aging heat treatment at 750°C for 50h + WQ and 105 h + WQ, 

respectively. The microstructure characterization was carried out using FEI Quanta 3D FEG SEM 



 

 

62 

with a backscatter electron detector. Since the obtained precipitate size was significantly smaller 

than the ones shown in Figure 4.4, The polished surface was etched by the solution of 20 mL nitric 

acid and 60 mL hydrochloric acid. The mean ’ precipitates size was measured by ImageJ after 

homogenizing and each aging heat treatment, respectively. The predicted precipitate size was 

calculated by40]: 

[�̅�𝑡
3 − �̅�0

3]1 3⁄ = 𝑘𝑡1 3⁄                                                   (Eq.5) 

where 𝑟�̅� and 𝑟0̅ is the mean precipitate size at time t and 0, respectively. The mean ’ precipitates 

measured after homogenizing heat treatment was used as 𝑟0̅. 

 

Table 4.3 The diffusion coefficient and diffusion activation energy of element i in 

Ni [64, 65, 66, 67, 68] 
 

Element 𝐷0
𝑖,𝑁𝑖

 [m2/s] 𝑄𝑖,𝑁𝑖 [kJ/mol] 

Ni 1.90× 10−4 284.00 

Co 7.50× 10−5 285.10 

Al 1.00× 10−3 272.09 

Ti 4.10× 10−4 275.00 

Ta 2.19× 10−5 251.00 

Nb 7.40× 10−5 294.98 

4.3 Results 

4.3.1 Thermodynamic Modeling 

The predicted phase equilibria at 850°C of pseudo-ternary Ni-30Co-Al-X (at.%, X=Ti, 

Ta, Nb) alloys are shown in Figure 4.2, Large +’ two phase fields were obtained with the addition 

of Ti whereas phase fields with the +’ and the third phase,  or  (D024 or D0a structure) were 

enlarged by the addition of Ta and Nb. Ta and Nb are well-known to stabilize these third phases, 

and compositions were chosen to avoid the formation of these phases in this study. 
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Figure 4.2 Calculated isothermal sections of (a) Ni-30Co-Al-Ti, (b) Ni-30Co-Al-Ta, (c) Ni-

30Co-Al-Nb pseudo-ternary at 850°C. Solid symbols represent the nominal composition and 

empty symbols represent the measured composition of model alloys. 
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Pseudo-binary isopleth sections of model alloys as a function of Al content were shown in 

Figure 4.3. Single  and +’ two phase fields were marked. High Al – Low X alloys exhibit the  

single phase field in the wider range of temperature whereas it became narrower in Low Al – High 

X alloys. Furthermore, Ni-30Co-Al-Ta and Ni-30Co-Al-Nb systems both exhibited / phase at 

lower Al content. The difference of Ta/Nb content between High Al – Low X and Low Al – High 

X is both 1.5 at%; however, the expansion of phase fields including  phase is much larger in 

Ni-30Co-Al-Nb system. This also indicated that Nb has a stronger effect on stabilizing the third 

phase. 
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Figure 4.3 Calculated isopleth sections of (a) Ni-30Co-15Al-3Ti, (b) Ni-30Co-5Al-10Ti, (c) Ni-

30Co-16Al-2Ta, (d) Ni-30Co-11Al-3.5Ta, (e) Ni-30Co-15Al-3Nb, and (f) Ni-30Co-11Al-4.5Nb 

as a function of Al content. 
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4.3.2 Microstructure 

The aged microstructures of the model alloys are shown in Figure 4.4. The measured 

compositions deviated slightly from the nominal compositions, as shown in Table 4.1. The ' phase 

was coherently embedded in the six alloys as evidenced by the cuboidal shape of the ’ phase. 

Cuboidal ' precipitates were observed in the 15Al-3Ti, 5Al-10Ti, 16Al-2Ta, and 11Al-3.5Ta with 

no evidence of third phases. While the Ni-30Co-Al-Ti and Ni-30Co-Al-Ta alloys clearly exhibited 

a cuboidal ’ morphology, the Ni-30Co-Al-Nb alloys exhibited the mixed structure of coarsened 

cuboidal and spherical precipitates, as shown in Figure 4.4.  

The resulting and predicted ’ volume fractions and measured mean particle sizes 

determined by using Image J are given in Table 4.4. The average edge length of cuboidal ' 

precipitates was approximately 640 nm, 195 nm, 160 nm, and 125 nm for 15Al-3Ti, 5Al-10Ti, 

16Al-2Ta, and 11Al-3.5Ta, respectively. The average edge length of ’ precipitates showing 

cuboidal mophology is 510 nm and 370 nm for 15Al-3Nb and 11Al-4.5Nb, respectively. The 

measured ’ volume fraction of High Al – Low X alloys and 5Al-10Ti are mostly in agreement 

with the predicted values whereas the measured ’ volume fraction was significantly higher than 

the predicted values in in 11Al-3.5Ta and 11Al-4.5Nb.  

The high alloying additions of Ti and Nb significantly changed the microstructure. In the 

Ni-30Co-Al-Ti and Ni-30Co-Al-Nb alloys, the mean particle size became much smaller with high 

X content (640 nm to 190 nm for Al-Ti system, 510 nm to 370 nm for Al-Nb system), whereas the 

Ni-30Co-Al-Ta alloys only showed a slight difference in particle size between low-Ta and high-

Ta content (160 nm to 120 nm). All the model alloys exhibited a +’ microstructure, as predicted 

from Thermo-Calc TCNI8; therefore, the suggested heat treatment schedule, aiming to first 

homogenize and solutionize the material then anneal to precipitate, grow, and coarsen the ’ 

precipitates, was adequate to obtain the target microstructure. 

 



 

 

67 

Table 4.4 Measured and predicted ’ volume fraction, Vf at 850°C, and measured mean particle 

size of the designed alloys. The ’ volume fraction was predicted based on the nominal 

composition. 
 

 
Al/Ti+Ta+Nb Measured Vf [%] Predicted Vf [%] Mean particle size [nm] 

15Al-3Ti 5 64.5 65.0 637 

5Al-10Ti 0.5 50.7 46.5 194 

16Al-2Ta 8 53.6 60.4 158 

11Al-3.5Ta 3.142 60.9 31.2 124 

15Al-3Nb 5 57.4 61.8 510 

11Al-4.5Nb 2.44 59.5 39.0 372 

 

 

 

 

Figure 4.4 SEM micrographs of Ni-30Co-Al-X alloys after aging 
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4.3.3 ’ solvus temperature 

The ’ solvus on heating was observed by an exothermic kink in the heat flow signal, as 

shown in the DSC heating curves of the six alloys in Figure 4.5, whereas the ’ solvus was observed 

by a discontinuous exothermic peak on cooling. The onset of the heating kink and offset of the 

cooling peak were in good agreement and are used as the ’ solvus, shown in Table 4.5. These 

results indicated that ’ precipitates dissolved slowly during heating over a broad temperature 

range. In the Ni-30Co-Al-Ti alloys, the measured ’ solvus temperature was in good agreement 

with the predicted value (1163.1 ºC compared to 1220 ºC for 15Al-3Ti, and 1148.4 ºC compared 

to 1140ºC for 5Al-10Ti); however, in the Ni-30Co-Al-Ta and Ni-30Co-Al-Nb systems, the 

measured ’ solvus temperature was much higher than the predicted value (1097.2 ºC compared to 

1030 ºC for 16Al-2Ta, 1143.0ºC compared to 1030 ºC for 11Al-3.5Ta, 1217.7ºC compared to 1100 

ºC for 15Al-3Nb, 1197.4ºC compared to 1030 ºC for 11Al-4.5Nb). High Al content alloys 

exhibited a higher ’ solvus temperature in all alloys, which is consistent with the thermodynamic 

prediction by TCNI8 database. 

 

 

 

 

 

Figure 4.5 (a) DSC heating curves and (b) cooling curves of heat treated six alloys 
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Table 4.5 Onset, offset, and predicted ’ solvus temperature of six alloys 
 

 Al/Ti+Ta+Nb 

Heating Cooling 
Predicted ' solvus 

[°C] 
∆T [°C] Onset 

[°C] 

Offset 

[°C] 

Onset 

[°C] 

15Al-3Ti 5 1163.1 1185.1 1165.1 1220 56.9 

5Al-10Ti 0.5 1148.4 1175.9 1147.2 1140 -8.4 

16Al-2Ta 8 1097.2 1103.5 1203.0 1130 32.8 

11Al-3.5Ta 3.142 1143.0 1172.5 1140.7 1030 -113 

15Al-3Nb 5 1217.7 1254 1205.1 1100 -117.7 

11Al-4.5Nb 2.44 1197.4 1222.5 1141.4 1030 -167.4 

*∆𝑇= Predicted ' solvus – Onset temperature of heating curve 

4.3.4 Vickers hardness testing 

The hardness was found to vary significantly with alloy composition such that it decreased 

with increasing Al:Ti+Nb+Ta ratio, as shown in Figure 4.6a, and this was likely due to the changes 

in mean precipitate size as a function of alloy composition, also shown in Figure 4.6a. To account 

for changes in volume fraction and precipitate size, the measured hardness was normalized using 

results from Lapin et al [45] to reveal the correlation between hardness and alloying content. The 

hardness was normalized by: 

𝐻𝑉̅̅ ̅̅ =
𝐻𝑉

3.38+4.3√
𝑉f
𝑑

               (Eq. 6) 

where 𝐻𝑉 is measured Vickers hardness, 𝑉𝑓is ’ volume fraction, and 𝑑 is mean particle size. After 

normalization, the hardness was still observed to increase with a higher Al/Ti+Nb+Ta ratio, as 

shown in Figure 4.6b. This indicated a higher content of third ’ formers significantly contributed 

to increasing the hardness via solid solution strengthening in addition to precipitation hardening. 

Other factors influencing this relationship are further explored in the discussion. 
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4.3.5 Modeling of coarsening rate and precipitate size 

The Calculated values of modeling parameters were listed in Table 4.6. For our 

calculation, the interfacial energy calculated based on CMSX-2 composition [16] was employed 

in order to minimize the effect of other alloying elements. In all three X, 𝐷0
eff values of High Al – 

Low X were larger than the values of Low Al – High X alloys. As a result, 𝐷eff values of High Al 

– Low X alloys were also larger than Low Al – High X alloys.  

The predicted coarsening rate of Phase 1 alloys at six different aging temperatures is 

shown in Figure 3.7a. In all six alloys, the calculated coarsening rates increased significantly as 

Figure 4.6 (a) Vickers hardness and (b) mean particle size as a function of Al/X ratio, (c) 

Normalized Vickers hardness as a function of Al/X ratio. Square symbols represent low-X 

content alloys, and triangle symbols represent high-X content alloys. 
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the aging temperature increased. At 750°C, the difference in the coarsening rates in six alloys is 

significantly small (in the range of 9-11 nmh-1/3). However, as the aging temperature increased, 

the difference between High Al – Low X alloys and Low Al – High X alloys rapidly increased. 

These results indicated the effect of temperature to ’ coarsening is significant. Predicted 

coarsening rates at 750°C and 850°C plotted as a function of Al/Ti+Ta+Nb were shown in Figures 

4.7b and 4.7c. In both 750°C and 850°C,  High Al – Low X alloys exhibited larger coarsening 

rates compared to Low Al – High X alloys. In Low Al – High X alloys, 5Al-10Ti exhibited a 

slightly larger coarsening rate than 11Al-3.5Ta and 11Al-4.5Nb, and this difference became larger 

at 850°C. The difference between the predicted coarsening rates of Ni-30Co-Al-Ta and the other 

two alloy systems was small at 750°C. However, it became larger at 850°C due to a relatively 

rapid increase of coarsening rate in Ni-30Co-Al-Ti and Ni-30Co-Al-Nb systems. 

 The comparison between the precipitate size calculated using the predicted coarsening rate 

of 15Al-3Ti and 16Al-2Ta at 750°C and the size of experimentally obtained precipitates was 

shown in Figure 4.8. For both alloys, the predicted and measured values of precipitates were in 

good agreement at both 50 h and 105 h of aging. Furthermore, the difference between the 

prediction and measured values is larger in 50h aging. The predicted precipitate size was slightly 

large in 16Al-2Ta. This indicates element X in the alloy has an important role in order to determine 

the coarsening rate.  

Factors influencing the modeling parameters are further discussed later in the discussion.   
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Table 4.6 Calculated values of modeling parameters for Version 1 alloys. Φ, N Vm were obtained 

using Thermo-Calc TCNI8 database. 
 

Alloy 15Al-3Ti 5Al-10Ti 16Al-2Ta 11Al-3.5Ta 15Al-3Nb 11Al-4.5Nb 

Φ 0.687 0.516 0.713 0.450 0.680 0.503 

A(Φ) 19.23 15.06 19.87 13.45 19.07 14.76 

𝐷0
eff[m2/h] 0.517 0.501 0.461 0.417 0.494 0.475 

𝑄eff 
[kJ/mol] 

282.27 282.83 281.76 281.86 282.87 283.51 

𝐷eff [m
2/s] 5.46×10-19 4.95×10-19 5.16×10-19 4.62×10-19 4.85×10-19 4.33×10-19 

𝜎 [J/m2] 7.944×10-2 

N 0.597 0.535 0.629 0.572 0.614 0.549 

Vm 7.00×10-6 7.27×10-6 6.97×10-6 7.13×10-6 7.07×10-6 7.23×10-6 

k [nmh-1/3] 10.95 9.53 11.03 9.12 10.63 9.12 
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Figure 4.7 Predicted coarsening rates of Version 1 alloys (a) at various aging temperatures, (b) at 

750°C as a function of Al/X ratio, and (c) at 850°C as a function of Al/X ratio. 
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4.4 Discussion 

4.4.1 Microstructure characterization and phase field modeling 

The measured Al content was lower than the nominal compositions in all six alloys. At 

the surface of Ni-30Co-Al-Ti and Ni-30Co-Al-Nb systems, the thick layer of the mixture of 

aluminum oxide and titanium/niobium oxide was observed after homogenization heat treatment 

whereas it was not observed in Ni-30Co-Al-Ta system. These oxide layers may have prevented 

further aluminum loss during the aging treatment. Also, the difference in Al content between the 

nominal and measured composition may have happened due to the Al evaporation during the 

fabrication process. Yan et al [70] added excess Al to the nominal content in order to compensate 

for the evaporation of Al during arc melting.  

The cuboidal ’ precipitates were coherently distributed with a high volume fraction of ’ 

precipitates. Antonov et al [54] stated that a third phase (δ or η) was likely to form when the 

Al:Ti+Nb+Ta ratio was less than 0.85. In our study, 5Al-10Ti exhibited Al:Ti of 0.5, but the third 

phase did not form in this alloy system, as predicted via Thermo-Calc. Although the effect of other 

Figure 4.8 Comparison between predicted and experimentally obtained precipitate size for Ni-

30Co-15Al-3Ti and Ni-30Co-16Al-2Ta at 750°C. The precipitate size of as-homogenized alloys 

was plotted as 0h. 
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alloying elements needed to be considered, high Co content and a lack of Cr could enlarge and 

stabilize +’ phase field [71].  

The ’ precipitate size was observed to be 120-640 nm, and the experimentally-measured 

’ volume fraction was 50.7-64.5%. The optimum ’ precipitate size and ’ volume fraction of 

single crystal Ni-based superalloys were approximately 200-500 nm and 65-70%, respectively [60]. 

Compared to these values, the designed six alloys likely exhibited adequate ’ precipitate sizes and 

’ volume fractions for further mechanical testing. 

4.4.2 ’-solvus temperature 

The measured ’ solvus temperature was about 55°C lower than predicted values in the 

heating curve of 15Al-3Ti, and 110-170°C higher in 11Al-3.5Ta, 15Al-3Nb, and 11Al-4.5Nb. The 

measured value was in good agreement with the predicted values 5Al-10Ti and 16Al-2Ta. For 

these two alloys, the difference between measured and predicted values were less than 30°C. While 

having a higher ’ solvus temperature was desirable in terms of alloy design for future alloy 

development, the reason behind having such a significantly higher ’ solvus temperature was still 

unclear. One of the possible reasons was due to high Co content. Lass et al [72] investigated the ’ 

solvus temperature of Co-Ni based superalloys and reported the experimentally measured ’ solvus 

temperature of high Ni content alloys was about 100°C higher than their predicted values which 

also calculated by using Thermo-Calc TCNI8 database. They pointed out the inaccuracy of Ta 

addition to Co-Al-W ternary system and further improvement of the database was necessary. In 

our cases ’ solvus temperature is also underestimated for Ta and Nb additions, which agreed with 

the experimental results of Lass et al.  

4.4.3 Mechanical properties 

The hardness of alloys with a small ’ size was greater than those containing a large ’ size. 

At precipitate sizes above the peak hardness, it is well known that the strength of Ni-based alloys 

containing ’ precipitates follows a 𝜎𝑦 ∝ 𝑑−1/2 relationship [73]. In an attempt to account for 

changes in the ’ size and volume fraction, we utilized a relationship derived by Lapin et al [69] 

for CMSX-4, given in Eq. 6. Assuming changes to the ’ size and volume fraction were accounted 
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for from this analysis, we observed that the normalized hardness was higher for alloys with low 

Al:Ti+Nb+Ta content. This indicates the microstructure effect dominates the hardness at low 

temperatures since segregation most likely does not occur due to the low mobility of solutes. The 

Ni-30Co-Al-Ti systems exhibited a significant difference in the normalized hardness between low-

Ti and high-Ti content. These elements are well-known to strongly increase the SISF energies [74] 

and APB energies in Ni-based alloys [75]. Changes to planar defect energies can significantly 

influence the hardness and yield strength of these alloys. However, many parameters that affected 

the hardness still need to be considered since the solute effect was not directly assessed this time. 

4.4.4 Coarsening rate modeling 

In all three systems, High Al – Low X alloys exhibited larger 𝐷eff
0  compared to Low Al – 

High X alloys. Since 𝐷0
𝐴𝑙,𝑁𝑖

is significantly larger than other elements, Al content of each alloy 

composition dominated to determine the magnitude of 𝐷eff
0 . As a result of having larger 𝐷eff

0 , these 

alloys also exhibited higher Deff, therefore the coarsening rates of them were larger than the values 

of Low Al – High X alloys. Furthermore, Deff values were significantly increased as temperature 

increased as shown in Figure 4.9. In addition, Deff,  of High Al – Low X alloys is larger than 

Low Al – High X alloys. This contributed to obtaining larger A() values than the ones for Low 

Al – High X alloys, which was another important parameter to attain larger coarsening rates. 

Compared to the differences in  and A(), the differences in Deff were in an order of magnitude. 

Hence, the effect of Deff on the coarsening rates was the most significant both at the same 

temperature and at increasing temperature. These results were consistent with Cheng et al [62] and 

Li et al [63] that also confirmed that the alloy and showing higher Deff exhibited a higher 

coarsening rate and it also increased with the increase of temperature.  

 In both 15Al-3Ti and 16Al-2Ta, the measured precipitate size after 50 h of aging was 

approximately 10 nm smaller than the prediction whereas they were in good agreement after 105 

h aging. This indicated that the coarsening rate of Version 1 alloys can be calculated precisely by 

the employed model. 

 The effect of the coarsening rate at aging heat treatment was investigated in this study. 

However, even though the estimated required aging time can be calculated by the employed model, 

it would be significantly longer than the current schedule in order to obtain the target edge length 



 

 

77 

of precipitates. Wu et al [76] reported the cooling rate after solution heat treatment has strongly 

influenced the size and shape of secondary ’ precipitates. The slower cooling rates resulted larger 

precipitate size due to the longer time for diffusion of ’ formers. Therefore, the cooling rate after 

homogenizing heat treatment needs to be assessed for further improvement of the heat treatment 

schedule. 

 Based on these findings, in Chapter 5, the heat treatment schedule was improved in order 

to obtain the target microstructure.  

 

 

4.5 Conclusion 

1. A two phase +’ microstructure was obtained in all six model alloys derived from the Ni-

30Co-Al-X systems, where X = Ti, Nb, or Ta. Other phases were not observed in high-X 

content alloys as predicted via Thermo-Calc TCNI8 database. 

2. All six alloy compositions exhibited cuboidal ’ precipitates. The ’ precipitates varied 

significantly in size, from 120 nm to 640nm. The lower X content alloys exhibited significantly 

higher ’ volume fraction despite the thermodynamic prediction which expected the lower 

value in the range of 33 to 45%. 

 

 

Figure 4.9 (a) Deff of Version 1 alloys at various aging temperatures, and (b) at 750-1000°C 
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3. The experimentally measured ’-solvus temperature was in the range of 1100-1250°C and 

compared well to the thermodynamic database predictions, except for the Ni-30Co-Al-Nb 

system.  

4. The normalized hardness decreased as the Al:Ti+Nb+Ta content increased.This indicated the 

finer precipitates contributed to increasing the hardness effectively as well as the higher solid 

solution effect was expected with higher X content.  

5. The predicted coarsening rates for High Al – Low X alloys were larger compared to Low Al – 

High X alloys. The predicted and measured coarsening rates of 15Al-3Ti and 16Al-2Ta were 

in good agreement at 750°C.  
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5.1 Introduction 

In Chapter 4, the design of Phase 1 model alloys (Ni-30Co-Al-X) via using Thermodynamic 

calculations was discussed and validated. The discussion was concluded as thermodynamic 

prediction could give us a precise estimation of obtainable microstructure and physical properties 

of model alloys. However, the parameters of Phase 1 alloys were not in comparable range. For 

instance, some alloys exhibited target microstructure with ideal ’ volume fraction while some 

alloys exhibited smaller ’ precipitate sizes and lower volume fractions. In addition, preliminary 

creep testing performed using one of Phase 1 alloys revealed that these alloys could not be survived 

under intermediate temperature with intermediate applied stress condition. Therefore, for 

performing high temperature mechanical testing, it is crucial to improve Phase 1 alloys in terms 

of optimizing microstructure and grain boundary strengthening.  

 It is well known that grain boundaries often became crack initiation sites due to their 

vulnerability. A number of past studies revealed that the minor addition of grain boundary 

strengthening elements such as C, B, Hf, and Zr can improve the high temperature strength of 

polycrystalline Ni-based superalloys. It has been experimentally observed that these elements 

resides at grain boundaries and formed borides or carbides along with heavy elements, and their  

presence at grain boundaries ultimately improved the high temperature creep properties by 

preventing grain boundary sliding and damage accumulation. Grain boundary strengthening 

elements have been also re-introduced to the later generations of single crystal Ni-based 

superalloys due to their effect on reducing microsegregation and further strengthening for 

remaining low angle grain boundaries [6, 77]. Several hypotheses of strengthening mechanisms 

were presented over decades. Recently, high-resolution transmission electron microscopy 

(HRTEM) and EDX analysis enabled us to investigate the correlation between the formation of 
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borides and dislocation motion. Zhou et al [78] stated the substantial improvement of stress rupture 

life at high temperature because of the acceleration of dislocation motion at grain boundary due to 

B-doping to Ni3Al. Kontis et al [79] reported the addition of an appropriate amount of B improved 

the ductility at elevated temperature due to the change of grain boundary character by the presence 

of B. Zr is also known as one of the primary grain boundary strengthening elements of Ni-based 

superalloys along with B and effective to trap sulfur as a stable compound [80]. In spite of these 

findings, the fundamental mechanism of grain boundary strengthening by these elements is still 

under the discussion and actively explored.  

 In this chapter, the model alloy compositions were modified for polycrystalline usage via 

the CALPHAD method. For Phase 2 alloys, 0.2 at%B was added to enhance the grain boundaries 

to perform creep tests at intermediate temperature and under high stress. The heat treatment 

schedules were also modified to stabilize the edge length of ’ precipitate at approximately in the 

range of 500-600 nm. Later, the alloy composition was modified as Phase 3 for further 

strengthening. For Phase 3 alloys, 0.03 at%Zr was added along with increasing B content to 0.5 

at% while maintaining the target precipitate size and ’ volume fraction. The microstructure 

characterization and ’-solvus measurement were carried out for all Phase 2 and selected Phase 3 

alloy. Creep test were performed using a selected Phase 2 alloy in order to investigate if the grain 

boundary strengthening is sufficient. The further improvement of creep resistance was discussed.  

5.2 Methodology 

5.2.1 Thermodynamic modeling and composition selection 

Isothermal sections of pseudo-ternary systems were calculated via Thermo-Calc in order 

to select Phase 2 (via TCNI8) and 3 (via TCNI10) model alloys. Following the alloy design 

strategy of Phase 1 alloys, two particular compositions were selected from the +’ two phase field 

of predicted equilibrium diagrams: (a) high Al content with low X content, and (b) low Al content 

with high X content. Compared to Phase 1 compositions (Ni-30Co-Al-X, at%), for Phase 2 alloys, 

Al content was increased in order to optimize the size and volume fraction of ’ phase (65-70%), 

and 0.2 at%B was added as a grain boundary strengthener. Suzuki et al [87] recently reported that 

polycrystalline B-containing Ni-Co based alloys with Co/Ni ratio of 0.59 exhibited promising 
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creep resistance. Since our Phase 2 alloys have similar Co/Ni ratio, for Phase 3 alloys, while 

maintaining Al content close to Phase 2 alloys for optimizing volume fraction of ’ phase, 0.03 

at%Zr and 0.5 at%B were added to increase the grain boundary strengthening effect. The six 

selected compositions of Phase 2 and 3 alloys are listed in Table 5.1 and 5.2, and plotted in Figure 

5.1. Pseudo-binary isopleth sections of model alloys as a function of Al content and property 

diagrams were also calculated to determine the appropriate heat treatment schedule that brings an 

adequate ’ volume fraction (65-70%). Since the predicted heat treatment windows of Phase 2 and 

3 alloys were significantly narrower than Phase 1 alloys, heat treatment schedules based on 

Thermo-Calc calculations were validated using differential scanning calorimetry (DSC) 

measurement, then decide the actual homogenizing treatment temperatures. The heat treatment 

schedules are shown in Table 5.3. For Phase 2 alloys, aging heat treatment was not performed 

because the edge length of ’ precipitates reached to target range only by homogenizing heat 

treatment.  

 

Table 5.1 Nominal (measured) composition for Phase 2 alloys (Ni-30Co-Al-X-0.2B, at.%). Ni is 

balance. B was not able to detect by EDS. 
 

Alloy Al/Ti+Ta+Nb Co Al Ti Ta Nb B 

15Al-3Ti-0.2B 5 
30 

(28.81)  

15 

(12.04) 

3 

(3.36) 
- - 

0.2 

9Al-7Ti-0.2B 1.29 
30 

(29.89) 

9 

(7.87) 

7 

(7.52) 
- - 

16Al-2Ta-0.2B 8 
30 

(29.8) 

16 

(12.7) 
- 

2 

(2.47) 
- 

14Al-3Ta-0.2B 4.67 
30 

(27.06) 

14 

(11.83) 
- 

3 

(4.32) 
- 

15Al-3Nb-0.2B 5 
30 

(29.38) 

15 

(12.47) 
- - 

3 

(2.11) 

14Al-3.6Nb-0.2B 3.89 
30 

(29.42) 

14 

(11.83) 
- - 

3.6 

(2.26) 
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Table 5.2 Nominal (measured) composition for Phase 3 alloys (Ni-30Co-Al-X-0.03Zr-0.5B, 

at.%). Ni is balance. Zr and B were not detected by EDS. 
 

Alloy (Al-X) 
Al/Ti+Ta+N

b 
Co Al Ti Ta Nb Zr B 

15Al-3Ti 5 30 15 3 - - 

0.03 0.5 

10Al-7Ti 1.43 
30 

(31.6) 

10 

(10.33) 

7 

(7.6) 
- - 

15.5Al-2Ta 8 30 15.5 - 2 - 

14Al-3Ta 4.67 30 14 - 3 - 

15Al-3Nb 5 30 15 - - 3 

14Al-3.6Nb 3.89 30 14 - - 3.6 
 

  

 

Table 5.3 Heat treatment schedules for Phase 2 alloys(FC: furnace cool with 18-20°C/min 

cooling rate) 
 

Alloy Homogenizing 

15Al-3Ti-0.2B 1235°C-24h-FC 

9Al-7Ti-0.2B 

16Al-2Ta-0.2B 1150°C-24h-FC +1300°C-24h-FC 

14Al-3Ta-0.2B 

15Al-3Nb-0.2B 1135°C-24h-FC +1260°C-24h-FC 

14Al-3.6Nb-0.2B 

 

Table 5.4 Heat treatment schedules for Phase 3 alloys (FC: furnace cool with 18-20°C/min 

cooling rate) 

Alloy Homogenizing Aging 

15Al-3Ti-0.03Zr-0.5B 1300°C-24h-FC 

850°C-70h-AC 

10Al-7Ti-0.03Zr-0.5B 1180°C-48h-FC + 1200°C-24h-FC 

15.5Al-2Ta-0.03Zr-0.5B 1160°C-24h-FC 

14Al-3Ta-0.03Zr-0.5B 1312°C-24h-FC 

15Al-3Nb-0.03Zr-0.5B 1160°C-24h-FC 

14Al-3.6Nb-0.03Zr-0.5B 1140°C-24h-FC 

*Heat treatment schedule for Phase 2 alloys and 10Al-7Ti-0.03Zr-0.5B and 14Al-3Ta-0.03Zr-0.5B 

from Phase 3 alloys were actual temperature and time used for homogenizing treatment. Other 

Phase 3 alloys were listed based on prediction based on TCNI10.  
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5.2.2 Alloy fabrication and Microstructure characterization 

Model alloys were arc melted under a flowing Ar atmosphere with a Ti getter to produce 

button ingots for Phase 2 alloys (approximately 10g for each) and selected Phase 3 alloys 

(approximately 15g for each). In order to include the significantly small quantities of B to each 

ingot, Two-step arc melting process was employed. Firstly, Ni-20B (for Phase 2 alloys) and Ni-

12.9B (at%) (for Phase 3 alloys) master ingots were made, then 0.5-1.2g of pieces were cut out 

from them. Secondary, these pieces were melted with other alloying elements to add B to make 

the alloys have target compositions. In order to prevent Al loss during arc melting, 1.5wt% Al was 

added [47]. The ingots were heat treated following the schedules in Table 4.2. Microstructure 

characterization was carried out using FEI Quanta 3D FEG and Quanta 650 scanning electron 

microscopes (SEM) with a backscatter electron detector in order. In addition, alloy compositions 

were measured by energy dispersive X-ray spectroscopy (EDS). For SEM analysis, the specimens 

were mechanically ground using SiC paper to 2000 grit, polished from 6 µm to 1 µm with diamond 

paste, and vibratory polished for 3.5 hours using 0.06 µm colloidal silica.  

Figure 5.1 Selected compositions of Phase 1, 2, and 3 alloy compositions plotted as a function of 

Al:Nb+Ta+Ti 
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5.2.3 ’-solvus temperature measurement 

Differential scanning calorimetry (DSC) was employed using a Setaram Setsys Evolution 

16/18 system to determine the melting temperature and ’ solvus temperature. The heat treated 

alloys were cut to a thickness between 2.0 to 3.0 mm by electro-discharge machining (EDM), and 

were then ground to remove surface damage. The mass of each sample was approximately 100 to 

150 mg prior to the measurement. A heating rate of 10K/min and an associated argon flow rate of 

100 mL/min was employed for all measurements. All samples were heated at 10K/min scanning 

rate to 1500°C, held at 1500°C for 600s, then cooled at 10K/min to room temperature. Both melting 

temperature and ’-solvus temperature was determined from the beginning of the endothermic 

peak related to melting event and phase transformation event. They are verified by the beginning 

of the exothermic ordering reaction upon cooling. 

5.2.4 Vickers hardness testing 

Microhardness of the heat treated Phase 2 alloys was measured by Vickers 

microindentation using a Leco LMT-247 microhardness tester. The indent was spaced every 200 

m over 2 mm (10 measurements per specimen) with a load of 500 g. 

5.2.5 Creep test 

ATS WinCCS Lever Arm Tester with air furnace was employed to perform creep tests 

using compression creep flame. A 6.80 mm-long and 4.27 mm-diameter cylindrical compression 

creep specimen was machined from Ni-30Co-16Al-2Ta-0.2B(at%), and a 5.7 mm-long and 3.6 

mm-diameter cylindrical compression creep specimen was machined from Ni-30Co-14Al-3Ta-

0.03Zr-0.5B alloys. Two silicon carbide plates were placed in the creep flame, then the specimen 

was placed in between them. Extensometer was attached to the bottom of the creep flame to 

measure the specimen displacement during the test. The bare tip of a K-type thermocouple was in 

contact with the specimen in order to measure the sample temperature. Once the furnace was 

heated up to setpoint, the test was initiated by applying the load. The tests were performed at 750°C 

with 180 MPa (Ni-30Co-16Al-2Ta-0.2B) and 750°C with 380 MPa (Ni-30Co-14Al-3Ta-0.03Zr-

0.5B) , and was interrupted as the total plastic strain reached 2% and 0.8%, respectively. The 
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middle section of the post-creep test specimen was sectioned by EDM to investigate the crept 

microstructure via Quanta 650 SEM with a backscatter electron detector. 

5.3 Results 

5.3.1 Thermodynamic modeling 

The predicted phase equilibria at 850°C of pseudo-ternary Ni-30Co-Al-X-0.2B (Phase 2) 

and Ni-30Co-Al-X-0.03Zr-0.5B (Phase 3) (at.%, X=Ti, Ta, Nb) systems are shown in Figure 5.2 

and Figure 5.3.  B, and B' represented three different boride phases as (Co, Ni)20(Al,Ti,Ta,Nb)3B6, 

(Al,Nb,Ta,Ti,Zr)B2, and (Co,Ni)3B, respectively [82]. In both Phase 2 and 3, relatively large +’+ 

 phase fields were obtained with the addition of Ti. The +’+  phase field became smaller by 

the addition of Ta and Nb while the phase fields with  or  (D024 or D0a structure) were enlarged. 

These results were consistent with Phase 1 and indicated that the small addition of B and Zr did 

not affect the third phase stabilizing effect of Ta and Nb. Ni-30Co-Al-Nb-0.03Zr-0.5B alloys were 

predicted to have two different types of borides in addition to  phase whereas Ni-30Co-Al-Nb-

0.2B alloys exhibit only one type.  
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Figure 5.2 Calculated isothermal sections of (a) Ni-30Co-Al-Ti-0.2B, (b) Ni-30Co-Al-Ta-0.2B, 

(c) Ni-30Co-Al-Nb-0.2B pseudo-ternary at 850°C. Solid circle symbols represent the nominal 

compositions of High Al – Low X alloys while the empty star symbols represent the nominal 

compositions of Low Al – High X alloys. B represents one of the boride phases, (Co, 

Ni)20(Al,Ti,Ta,Nb)3B6. 
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Figure 5.3 Calculated isothermal sections of (a) Ni-30Co-Al-Ti-0.03Zr-0.5B, (b) Ni-30Co-Al-

Ta-0.03Zr-0.5B pseudo-ternary at 900°C, and (c) Ni-30Co-Al-Nb-0.03Zr-0.5B at 890°C. Solid 

circle symbols represent the nominal compositions of High Al – Low X alloys while the solid 

star symbols represent the nominal compositions of Low Al – High X alloys. B and B’ represent 

boride phases having different Strukturbericht Designation, (Co, Ni)20(Al,Ti,Ta,Nb)3B6 and 

(Co,Ni)3B, respectively. 
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The predicted ’ solvus temperature, solidus temperature of High Al – Low X alloys of 

Phase 1, 2, 3 were shown in Figure 5.4. For ’ solvus temperature, there was no noticeable 

difference between Phase 1 alloys and Phase 2 and 3 alloys whereas there is an obvious difference 

in solidus temperatures. The predicted solidus temperatures of Ni-30Co-Al-Ti-0.2B and Ni-30Co-

Al-Ti-0.03Zr-0.5B alloys decreased 30°C and 47°C, respectively. Compared to Ti-containing 

alloys, the decrease of solidus temperatures of Ta- and Nb-containing alloys was significantly large. 

The predicted solidus temperatures of Ni-30Co-Al-(Ta,Nb)-0.2B and Ni-30Co-Al-(Ta,Nb)-

0.03Zr-0.5B decreased approximately 220°C with B addition. This indicated that with Ta and Nb 

addition, B would decrease the phase stability of  phase at high temperatures, thereby they would 

have relatively narrow heat treatment windows in terms of performing homogenizing heat 

treatment. It was also revealed by property diagrams shown in Figure 5.5. The plateau of volume 

fraction as 1.0 in  phase corresponds to heat treatment windows. Compared to 15Al-3Ta-0.03Zr-

0.5B, the heat treatment windows of 15.5Al-2Ta-0.03Zr-0.5B and 15Al-3Nb-0.03Zr-0.5B were 

significantly narrow. Phase stability was also investigated by DSC measurements and was 

discussed later in this chapter. 

 

 

 

Figure 5.4 Predicted (a) ’-solvus temperatures and (b) solidus temperature of Phase 1 (No GB), 

2 (0.2B), and 3 (0.03Zr-0.5B) alloys. 
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Figure 5.5 Predicted volume fraction of existing phases in Ni-30Co-Al-X-0.03Zr-0.5B alloys 



 

 

92 

5.3.2 Microstructure 

The homogenized microstructure of Phase 2 alloys were shown in Figure 5.6. All six Phase 

2 alloys exhibited a +’ microstructure that was consistent with Thermo-Calc prediction via 

TCNI8. The ' phase was coherently embedded in the six alloys as evidenced by the cuboidal shape 

of the ’ phase. Although the formation of Borides was expected in prediction, they were not 

observed in all six alloys. In addition to cuboidal ’ precipitates with  channels microstructure, 

14Al-3Ta-0.2B and 9Al-7Ti-0.2B alloys have oval eutectic ’ near grain boundaries while 14Al-

3.6Nb have eutectic ’ exhibiting lamella morphology as shown in Figure 5.7. 14A-3Ta-0.2B 

exhibited continuous cuboidal ’.  

The homogenized microstructure of Ni-30Co-10Al-7Ti-0.03Zr-0.5B and Ni-30Co-14Al-

3Ta-0.03Zr-0.5B were shown in Figure 5.8. The multiple clusters of the distorted cuboidal ’ 

precipitates were observed in 10Al-7Ti-0.03Zr-0.5B. The size distribution of ’ precipitates was 

in the range of 480-2750 nm, and precipitates showing raft-like structure were also observed. On 

the other hand, 14Al-3Ta-0.03Zr-0.5B exhibited the +’ two phase structure with cuboidal ’ 

precipitates. Although B content was increased for Phase 3 alloys, borides were not observed at 

grain boundaries.  

 The measured and predicted ’ volume fractions and measured edge length of precipitates 

determined by using Image J are given in Table 5.4. The average edge length of cuboidal ' 

precipitates in all six Phase 2 alloys was in the range of 450-680 nm and 10Al-7Ti-0.03Zr-0.5B 

and 14Al-3Ta-0.03Zr-0.5B of Phase 3 alloys was 1130 nm and 530 nm, respectively. The 

measured ’ volume fraction of Phase 2 alloys and 14Al-3Ta-0.03Zr-0.5B was mostly in good 

agreement with the predicted values whereas the measured ’ volume fraction of 10Al-7Ti-0.03Zr-

0.5B was significantly lower than the prediction. The predicted ’ volume fraction of 16Al-2Ta-

0.2B was -4.9% less than measured values whereas the predicted value of 15Al-3Nb-0.2B was 7.2% 

more than the prediction.  

 In terms of element X in the alloys, Ni-30Co-Al-Ti-0.2B alloys exhibited a larger average 

edge length of precipitates rather than Ni-30Co-Al-Ta-0.2B and Ni-30Co-Al-Nb-0.2B alloys. In 

addition, High Al – Low X alloys exhibited higher measured ’ volume fractions with smaller 

average edge lengths of precipitates regardless of element X. The suggested heat treatment 
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schedule with a cooling rate of 18°C/min, aiming to control the ’ volume fraction and the edge 

length of precipitates, was adequate to obtain the target microstructure.  
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Figure 5.6 SEM micrographs of Ni-30Co-Al-X-0.2B alloys after homogenizing treatment 

Figure 5.7 (a) eutectic ’ phase appeared near grain boundaries of 14Al-3Ta-0.2B, and (b) 14Al-

3.6Nb-0.2B. 
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Table 5.5 Measured and predicted ’ volume fraction at 750°C (Vf), and measured average edge 

length of ’ precipitates of Phase 2 and 3 alloys. The ’ volume fraction was predicted based on 

the nominal composition. 
 

 Al/Ti+Ta+Nb 
Measured 

Vf [%] 

Predicted Vf  

[%] 

Average edge length 

of precipitates [nm] 

15Al-3Ti-0.2B 5 67 68.4 610 

9Al-7Ti-0.2B 1.29 61 59.5 680 

16Al-2Ta-0.2B 8 70 65.1 470 

14Al-3Ta-0.2B 4.67 65 64.5 550 

15Al-3Nb-0.2B 5 65 72.2 540 

14Al-3.6Nb-0.2B 3.89 61 65.0 580 

10Al-7Ti-0.03Zr-0.5B 1.43 48 67.3 1130 

14Al-3Ta-0.03Zr-0.5B 4.67 70 64.1 530 

Figure 5.8 SEM micrographs of Ni-30Co-10Al-7Ti-0.03Zr-0.5B and Ni-30Co-14Al-3Ta-0.03Zr-

0.5B alloys after homogenizing treatment 
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5.3.3 ’-solvus temperature 

The DSC heating and cooling curves of homogenized Phase 2 alloys and 10Al-7Ti-

0.03Zr-0.5B from Phase 3 alloys were shown in Figure 5.9. Both ’ solvus and melting event was 

observed as endothermic peaks (heating) and exothermic peaks (cooling) in the heat flow signal.  

All six Phase 2 alloys and 14Al-3Ta-0.03Zr-0.5B exhibited small endothermic kinks 

corresponding to ’-solvus. They indicated that ’ precipitates dissolved slowly during heating 

over a broad temperature range as previously observed in Phase 1 alloys. In addition, the large 

endothermic peaks corresponding to the melting event were observed in all Phase 2 alloys. High 

Al – Low X exhibited higher solidus temperatures compared to Low Al – High X, which is 

consistent with the prediction. Onset temperatures of the heating curves and offset temperatures of 

the cooling curves are relevant. 

10Al-7Ti-0.03Zr-0.5B exhibited double endothermic peaks in both heating and cooling 

curves, unlike Phase 2 alloys. It is considered that each peak corresponds to ’ dissolving event 

and melting event. This indicated melting event started during or immediately after ’ dissolving 

event.  

 The measured and predicted ’ solvus and solidus temperatures were compared in Figure 

5.10. In Ni-30Co-Al-Ti-0.2B and 10Al-7Ti-0.03Zr-0.5B alloys, the measured ’ solvus 

temperatures were in good agreement with the predicted values (1201.1ºC compared to 1218ºC for 

15Al-3Ti-0.2B, 1221.1ºC compared to 1205ºC for 9Al-7Ti-0.2B, and 1262.8ºC compared to 

1228.4ºC for 10Al-7Ti-0.03Zr-0.5B); however, in the Ni-30Co-Al-Ta and Ni-30Co-Al-Nb 

systems, the measured ’ solvus temperature was much higher than the predicted value (1215.6 ºC 

compared to 1146ºC for 16Al-2Ta-0.2B, 1262.4ºC compared to 1100ºC for 14Al-3Ta-0.2B, 

1225.2ºC compared to 1109ºC for 15Al-3Nb-0.2B, 1216.5ºC compared to 1091.3 ºC for 14Al-

3.6Nb, 1271.6 ºC compared to 1104ºC for 14Al-3Ta-0.03Zr-0.5B). The measured solidus 

temperatures were significantly higher than the predicted values. In Ni-30Co-Al-Ti-0.2B, the 

measured ’ solvus temperature of 15Al-3Ti-0.2B was agreed with the predicted solidus (1326.9ºC 

compared to 1356ºC). However, the measured solidus of 9Al-7Ti-0.2B and 10Al-7Ti-0.03Zr-0.5B 

was approximately 60ºC higher than the predicted value. The measured solidus temperature of the 

other four alloys exhibited 150-200ºC higher than predictions.   
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Figure 5.9 DSC heating curves of Phase 2 (a) High Al – Low X alloys, (b) Low Al – High X, 

and Phase 3 (c) 10Al-7Ti-0.03Zr-0.5B and 14Al-3Ta-0.03Zr-0.5B alloys, and cooling curves 

of Phase 2 (d) High Al – Low X alloys, (e) Low Al – High X alloy, and Phase 3 (f) 10Al-7Ti-

0.03Zr-0.5B and 14Al-3Ta-0.03Zr-0.5B alloys 
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5.3.4 Vickers hardness measurement 

The measured Vickers hardness of Phase 2 alloys was shown in Figure 5.11. Regardless 

of element X in the alloys, Low X – High X exhibited higher hardness values. The difference of 

the hardness between High Al – Low X and Low Al – High X is 0.60 GPa for Ni-30Co-Al-Ti-

0.2B, 0.45 GPa for Ni-30Co-Al-Ta-0.2B, and 0.38 GPa for Ni-30Co-Al-Nb-0.2B. This is 

consistent with the difference of Al/Ti+Ta+Nb ratio between the alloy system, 3.71 for Ni-30Co-

Al-Ti-0.2B, 3.33 for Ni-30Co-Al-Ta-0.2B, and 1.11 for Ni-30Co-Al-Nb-0.2B. 

  

Figure 5.10 The comparison of measured and predicted (a) ’-solvus and (b) solidus temperatures 

of Phase 2 alloys and 10Al-7Ti-0.03Zr-0.5B, 14Al-3Ta-0.03Zr-0.5B alloys 
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5.3.5 Creep strength and post-creep microstructure 

The compressive creep curve and the creep rate of 16Al-2Ta-0.2B at 750ºC and 180MPa 

and 14Al-3Ta-0.03Zr-0.5B at 750ºC and 380MPa were shown in Figure 5.12. The creep rate 

rapidly increased at the beginning of the test, then decreased as creep strain increased from 0 to 

0.2, which corresponds to 0 to 10 hours of testing time. The creep rate gradually decreased after 

10 hours until the end of the test. 
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Figure 5.11 Vickers hardness as a function of Al/Ti+Ta+Nb ratio of Phase 2 alloys 
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The post-creep test microstructure of 16Al-2Ta-0.2B was investigated. The grain size was 

in the range of 500-1500 m. Both isolated and continuous cavities were observed at grain 

boundaries due to intergranular crack propagation as shown in Figure 5.13a. The grain boundaries, 

where grain boundary sliding was not severe, exhibited a serrated character as shown in Figure 

5.13b. In addition, the formation of grain boundary ’ was observed. At both grain boundary ’ 

and grain boundaries of these regions, an excess amount of B was detected by EDS measurement. 

Although a further detailed investigation is necessary to verify its existence and character, this 

result suggested that boride formation may have initiated during the creep test. The grains showed 

the formation of eutectic ’ along with grain boundaries, and shear bands formed across the grain 

as shown by the arrows in Figure 5.13c. The secondary cracks were initiated and propagated 

through the inside of grain boundary ’ layers and the interface of grain boundary ’/bulk alloy, 

but they never propagated to bulk alloy as shown in Figure 5.13d.  

 

 

 

Figure 5.12 (a) Creep curve and (b) creep rate of 16Al-2Ta-0.2B and 14Al-3Ta-0.03Zr-0.5B. 

Each test was  interrupted at approximately 2% strain (16Al-2Ta-0.2B) and 0.8% strain (14Al-

3Ta-0.03Zr-0.5B) for further microstructural analysis. 
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The post-creep test microstructure of 14Al-3Ta-0.03Zr-0.5B was shown in Figure 5.14. 

Compared to the before creep test, the number of pores in the alloy increased. In addition, eutectic 

’ formation at grain boundaries was observed at the region close to the sample surface as shown. 

As the distance from the sample surface to the center increased, the less and less eutectic ’ were 

observed. The bright white phase was observed at the region in between the eutectic ’. Compared 

to bulk Ta content (3 at%), 18-20 at% Ta was detected by EDS from this phase. While thick oxide 

layers were observed in 16Al-2Ta-0.2B, they were not observed in 14Al-3Ta-0.03Zr-0.5B. 

 

 

Figure 5.13 SEM micrographs of (a) overall crept structure, (b) near grain boundaries, (c) 

eutectic ’ and shear band formation, and (d) crack propagation at eutectic ’ of Ni-30Co-16Al-

2Ta-0.2B alloy tested to 2% creep at 750 ºC and 180MPa 
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5.4 Discussion 

5.4.1 Microstructure characterization and phase field modeling 

The measured Al content was lower than the nominal compositions in all Phase 2 alloys 

whereas they were in good agreement in 10Al-7Ti-0.03Zr-0.5B. The difference between the 

nominal and measured Al content was within 3.0 at%. In Phase 1 alloys, this difference was 6.5 

at%. Adding excess Al to nominal compositions could decrease the difference thereby helping to 

obtain the alloy having close to nominal composition via the lab-scale arc melting system. 

 The cuboidal ’ precipitates were coherently distributed with 65-70% volume fraction in 

all Phase 2 alloys. All of these alloys and 10Al-7Ti-0.03Zr-0.5B have more than 0.85 of 

Al:Ti+Ta+Nb ratio (see Table 5.4), but none of these alloys exhibited the third phase ( or ). 

This is consistent with the results reported by Antonov et al [54]. Furthermore, boride formation 

was not observed in all Phase 2 alloys although it was predicted by Thermo-Calc. The 

experimentally-measured solubility limit of B to Co is less than 0.163at% [83], and B to Ni is 

0.0813at% [84]. The B content of commercial single crystal Ni-based superalloys is normally in 

the range of 0.02-0.10 at% [84, 60], which is less than the solubility limit of B to these alloys. 

Typical Co content in commercial Ni-based superalloys is 5.0-10.0 at%, and all of our alloys have 

significantly higher Co content in comparison to those. Liu et al [85] reported that solubility of B 

Figure 5.14 SEM micrographs of (a) eutectic ’ formation near grain boundaries, and (b) boride 

observed in eutectic ’ of Ni-30Co-14Al-3Ta-0.03Zr-0.5B alloy tested to 0.8% creep at 750 ºC 

and 380MPa 
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to ’ phase was not strongly affected by the Al content of the alloy. Although the difference of 

complexity of commercial Ni-based superalloys and our alloys needs to be considered, our results 

indicated that high Co content could enlarge the solubility limit of B.  

10Al-7Ti-0.03Zr-0.5b exhibited unique microstructure. Bright phase exhibiting raft-like 

morphology was considered as  matrix. It has been studied and confirmed that the cooling rate 

from super-solvus temperature has been dominant to control the formation and size control of 

secondary and tertiary ’ precipitates [86]. Since our DSC measurement results confirmed that the 

primary ’ dissolving event and the melting event occurred continuously thereby there was no 

apparent homogenizing heat treatment window for this alloy composition. Therefore, together with 

the obtained microstructure, it was suggested that the primary ’ phase was not fully dissolved 

during homogenizing heat treatment. The alloy composition needs to be modified in order to create 

a safe homogenizing heat treatment window.  

 The ’ precipitate size was observed to be 470-680 nm, and the experimentally-measured 

’ volume fraction was 61-67%. The variance of the average edge length of ’ precipitates and 

their volume fraction in Phase 2 alloys became relatively small compared to Phase 1 alloys. For 

Phase 2 High Al – Low X alloys maintain the same Al and X content as Phase 1 High Al – Low 

X alloys. All Phase 2 High Al – Low X alloys exhibited +’ structure with coherently embedded 

cuboidal ’ precipitates. In Phase 2 alloys, the cooling rate from the homogenizing set points was 

controlled as 18-20°C/min whereas Phase 1 alloys were air cooled thereby the cooling rate was 

much larger than Phase 2. Since Phase 2 alloys stayed at a longer time at high temperatures due to 

a slower cooling rate, they took advantage of having a longer time to grow and coarsen secondary 

’ precipitates [87], thus ’ precipitates of Phase 1 alloys exhibited cuboidal morphology.  

5.4.2 ’-solvus temperature 

In Phase 2 alloys, Ni-30Co-Al-Ti-0.2B and Ni-30Co-Al-Ta-0.2B systems, Low Al – High 

X alloys exhibited higher ’ solvus temperatures compared to High Al – Low X alloys whereas in 

Ni-30Co-Al-Nb-0.2B system, High Al – Low Nb alloy exhibited higher ’ solvus temperature. In 

prediction, with all three X, High Al – Low X exhibited higher ’ solvus temperatures. Therefore, 

experimental results of Ni-30Co-Al-Ti-0.2B and Ni-30Co-Al-Ta-0.2B systems, and 14Al-3Ta-

0.03Zr-0.5B are opposite to prediction. The measured and predicted values of Ni-30Co-Al-Ti-0.2B 
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were mostly in good agreement whereas the difference between the measured and predicted values 

of the other four alloys were significant. The measured ’ solvus temperatures were 120-160ºC 

higher than predicted values. The measured and predicted ’ solvus temperature of 10Al-7Ti-

0.03Zr-0.5B was in agreement. These results were consistent with our findings in Phase 1 alloys. 

As we previously discussed in Chapter 3, the relationship between alloying elements and ’-solvus 

temperature is still under the discussion. As Lass et al [72, 88] stated, the thermodynamic database 

significantly underestimated Ta effect to increasing ’ solvus temperature of CoNi-based system. 

In addition, they experimentally observed that Ta and Ti addition to Co-based system significantly 

increased ’ solvus temperature. Further improvement of the database is crucial to improve the 

precision of prediction.  

The measured solidus temperatures were much higher in all Phase 2 alloys and two of 

Phase 3 alloys. The measured High Al – Low X exhibited higher solidus temperatures compared 

to Low Al – High X, which is consistent with the prediction. Comparing the solidus temperatures 

of 9Al-7Ti-0.5B and 10Al-7Ti-0.03Zr-0.5B, it is obvious that solidus temperatures decreased as 

B content increased. It is experimentally observed that B addition to Ni-based superalloys 

decreases the solidus temperature [80, 89]. This was also predicted by thermodynamic calculation 

as shown in Figure 5.4. 

5.4.3 Vickers hardness  

Regardless of X, Low Al – High X alloys exhibited higher hardness values. Since these 

alloys were close to +’+’+ phase field boundaries, the segregation of element X to stacking 

faults was expected in these alloys. Yang et al [90] reported the first principles study of the effect 

of alloying elements on stacking fault energy and argued that Ti and Ta increased stacking fault 

energy at ’-Ni3Al. In addition, Egan et al [14] suggested the possible effect of Nb to increase the 

stacking fault energy. Furthermore, the effect of solid solution strenghteining by element X need 

to be considered. According to Thermo-Calc predction with TCNI10 database, the element X 

content in  phase were higher in Low Al – High X than High Al - Low X alloys as shown in Table 

Table 5.6. Our results are consistent with Tin’s hypothesis and these findings, therefore it is 

expected that Low Al – High X alloys would exhibit superior creep resistance.  
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Table 5.6 Predcited mole fraction of element X in  phase 
 

 
15Al-3Ti 

-0.2B 

9Al-7Ti 

-0.2B 

16Al-2Ta 

-0.2B 

14Al-3Ta 

-0.2B 

15Al-3Nb 

-0.2B 

14Al-3.6Nb 

-0.2B 

Mole fraction of 

X (Ti, Ta, Nb) 
3.06×10-3 2.05×10-2 8.60×10-3 1.08×10-2 7.48×10-3 9.55×10-3 

 

5.4.4 Creep performance and post-creep microstructure 

In our test, the creep strain rapidly increased then decreased shortly after it reached the 

maximum value. After this phenomenon, the creep strain monotonically increased while the creep 

rate decreased. This indicated that the primary creep deformation occurred with the initial drastic 

increase and decrease of creep rate, then moved to the secondary creep deformation [91]. 

Compared to 16Al-2Ta-0.2B and 14Al-3Ta-0.03Zr-0.5B, 14Al-3Ta-0.03Zr-0.5B exhibited 

superior creep resistance even though we employed more than twice higher applied stress for this 

alloy. Although we need to consider the possible strengthening effect by the difference of Ta 

content, this indicates that the alloy was successfully strengthened by increasing the amount of 

grain boundary strengthener. Yamashita and Kakehi [92] performed a compression creep test using 

PWA1480 with 750°C and 750 MPa and reported the secondary creep rate of 10-8s-1. Since the 

applied stress for our test was much lower than Yamashita and Kakehi’s case, this indicated that 

16Al-2Ta-0.2B and 14Al-3TA-0.03Zr-0.5B deformed significantly faster compared to the first 

generation of commercial Ni-based superalloys. Since our test was performed in the air and our 

alloy doesn’t have Cr, which improves oxidation resistance, oxidation at grain boundaries is 

accelerated by applied stress thereby deforming rapidly.  

 Although there was no undesired phase formation in as-homogenized state, grain boundary 

’ was observed after the creep test. Zhao et al [89] reported that B addition increased the volume 

fraction of eutectic ’ near grain boundaries, where were eventually identified as the primary crack 

initiation sites, and it triggered the decrease of the creep rupture life. In addition, Ge et al [93] 

hypothesized and experimentally observed that nano-sized boride could form in eutectic ’ during 

creep testing and could degrade the overall creep performance. In addition to B, Co and Ni that 

exceeded the normal composition was also detected at grain boundary ’. According to our 

prediction, 16Al-2Ta-0.2B would have  phase, which is represented as (Co,Ni)30B6(Al, Ta)3. 
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These indicated  phase may be formed and grown during the test. Although we did not observe 

borides in crept microstructure as blocky or fish-bone shape structures as typically reported, the 

detection of B together with detection of high Co and Ni was suggested the possibility of finding 

fine borides in grain boundary ’. Further analysis such as X-ray diffraction (XRD) analysis and 

high imaging by HRTEM needs to be performed to confirm the existence of borides.  

5.5 Conclusion 

1. A two phase +’ microstructure was obtained in all Phase 2 alloys and Phase 3 alloys, which 

were derived from the Ni-30Co-Al-X-0.2B and Ni-30Co-Al-X-0.03Zr-0.5B systems 

respectively, where X = Ti, Nb, or Ta. However, third phases and boride formation were not 

observed, which disagrees with Thermo-Calc TCNI10 predictions.  

2. All Phase 2 alloys and 14Al-3Ta-0.03Zr-0.5B alloy exhibited cuboidal ’ precipitates whereas 

10Al-7Ti-0.03Zr-0.5B alloy exhibited the unique microstructure related to the undissolved 

primary ’. The average edge length of precipitates and volume fraction were in the target 

range of 470-680 nm and 61-70% in all six Phase 2 alloys.  

3. The experimentally measured ’-solvus temperature and solidus were in the range of 1200-

1265°C and 1300-1350°C, respectively. The TCNI10 prediction significantly underestimated 

both ’-solvus temperature and solidus of Ni-30Co-Al-Ta-0.2B and Ni-30Co-Al-Nb-0.2B 

systems. 

4. The Phase 3 alloy exhibited superior creep resistance compared to Phase 2 alloys due to 

increasing the amount of grain boundary strengthener. 

5. Grain boundary ’ was observed in the post-creep specimen. They were identified as primary 

crack initiation sites. Cracks were observed to within them as well as the interface of grain 

boundary ’/bulk.   
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 CONCLUSIONS AND FUTURE WORK RECOMMENDATION 

6.1 Conclusions   

The objective of this work is to investigate solute segregation at planar defects in Ni-

based alloys systems and design new model alloys that enable careful control of composition and 

microstructure variables to elucidate the role of Co, Ta, Ti, and Nb on solute segregation. The 

significant findings that help to address the knowledge gaps identified in Ch. 1 of this work were: 

 

• Microtwinning and planar defect formation was observed after cold work deformation in 

a Co-40at.%Ni alloy. Subsequent annealing revealed alterations to the magnetic 

properties, namely that the coercivity and remnant magnetization decreased with 

increasing annealing time. These changes were attributed to Co segregation to the 

deformation-induced planar defects. Although not directly observed, this phenomena is 

supported by first-principles calculations from the literature. 

• The novel process of float zone melting was identified and ideal processing parameters 

were determined for optimal growth of planar-front material in a commercially-available 

Ni-based superalloy. This process eliminated carbide formation and solidification-based 

defects that are commonly observed in Bridgman casting conditions. Furthermore, the 

as-solidified and -cooled microstructure exhibited a cuboidal ’ microstructure with a 

volume fraction and size comparable to those obtainied from standard practice heat 

treatments of the alloy. The elimination of solidification defects may prove beneficial for 

enhancement of mechanical properties such as creep, fatigue, and oxidation resistance. 

• A set of novel, Cr-free model NiCo-based alloys were successfully designed, aimed at 

minimizing variations in ’ volume fraction, size, and morphology while enabling 

variations in solute composition. Experiments revealed that substituting Ti, Ta, or Nb for 

Al significantly increased the room temperature hardness, suggesting a very strong 

dependence on the planar defect energies with composition. These alloys will serve as 

model alloys to further investigate the effects of Co, Ti, Ta, and Nb on the segregation 

behavior to planar defects during elevated temperature creep in the future. 

 



 

 

110 

 Expanding on these points, past studies revealed that the effect of segregation of certain 

alloying elements could either increase or decrease stacking fault energy thereby changing the 

deformation mechanism. The investigation of the effect of Co segregation on planar defects 

(Chapter 2) confirmed that the dominant deformation mechanism of Co-40at%Ni was deformation 

twinning due to its low stacking fault energy (SFE) in the alloy system, although isolated intrinsic 

stacking faults were observed in the microstructure. Also, it was revealed that Co segregation to 

planar defects increased magnetization.  

 Fabrication of a single crystal Ni-based superalloy via levitation zone melting (Chapter 3) 

revealed that a completely homogenized grain boundary-free and carbide-free single crystal 

(planar front single crystal) could be fabricated by decreasing solidification rate and increasing 

thermal gradient compared to typical Bridgman conditions. Since the composition, microstructure, 

and hardness of planar front single crystal was comparable to these of directionally-solidified alloy 

fabricated by Bridgeman casting method, this work shows the feasibility of the fabrication of a 

perfect single crystal with very complex compositions. Future work could utilize this process to 

fabricate defect-free single crystals of the Ni-Co-Al-X alloys explored in Chapters 4 and 5, as it 

would eliminate complications of grain boundary phases and deformation during creep. 

By a parametric study of model NiCo-based superalloys (Chapter 4, 5), the effect of bulk 

alloy composition on physical metallurgy, microstructure, and mechanical properties were 

investigated. Our thermodynamic prediction revealed the small difference of bulk alloy 

composition, especially an increase of / formers (Ti, Ta, Nb) could make the +’ microstructure 

unstable at a given temperature below the ’-solvus temperature. Small changes to the 

concentration of /-forming elements also affected the coarsening rate and solid solution strength 

by these elements. Alloys with a high content of /-forming elements exhibited a lower 

coarsening rate due to their relatively smaller diffusion coefficients compared to other alloying 

elements.  

Although the model NiCo-alloys exhibited similar microstructures in Chapter 5 (Phase 2 

and 3), those alloys exhibited different hardness values. For example, with higher content of /-

forming elements (Low Al – High X alloys), the alloys exhibited higher hardness values. This 

suggested that higher / forming elements containing alloys have higher planar defect energy 

due to the segregation of these alloying elements as it was initially hypothesized in alloy design 
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strategy. In addition, according to thermodynamic predictions, these alloys were predicted to have 

higher / forming elements in the matrix  phase thereby expecting a more solid solution 

strengthening effect. The creep tests using alloys exhibited similar microstructure but different 

amounts of grain boundary strengthening elements revealed the alloys were successfully 

strengthened by increasing grain boundary straightener content.  

 In this dissertation work, it was discovered the high sensitivity to / forming elements in 

bulk alloy compositions to the parameters that dominate the microstructure and mechanical 

properties of +’ strengthening alloys. Although all Phase 1, 2, 3 alloys were predicted to exhibit 

+’ two phase structure, less than 1 at% difference of / forming elements in the bulk alloy 

compositions varied phase stability of +’ two phase field significantly. The addition of / 

forming elements made the +’ two phase field unstable, and this made it very challenging to 

control and optimize the microstructure to have a similar size, morphology, and volume fraction 

of ’ precipitates while changing / forming element content in the model alloys. In addition, it 

was suggested that the deformation mechanism was also very sensitive to / forming elements 

in the bulk alloy compositions. The difference of hardness of Phase 2 alloys, which all alloys 

exhibited +’ two phase structure with similar size and volume fraction of ’ precipitates, 

indicated that the very small difference in bulk alloy compositions activated the different 

deformation mechanisms.  

At present, significant effort is dedicated to investigating the correlation between solute 

segregation and deformation mechanisms during elevated temperature creep. However, it is still 

unknown how the bulk alloy composition affects the deformation mechanisms, and what element 

is responsible for and/or is strongly dependent on the newly proposed deformation mechanisms 

involving segregation at planar defects (i.e. LPTS or microtwinning). Furthermore, the driving 

force for these elements to segregate is still largely unknown. Because our model alloys were 

relatively simple and excluded Cr additions, this dissertation work provides alloys to the 

community that exhibits similar microstructures (average cuboidal ’ precipitate that is 570 nm in 

size with a 65% volume fraction), but contain various Al:X (X=/ forming elements) ratios that 

enable investigation of the effect of planar defect energies and solute segregation on deformation 

mechanisms during elevated temperature creep. Additionally, we observed that even less than 1 

at% changes to alloying elements, especially / former content, can increase the hardness by 115% 
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which suggests that slight alloying modifications can be made a significant impact to planar defect 

energies in these alloy systems. Therefore, finding the point of transition of deformation 

mechanism and how these alloying elements can enlarge/reduce the compositional field with LPTS 

would be key to controlling the deformation mechanism thereby enabling further improvement of 

superalloys. 

6.2 Future work 

6.2.1 The study of Suzuki segregation in Co-Ni binary system 

Future work should determine whether Co is segregating to these twin boundaries and 

intrinsic stacking fault boundaries, and Lorentz microscopy could be used to characterize the 

magnetic behavior around the planar defects. To identify the Co segregation at planar defects, 

HRSTEM-EDS is required to characterize the structure and composition at planar defects. EDS 

scan was previously performed over the edge-on microtwins without atomic resolution, but Co 

segregation was not detected. Atomic-resolution imaging is required in order to detect Co 

segregation. However, it has been very difficult to obtain atomic resolution due to using the 3 mm 

disk shape ferromagnetic sample. Reducing the sample dimension allows us to reduce the magnetic 

field effect to an electron beam. Since previously-made lamella was deformed, making a lamella 

sample is strongly recommended. If EDS data from stacking faults are necessary, increasing 

stacking fault energy (SFE) of the alloy system by adding one more element or increasing Co 

content is suggested. Increasing SFE allows us to change the deformation mechanism from 

deformation twining to dislocation glide, thereby the stacking fault probability increases.  

6.2.2 Design of Cr-free NiCo-based superalloys for the study of solute segregation at planar 

defects 

In order to investigate planar defects and solute segregation in these defects, the applied 

stress for future creep testing must be increased in order to activate ’ shearing by dislocation 

motion. Our findings indicated that Phase 2 alloys may be further strengthened by adding 

substantial aging heat treatment to grow borides. Also, the crept structure of Phase 2 alloy revealed 

that our alloys experienced severe stress-induced oxidation at grain boundaries that accelerated the 
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deformation drastically even at low applied stress. Therefore, oxidation must be prevented by 

applying a coating that can inhibit inducing oxygen during the test.  

Comparing the creep performance of Phase 3 alloys will reveal the difference of 

deformation mechanisms between higher and lower / former content alloys. The final 

identification of the deformation mechanism will be determined by identifying the defect 

formation via TEM imaging and eventually the segregation of / formers at planar defects will 

be investigated by HRSTEM-EDS. 


